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Electrical Resistivity of Liquid Metals and of Dilute 


Liquid Metallic Solutions 


by E. Scala and W. D. Robertson 


Electrical resistivity of a number of pure liquid metals and alloys 


has been measured as a function of temperature and composition. 
The data show a close correspondence between the liquid and solid 
states with respect to thermal, structural, and compositional rela- 


tionships. 


TUDY of diffuse scattering of X-rays by liquid 
metals' has demonstrated that some degree of 
order persists above the melting point and that the 
atomic constitution of liquids is more analogous to 
the solid state than to a gas. Consideration of the 
change in various thermodynamic properties that 
accompanies transformation from solid to liquid 
leads to the same general conclusion.’ Nevertheless, 
specific knowledge of the constitution of the liquid 
state is limited when compared with that of the 
solid and gaseous states owing, in part, to the diffi- 
culty of interpreting the X-ray data and in part 
to the indirect character of deductions based on 
thermodynamic data. 
Of the structure-sensitive physical properties, 
electrical resistivity of liquid metals is perhaps the 
most easily interpretable, particularly when com- 
parison is made with the solid state. According 
to the available data, most of which was obtained 
prior to 1914, cubic metals exhibit a normal linear 
and positive temperature dependence in the liquid 
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state and the data have been accepted without 
question. The divalent metals, zinc and cadmium, 
are apparently exceptional in that resistivity is not 
linear with temperature and it passes through a 
minimum. Mercury also exhibits a nonlinear tem- 
perature dependence but the slope is always posi- 
tive. Important comparisons with magnesium could 
not be made at the time the following work was 
undertaken because the necessary experimental 
data were not available. 

Data on liquid solutions are very limited and 
are largely from a_ single source.** Based on 
Bornemann’s work, Norbury’ pointed out that the 
resistivity of liquid copper alloys appeared to be 
dependent on the valence of the solute and that the 
increase due to the solute was of the same order as 
in the solid state. However, large extrapolations 
were involved and no quantitative relationship was 
developed. 

Therefore, before proceeding with additional 
deductions regarding the resistivity of liquid 
metals and interpretation in terms of structure, it 
appeared necessary to verify and extend the pre- 
vious work with particular emphasis on divalent 
metals and the effect of alloying elements of dif- 
ferent valence in dilute liquid solutions. 

The present work includes: 1—A determination 
of the resistivity of high purity liquid Magnesium, 
tin, indium, copper, zinc, and cadmium as a func- 
tion of temperature. 2—The effect of 1 atom pct of 
copper, cadmium, aluminum, tin, antimony, and 
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Fig. 1—Determination of the cross-sectional area of the liquid 
metal container and the distance between potential points. 


bismuth on the resistivity of liquid zinc. 3—The 
effect of 1 atom pct of zinc, aluminum, indium, tin, 
and phosphorus on the resistivity of liquid copper. 


Experimental Procedure 

The principle employed in all determinations 
was to pass a measured current through a known 
cross section of liquid metal and measure the poten- 
tial difference between two points at an accurately 
known distance from each other. 

Except in the case of magnesium, the liquid 
metal was contained in a refractory insulating tube, 
approximately 0.6 cm ID by 13 cm long. The effec- 
tive cross section of the tube was determined before 
each experiment by measuring the electrical resis- 
tance of triple distilled mercury at room tempera- 
ture over a known length determined to 0.001 in. 
This was done by attaching one of two potential 
contacts to a vernier caliper as illustrated in Fig. 1. 

Potential contacts were made of molybdenum 
wire cemented in small refractory insulating tubes 
which passed through graphite (spectrographic 
carbon) plugs carrying the current leads. Current 
and potential contacts were separated by about 
1 cm from each other, as detailed in Fig. 3a. 

After determining the geometry of the container 
and locating the lower potential contact with re- 
spect to the top of the ceramic tube, Fig. 1, the tube 
was filled by either of two methods: 1—Melting 
and casting metal in argon after previous evacua- 
tion in the unit illustrated in Fig. 2. A flat face 
was subsequently machined on the top surface of 
the solidified metal which then served to define the 
position of the lower potential contact. This method 
was used for the low melting point metals and the 
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zinc alloys. 2—The copper alloys were poured 
under argon into graphite molds and then swaged 
and machined to fit the refractory tubes. 

The tube containing the metal and lower con- 
tacts was cemented to a long refractory supporting 
tube. When placed inside the temperature equaliz- 
ing graphite block mounted in the furnace, shown 
in Fig. 3, the supporting tube rested on the alundum 
blocks at the base of the furnace. The upper poten- 
tial and current leads were placed in position and 
the height adjusted with respect to the machined 
face of the specimen by means of an ammeter indi- 
cator to determine contact, and a dial gage. Sub- 
sequent changes in length accompanying thermal 
expansion and fusion were followed with the dial 
gage acting as a dilatometer. The distance between 
the potential points was thereby known at all 
times. Correction for the linear thermal expansion 
of the entire unit was obtained by calibration 
with pure solid nickel. Calculated corrections were 
made for the increase in cross-sectional area of the 
refractory tube at elevated temperatures. 

The uniformity of temperature over the length of 
the specimen was determined with three thermo- 
couples at top, middle, and bottom, touching the 
ceramic tube. Temperature differences were gen- 
erally less than 1°C and were determined together 
with each measurement of resistance. 

Potential measurements were made with a pre- 
cision potentiometer and current was determined 
by potential drop across a calibrated resistance. 
The current density employed was 1.7 amp per sq 
cm. An atmosphere of dried argon gas was main- 
tained at all times. Measurements were made at 
constant temperature after equilibrium was ob- 
tained in both heating and cooling cycles. 
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Fig. 2—The casting unit for low temperature metals and alloys 


TRANSACTIONS AIME 


2. 
AN | 


woveamet 


MAGNE 


| 
mus 


t 


\ 


| COMTROL 
| 


Lower 
POTERTIAN 


sure 


| 


Tors 


.oces 


scace) 


[THERMO COUPLE 


Fig. 3—The testing furnace and assembly of the testing unit. 
Right-hand drawing one quarter scale, entire figure reduced one 
half for reproduction. 


Except for magnesium, the molten metals did 
not attack the refractory tubes. In the case of mag- 
nesium the procedure was modified by the use of a 
graphite container in place of ceramic tubes, avoid- 
ing contamination of the metal and change of 
dimensions. Machined graphite tubes were em- 
ployed and their inside diameters were determined 
by weighing the mercury required to fill the tubes. 
The cell constant required for the conducting con- 
tainer was determined over the entire temperature 


Table !. Chemical Analysis of Metals and Alloys 


Major 
Impurities, 
Wt Pet 


Purity, 


Metal Source Wt Pet 


range to be covered by measuring the resistance of 
high purity tin in identical graphite tubes. This 
procedure eliminated any assumption regarding a 
difference in temperature coefficient between mag- 
nesium and tin and because the resistivity of both 
metals is of the same order, the current distribu- 
tion could be assumed to be similar. 

At an early stage in the work it was found that 
with all possible precautions there was an internal 
source of electromotive force in the liquid metal 
container. The magnitude of this effect was inde- 
pendent of current (polarization) and temperature 
difference across the cell within the experimental 
limits. It was, however, dependent on the tempera- 
ture level as shown in Fig. 4, obtained with cad- 
mium at zero current. It was found that one half 
the difference in potential across the cell with 
current passing in opposite directions (AE/2, Fig. 4) 
was exactly equal to the internal electromotive 
force measured in the absence of any outside source 
of current. Consequently, all data are the arithmetic 
average of sets of readings obtained with reversed 
current, which effectively eliminates the internal 
electromotive force. Similar procedures have been 
adopted in previous work**" but the magnitude of 
the effect observed was not reported, 

All metals and alloys were analyzed chemically 
and spectrographically before and after determin- 
ations. There was no significant accumulation of 
impurities or detectable solution of molybdenum 
contacts. The data are summarized in Table I. 


Experimental Results 
High Purity Metals: The results for tin, indium, 
magnesium, cadmium, and zine are shown in Figs. 
5 and 6, as a function of temperature. The data 
interpolated from the smooth curves are sum- 


Tin Commercial 99.96 + 0.01% Fe, In, Sb 2 
Tin Vulcan Detinning 99.9957 0.0015°% Fe, 0.0005° 2 
Pb 
Cadmium A.S. & R. 99.9976 0.0015% Cu, 0.0009% = 
Pb 3 100 
Zine A. S. & R. 99.9978 0.0006 Cd, 0.0007° a 7 
Pb = 
Indium Indium Corp. 99.98 + 0.01% Pb ~ 
Magnesium Dominion Mag. Ltd. 99.975 0.01% Cd, 0.004% Al, « a 
0.003°% Si, Pb = .060_ 
Copper A.S. & R. 99.999 0.0002 As, Te; w : 


0.0001° Pb, Sn, Ni, 
Se andS 
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Analysis, Impurities. 


Atomic Pet Wt Pet 


Zine Alloys, Nominal 
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lat. % Cu in Zn 0.996 Cu Pb, Si < 0.001% 

lat. % Cd in Zn 0.89 % Cd Pb, Si 0.001% 

lat. % Al in Zn 1.13 % Al Pb, Si <0.001% 020). al 
lat. % Sn in Zn 1.03 % Sn Pb, Si 0.001% 

lat. % Bi in Zn 1 % Bi 

lat. % Sb in Zn 1 Sb 

lat. % Zn in Cu 1.25 % Zn <0.001% Si, Mg, Fe 300 400 500 600 700 800 900 

lat.%In inCu 1.00 % In <0.001% Si, Mg, Pb, Fe TEMPERATURE (°C) 

lat. % Al inCu 0.95 Al <0.001% Si, Mg, Sn, Fe 

lat. % Sn in Cu 1.03 % Sn 0.001% Si, Mg, Fe 

lat.% P inCu 0.94% P -0.001% Si. Bi. Fe Fig. 4—Electromotive force in liquid cadmium as a function 


of temperature. 
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Fig. 5—Resistivity of liquid tin (commercial and high purity) and 
indium. 


marized in Table II at integral values of tempera- 
ture. 

With regard to tin, essentially identical results 
were obtained with 99.96 pct Sn, containing anti- 
mony and iron as principal impurities, as were 
reported by Miller,” and Northrup and Suydam." 
In view of the relative simplicity of experiments 
with tin and the availability of two previous deter- 
minations, the agreement obtained was taken as an 
indication of the general adequacy of the present 
technique which differed from both of the previous 
experiments. However, with higher purity tin 
(99.996 pct Sn), the values fall definitely below 
those for tin of commercial grade and the tempera- 
ture coefficient is accurately linear from the melting 
point. 

The only available data for indium” appear to 
be considerably in error, both in magnitude and 
temperature coefficient. As shown in Fig. 5, two 
independent determinations gave similar results 
except at the highest temperatures where two 
points are evidently anomalous. 

At the time this investigation was in progress, 
no resistivity data were available for liquid mag- 
nesium, Values have since been published by 
Horn" which are essentially in agreement with 
those reported here, Fig. 6. In view of the different 
methods employed (ceramic cell and graphite cell) 
the agreement may be taken as a verification of 
procedure and results. The only point of difference 
is that the present work indicates a small but sig- 
nificant negative temperature dependence, constant 
over the range investigated. 

Previous work with zine indicated some dis- 
agreement between Northrup and Suydam" and 
Miiller.. The present redetermination confirms the 
results of Northrup and Suydam in all respects 
except at the highest temperatures where the 
resistivity appears to be slightly higher than re- 
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Fig. 6—Resistivity of liquid zinc, cadmium, and magnesium. 


ported. The temperature dependence at the melt- 
ing point is negative and changes to positive at a 
temperature about 230°C above the melting point. 

The results for cadmium are also in exact agree- 
ment with those of Northrup and Suydam.” The 
temperature coefficient at the melting point is 
small and negative, increasing to zero at about 
50°C above the melting point and becoming in- 
creasingly positive with rising temperature. 

In summary, the unusual dependence of resis- 
tivity on temperature for cadmium and zinc is con- 
firmed, as is the magnitude of the values previously 
reported by Northrup and Suydam. The remaining 
close-packed hexagonal metal, magnesium, has a 
small negative temperature dependence which is 
constant to 200°C above the melting point. Indium 
has a higher resistivity and smaller linear tempera- 
ture coefficient than was previously reported. Fi- 
nally, the resistivity of high purity liquid tin ap- 
pears to be about 5 pct lower at all temperatures 
than the previously available values. 

Copper Alloys: The results for dilute liquid so- 
lutions of zinc, indium, aluminum, tin, and phos- 
phorus in copper are shown in Fig. 7 as a function 
of temperature, together with experimental data 
for pure copper. 

The high temperatures at which the measure- 
ments are necessarily made increase the experi- 
mental difficulties and produce some scatter in 


Table II. The Resistivity of High Purity Liquid Metals 
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* Commercial Tin, 99.96 pct. 
t Minimum on curve at about 375°C. 
§ Minimum on curve at about 670°C. 
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Fig. 7—Resistivity of liquid copper alloys (one atom pct solute). 


values. The resistivity of copper determined in 
these experiments is about 5 pct higher than re- 
ported by Northrup’ as it is for copper alloys when 
compared to values computed at 1 atomic pct from 
Bornemann’s data on more concentrated solutions. 
In summary: 1—The introduction of a small num- 
ber of solute atoms increases the resistivity to the 
same degree as in the solid state. 2—The change 
in resistivity is dependent on the valence of the 
solute, specifically on the square of the difference 
in valence of solute and solvent as in the solid 
state. 3—The rate of change of resistance with 
respect to temperature for all dilute copper alloys 
is the same, with the possible exception of indium. 
This temperature dependence is in accordance with 
Matthiessen’s rule which was formulated for the 
solid state. 

Zinc Alloys: Fig. 8 shows the results for liquid 
zine solutions containing 1 atomic pct copper, cad- 
mium, aluminum, tin, antimony, and bismuth com- 
pared with pure zinc as a function of temperature. 

In alloys of zinc containing copper and tin, some 
difficulty was experienced at high temperatures 
due to an unexplained increase in resistivity that 
occurred on heating as compared with the corre- 
sponding resistivity-temperature curve followed 
when cooling, indicated by the dotted lines in Fig. 
8. Duplicate runs with cadmium and aluminum 
did not show this effect whereas the effect was 
always present in the case of copper and tin. In 
drawing the curves greater weight was given to 
the points obtained on cooling that are in accord 
with those for high purity zinc, in which this effect 
was never observed. 

Unlike copper alloys, the addition of 1 atomic 
pct copper, cadmium, aluminum, or bismuth to 
liquid zinc does not significantly affect the resis- 
tivity at any temperature. The addition of tin or 
antimony, however, increases the resistivity and 
to about the same extent in both cases. Tin and 
antimony apparently also increase the negative 
temperature coefficient at the melting point and 
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Fig. 8—Resistivity of liquid zinc alloys (one atom pct solute). 


correspondingly lower the temperature of the mini- 
mum in the resistivity curve by about 50°C. 


Discussion 

The preceding data indicate that there is a one- 
to-one correspondence between solid and liquid 
copper solutions with respect to resistivity-tem- 
perature and compositional relationships. It ap- 
pears, therefore, that insofar as the conduction of 
electricity is concerned the atomic constitution of 
the liquid state is very similar to that of the solid 
state. The differences between the two states ap- 
pear to be a matter of degree rather than the result 
of any unique property peculiar to the liquid state. 

Mott” has shown that it is possible to represent 
quantitatively the ratio of conductivity in the solid 
and liquid states at the melting point by the ex- 
pression 


where V, and V, are vibrational frequencies of 
atoms in the liquid and solid states respectively; 
L is the heat of fusion in kilo-joules per gram atom, 
and T,°K is the melting point. The essential agree- 
ment between observed and calculated values for 
a variety of close-packed metals indicates that the 
principal assumption is probably correct; namely, 
that the atoms in the liquid state vibrate about 
mean positions with a frequency V, and that the 
positions, while moving in time, do so with veloci- 
ties slow compared with the velocity associated 
with the vibration of the atoms. Implicit in this 
assumption is the idea that the resistivity in the 
liquid state is not primarily a function of disorder, 
relative to the solid state, but of thermal vibration 
amplitude and, therefore, the dependence of resis- 
tivity in the liquid state on temperature and com- 
position should be similar to that in the solid state. 
The data in Fig. 7 on copper alloys appear to pro- 
vide a critical test and confirmation of this hy- 
pothesis. 

Thus, the increase in resistivity of liquid copper 
resulting from the addition of 1 atomic pct of va- 
rious solutes is essentially the same as that for 
copper solid solutions as reported by Linde.” Fur- 
thermore, Linde showed that the increase in resis- 
tivity per atomic percent solute is proportional to 
the square of the difference in charge between so- 
lute and solvent. Fig. 9 demonstrates that this re- 
lationship holds for liquid solutions as well as for 
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Fig. 9—The application of Linde’s rule to dilute copper alloys 
in the liquid state compared with the solid state. 


the substitutional solid solutions with which it is 
compared. The magnitude of the change in resis- 
tivity is similar in both cases, and is independent 
of temperature. 

The introduction of small concentrations of atoms 
of different size and charge results in the same in- 
crease in resistivity and dependence on scattering 
charge as applies to the solid state. Apparently, 
then, the disorder in the liquid state, relative to the 
solid state, cannot be large. Otherwise, it would 
seem that the effect of one foreign atom in one 
hundred would be lost in comparison with the 
effect of extensive disorder. 

In this connection, the linear temperature de- 
pendence of liquid metals and alloys, except zinc, 
cadmium, and mercury, appears to indicate that 
the same type of thermal dependence applies in the 
liquid state as in the solid state. Furthermore, in 
the case of both copper and silver, the resistivity 
in the liquid state extrapolates to zero at 0°K, 
within the limits of accuracy of the data from the 
present work on copper and that of Northrup” for 
liquid silver. While the present data do not permit 
definitive conclusions, it may be inferred that at 
least a part of the change in resistance associated 
with lattice expansion and melting can be accounted 
for by a change in Debye temperature. 


FORM OF RESISTIVITY CURVE 


TEMPERATURE 


Fig. 10—A schematic drawing of the form of the resistivity 
temperature curves of liquid magnesium, zinc, cadmium, and 
mercury. 
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The resistivity of polyvalent liquid tin and in- 
dium, while linear with temperature, do not ex- 
trapolate to zero at 0°K, indicating some significant 
difference between the monovalent and polyvalent 
metals in the liquid state. 

On the other hand, the resistivity of the divalent 
metals, cadmium, zinc, and magnesium (and mer- 
cury), behaves quite differently with respect to 
temperature. The increase in resistivity on melt- 
ing, except for mercury, is again of the magnitude 
indicated by considerations based on the ampli- 
tude of displacement about a mean position. How- 
ever, in the solid state the number of electrons that 
are available for conduction in these divalent met- 
als is limited and conduction is crystallographically 
anisotropic owing to scattering at the surfaces of 
energy discontinuity, the Brillouin zone boundaries. 
Thus, in addition to the component of resistivity 
arising from thermal vibration, there is also a 
structural component in divalent metals. 

The negative temperature coefficient at the melt- 
ing point of the three hexagonal metals and alloys 
may be accounted for by assuming that the limita- 
tion on conduction, imposed by zone boundary 
overlap, is relaxed in the liquid state.” In the case 
of cadmium and zinc, the change in slope from 
negative to positive at 50° and 230°C above the 
melting point, respectively, may be interpreted as 
a superposition of structural and thermal effects 
with the latter predominating at temperatures 
above the minimum. 

In this connection, a comparison may be made 
between the four divalent metals, mercury, cad- 
mium, zinc, and magnesium, Fig. 10. Assuming that 
the minimum represents a balance of structural 
and thermal scattering, the thermal component ap- 
pears to take over in the four metals at a tem- 
perature relative to the melting point that in- 
creases in the same order as the melting and boil- 
ing points, or, in other words, with bond strength. 
This hypothesis implies that there is not only a de- 
gree of order in the liquid state but also a signifi- 
cant degree of order in the crystallographic sense, 
over short distances and effective in scattering 
electron waves. The effective order persists above 
the melting point and disappears with rising tem- 
perature in accordance with the respective bond 
strengths of the four metals. In the case of mag- 
nesium, the temperature of the minimum was evi- 
dently not attained. 

Further evidence that structural factors are con- 
trolling resistivity of divalent metals may be de- 
rived from the effect of alloying elements added to 
zinc. It has already been observed, Fig. 8, that 
unlike copper there appears to be no systematic 
change in resistance with the valence of the solute; 
tin and antimony increasing resistance to the same 
degree, bismuth and aluminum leaving it un- 
changed as do copper and cadmium. If the effec- 
tive number of electrons alone were involved, in- 
dependent of structure, it might be anticipated that 
the addition of at least some of these solutes would 
decrease the resistance, as they do in mercury," 
instead of either increasing it without respect to 
scattering charge, or leaving it unchanged. Unfor- 
tunately, comparison with zinc solid solutions ap- 
pears to be excluded by the limited solubility of 
most metals in zine and, therefore, the effect of 
solutes on the resistivity of the hexagonal close- 
packed zinc lattice is unknown. 

In the preceding discussion it may appear that 
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there is some conflict of interpretation with respect 
to the structure of the liquid state as deduced from 
electrical measurements and that provided by X- 
ray evidence which indicates a close-packed aggre- 
gate without long range order. It may be concluded 
that in the liquid state the two methods of observa- 
tion are not recording precisely the same thing. 
This is best illustrated by the fact that the radial 
distribution functions obtained from X-ray data for 
the cubic and hexagonal metals are exactly similar 
in form while the properties as observed by resis- 
tivity are entirely different. To avoid misunder- 
standing, all preceding statements regarding struc- 
ture have been qualified by reference to resistivity. 


Conclusions 

Redetermination of the resistivity of pure liquid 
tin, zinc, and cadmium shows that the available 
data is essentially correct except that the present 
work indicates that the resistivity of pure tin is 
about 5 pct lower than has been reported. A new 
set of values is proposed for the resistivity of pure 
indium as a function of temperature. The resis- 
tivity of pure magnesium has been determined and 
is in essential agreement with recently published 
data. 

Investigation of dilute liquid solutions of copper 
shows that the effect of alloying elements on the 
resistivity of simple metallic liquid solutions is 
identical with that of similar solid solutions; spe- 
cifically, 1—the increase in resistivity due to the 
addition of solutes is proportional to the square of 
the difference in valence of solute and solvent; 2— 
the increase in resistivity due to the solute is inde- 
pendent of temperature; and 3—the magnitude of 
the increase is the same in both solid and liquid 
states. 

The resistivity of liquid zinc, cadmium, and mag- 
nesium appears to be dependent on structure and, 
except for tin and antimony which increase resis- 
tivity equally, the resistivity of zinc is unaffected 
by the addition of 1 atomic pct of copper, cad- 
mium, aluminum, or bismuth. 


It is suggested that temperature dependence of 
resistivity of the divalent metals may be explained 
by a superposition of structural dependence asso- 
ciated with bond strength, and thermal vibration. 

Insofar as electrical conduction is concerned, it 
may be concluded that there is essentially com- 
plete correspondence between the liquid and solid 
states of metals including thermal, structural, and 
compositional relationships. 
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Technical Note 
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by | 


INCE the temper brittleness of steels is generally 
considered to be a grain-boundary phenomenon’ * 


it would be expected that austenitic grain size would 
affect temper brittleness. Several investigators“ re- 
ported that temper brittleness, as measured by room- 
temperature impact tests, increased as the austenitiz- 
ing temperature was raised. It was subsequently 
pointed out that conclusions as to temper brittleness 
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based upon room-temperature impact tests are likely 
to be misleading.’ *® Hurlich’ used a range of testing 
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Fig. 1—Impact energy vs testing temperature. 


temperatures which was unfortunately too narrow 
to permit evaluation of his data on the basis of 
any single criterion of transition from tough to 
brittle failure. Craig* pointed out that quenching 
from different austenitizing temperatures might in- 
troduce differences in respects other than grain size; 
for example, in stresses resulting from quenching. 
Accordingly, experimental work was planned in 
which the austenitizing treatment would be varied 
with and without changing the temperature from 
which the steel was quenched. 

The steel used was SAE 3140, % in. round hot- 
rolled bar stock from a heat previously studied." 
About 100 blanks 2 3/16 in. long were austenitized 
for 1 hr at 900°C, then water-quenched, giving an 
austenite grain size of ASTM 8. Another 100 blanks 
were austenitized for 4 hr at 1260°C. Half of these 
were water-quenched. The other half were quenched 
into salt at 900°C and held 1 hr and 40 min, then 
water-quenched. The austenite grain size resulting 
from both of these treatments was predominantly 
ASTM 0, with some larger grains. In all cases the 
structure was 100 pct martensite with no visible 
carbides. 

All blanks were tempered 1 hr at 675°C, then 
water-quenched to room temperature. Half of the 
tempered blanks from each of the three austenitiz- 
ing treatments were next isothermally embrittled 
in salt at 500°C for 48 hr, then water-quenched. 
The blanks were machined into standard V-notched 
Charpy bars which were broken at various tempera- 
tures on a 217 ft-lb impact machine (16.8 ft per 
sec striking velocity). The data, presented in Figs. 
1 and 2, show that an increase in austenite grain 
size results in an increase in transition temperature. 
This confirms earlier work.”" 

It is likewise evident that the shift in transition 
temperature due to temper embrittlement is greater 
for large grain size than for small grain size. This 
is in agreement with the view of Herres and Lorig® 
that temper brittleness should become more appar- 
ent the larger the grain size. Lowering the quench- 
ing temperature did not reduce the transition tem- 
perature of the coarse-grained specimens but rather 
raised it slightly, at least on the basis of fracture 
behavior, Fig. 2. This is contrary to the theory of 
temper brittleness suggested by Spretnak and 
Speiser,” as previously pointed out.” 
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Fig. 2—Percentage of fibrous fracture vs testing temperature. 


The impact energy level of the unstabilized 
coarse-grain specimens quenched from 1260°C was 
higher than that of the coarse-grained specimens 
quenched from 900°C. The fracture of all coarse- 
grained specimens at temperatures producing 0 pct 
fibrous fracture was predominantly transcrystalline 
in the unembrittled state and intercrystalline in 
the embrittled state. Microscopic examination re- 
vealed some intercrystalline fracture with the trans- 
crystalline and vice versa. 

It is concluded that an increase in austenitic grain 
size increased the shift in transition temperature 
associated with temper brittleness. At fixed grain 
size, lowering the quenching temperature had little 
effect upon the transition temperature, perhaps rais- 
ing it slightly. 

The authors acknowledge with thanks the metal- 
lographic work performed by M. R. Norton for this 
investigation. 
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A Rationalization of Measured High Temperature Properties 
Of Fe-Cr-Co-Ni Alloys 


by J. D. Nisbet and W. R. Hibbard, Jr. 


The high temperature properties of Fe-Cr-Co-Ni base alloys and 


the effects of hardening element additions on these properties are 


URING the past few years the base elements in 
high temperature austenitic alloys have gradu- 
ally been changed from iron-rich materials to nickel- 
rich, then to cobalt-rich and more recently to various 
iron, cobalt, and nickel combinations, all with an 
approximately constant chromium content of 20 pct. 
Concurrently, the hardening additions of the incon- 
gruous* elements, have been shifted from small 
~ * Elements having a relatively low solubility in Fe-Ni-Cr-Co 
solid solutions. 
amounts of a single element to various ratios of 
molybdenum, tungsten, columbium, carbon, tita- 
nium, and aluminum with the percentages of these 
constituents continually increasing. 

It has been known that the typical soft high tem- 
perature alloy (such as Inconel) consisted of face- 
centered cubic austenite, but the effect of varying 
the composition of the base elements, iron, chrom- 
ium, nickel, and cobalt, has not been broadly ana- 
lyzed. Therefore, it was reasoned that the first major 
problem in the understanding of the properties or 
the further development of high temperature alloys 
was to study systematically the effect of composi- 
tion upon the mechanical properties of face-cen- 
tered cubic Fe-Ni-Co-Cr austenitic solid solutions. 

The matrix of the strong high temperature alloys 


J. D. NISBET, Associate Member AIME, formerly with General 
Electric Co., is now associated with Universal Cyclops Steel Co., 
Bridgeville, Pa., and W. R. HIBBARD, Jr., Member AIME, is 
associated with the Metallurgy Research Dept., Research Lab., 
General Electric Co., Schenectady. 

Discussion on this paper, TP 3618E, may be sent, 2 copies, to 
AIME by Dec. 1, 1953. Manuscript, Sept. 16, 1952; revision, April 
16, 1953. Cleveland Meeting, October, 1953. 


TRANSACTIONS AIME 


rationalized on the basis of general principles of alloying. 
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Fig. 1—Nominal compositions in atomic percent and melting 
practices of the base alloys investigated. CoNi indicates alloys 
in which the CoNi content is 50 pct Co and 50 pct Ni. 


(such as Inconel X) is usually also a face-centered 
cubic solid solution of iron, nickel, chromium, and 
cobalt but with additional phases which can be 
generally classified as intermetallic compounds and 
carbides. It is usually observed that combinations of 
the hardening elements, tungsten, molybdenum, 
columbium, tantalum, titanium, aluminum, carbon, 
and others have been used in these strong high tem- 
perature alloys. Thus, it was reasoned that a second 
major problem in studying these alloys was to under- 
stand the effect on mechanical properties of adding 
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Table |. 


Nominal Base 
Base Classifi- cong 
Analysis cation Alley 


Unsaturated Ta 


20% Cr-BO%Ni 


N 


oO 1 min 

10 min 
N 1 min 
10 min 


30° Cr-30% Co-40%Ni Saturated Ta 


40°. Cr-20%Co-40% Ni Supersaturated Mo 


Saturated Cb 


20° Fe-30°% Cr-25% Co-25% Ni 


20% Fe-40% Cr-20%Co-20%Ni Supersaturated Be 1 
w 2 
Al 2 
20% Fe-20%Cr-60%Ni Unsaturated Cc 5 
Al 2 
Ti 2 
30°; Fe-20%Cr-50%Ni Unsaturated Al 6 
50% Fe-20%Cr-30%Ni Saturated Cc 5 
Al 2 
Ti 2 
80° Fe-20%Cr Unsaturated Cc 5 
60% Fe-40°Ni Unsaturated Al 
Cb 1 
Ti 1 


All alloys vacuum melted and hydrogen 


treated except two (*) carbon alloys which were vacuum melted only. 


Nominal and Analyzed (in Parentheses) Atemic 
Percentages of Incongruous Element Added 


5 8 (7.2) 10 
(0.76 5 (35 ) B ‘6.15 
a3 5 (45 ) 8 (7.0 
(0.39 3 6 (32) 
(0.50 4 ‘28 ) 8 16.3) 
(0.34 ) 3 6 4.1) 
10.45 } 2 ‘0.77 ) 4 19) 
(0.19 ) 1 ‘025 ) 2 14> 


5 min. 0.079) 
5min. ¢ 0.621) 


16 ) a (3.4 8 (6.7) 
2 ‘10 4 2.1) 
) 4 ‘(34 

a3 ) 4 ‘34 8 16.6) 
‘a3 ) 4 ‘29 8 ‘58 ) 10 (72) 
) ‘39 K (72) 10 (89) 
12 

(2.7 ) 8 ‘(3S 10 (6.6) 
2 (0.30) 4 (1.84) 6 (28) 

8 (3.5 10 52) 
(0.14 ) 04 (0.10) 0.8 (0.42) 1.5 ‘ 0.46)° 
2 (1.3 )° 


) 2 ) 4 10.6) 
19 ) 4 (40 8 ‘6.8 ) 
(0.39 ) 4 (3.5 » (5.6) 
(0.19 10 (024) 
(0.36 ) 4 ‘12 ) 6 2.2) 
(1.04) a (23 ) 6 (3.3) 
49 ) 8 (‘68 ) 10 (8.2) 12 10.1) 
(0.23 ) 10 ‘023 ) 
(0.66 ) 4 (15 ) 6 22) 
24 =) 4 (2.5 » 6 41) 
(0.45 ) 10 ‘ 069) 
5 (4.10) 10 (6.78) 15 (11.11) 
(0.56 ) 5 (400) 10 (8.33) 15 (12.02) 
(0.60 } 5 (3.48) 10 (6.44) 15 (10.27) 


various compounds of different composition and 
characteristics to various face-centered cubic solid 
solutions. Therefore, a systematic exploratory re- 
search was started in 1946 to study the metallurgy 
of alloys at high temperatures from these viewpoints. 
Certain principles have been deduced from this 
research. It is the purpose of this paper to present 
data leading to these principles. 


Experimental Procedure 

More than two hundred alloys consisting of 
binary, ternary, and quaternary combinations of 
iron, chromium, cobalt, and nickel were made to 
evaluate and compare the properties of the base 
alloys. The elements varied in steps of 10 atomic 
pet** as illustrated schematically in Fig. 1. More 

** Compositions are expressed in atomic percent throughout the 
paper 
than a hundred supplementary alloys with incon- 
gruous additions listed in Table I were tested in the 
second part of the work. Typical of analysis of the 
four starting materials used in the base alloys are 
those listed in Table II. The hardening elements 
were added in the purest form available, as follows: 


Al, 99.996 pct; Be, 99.8; Mo, 99.9; Cb, 99.4; Ta, 
99.9+; titanium hydride, 94.0; W, 99.9; Va, 99.7; 
and zirconium hydride 96.0. Since these elements 
were added in amounts no larger than 12 pct, it is 
believed that the impurities are not significant. 

All alloys were produced by a vacuum-melting 
technique’* to reduce the amounts of extraneous 
impurities. Certain alloys were deoxidized with 
carbon or hydrogen as indicated symbolically in 
Fig. 1, or as noted in Table I. All alloys were cen- 
trifugally cast, in vacuum, into a permanent molyb- 
denum or copper segmented mold to yield castings 
of the form shown in Fig. 2. Each casting was 
homogenized at 2100°F for 15 hr in hydrogen and 
water quenched. Mechanical tests were performed 
with the material in this initial condition. Hardness 
tests were made on quenched specimens aged 2 hr 
at 400°, 800°, 1200°, 1400°, 1600°, 1800°, and 2000°F, 
respectively. This type of data is shown plotted in 
Fig. 3a. All heat-treating and testing temperatures 
were maintained within 5°F. 

Both tensile and rupture tests were made on 
button-head cylindrical specimens machined to a 
gage length of 1% in. and a gage diameter of 0.160 


Mn 


a 


Electrolytic nickel 0.02 0.006 Nil None Trace 0. 
Electrolytic chromium 0.01 0.019 -- a — 0. 
Electrolytic tron 0.03 0.004 Trace Trace 0.02 0. 
Rondell's cobalt 0.02 0.003 0.22 Trace _ 0. 


Table I!. Analysis of Base Components 


a N Fe Cr Pb Ni Cr Ce 


006 0.0003 0.0000 ND ND — Rem. _ — 
4 0.034 0.007 0.054 0.01 0.001 a Rem. _— 
061 0.0004 0.0018 Rem. Trace _ Nil Trace Nil 
119 0.0001 0.0000 Nil Nil — Trace Nil Rem. 
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Chemical Compositions of Incongruous Elements Added to Different Base Alloys 
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Fig. 2—Cross section of permanent mold centrifugally cast speci- 
men. X0.6. Area reduced approximately 80 pct for reproduction. 


+0.0005. Tensile tests were made on a Baldwin- 
Southwark testing machine adapted for elevated 
temperature testing. Tests were run at a rate of 
0.050 in. per min at room temperature, 600°, 1200°, 
1400°, 1600°, 1800°, and 2000°F in air. An example 
of the tensile data is shown plotted in Fig. 3b. The 
time of tensile testing varied with the elongation to 
fracture. For this paper, however, an average value 
of 0.1 hr is used. This value is typical of that 
obtained for tests at temperatures near 1500°F. 

Two types of rupture apparatus were used: a 
large 48-bar unit® and a single-bar apparatus of a 
common design. Constant-load rupture tests were 
carried out at 1000°, 1200°, and 1500°F. Three to 
five samples were tested at each temperature and 
loaded so that the fracture time was between 1 and 
1000 hr. An example of the type of data obtained is 
shown in Fig. 
+ In this paper, since the results of both tensile and rupture tests 
are plotted together, the term “breaking strength” is used to indi- 
cate the maximum load divided by the initial cross-section area. 
This value for tensile tests is the conventional ultimate strength, 
and for rupture tests is the initial stress. 

Metallographic samples of each alloy were ex- 
amined to evaluate cleanliness in the vacuum melt- 
ing and casting process, and to determine the micro- 
structure. Typical micrographs are shown in Fig. 
4a, b, and c. The grain size varied from about ASTM 
No. 1 for solid solution alloys to about No. 7 for 
multiphase alloys, usually in typical progression, as 
shown in Fig. 4a. Since grain size is a dependent 
variable, the effects of composition reported in this 
paper include the effects of grain size. The signifi- 
cance of grain size in elevated temperature tests has 
never been clearly and undisputably evaluated, 
since the heat treatment and changes in procedure 
required to control grain size also change other 
factors which affect the strength. The types of 
microstructures encountered in this investigation 
are illustrated in Fig. 4b and c, including solid 
solution alloys and alloys undergoing allotropic 
transformation during quenching (Fig. 4b, left), 
mixed-phase alloys of approximately equal pro- 
portions (Fig. 4b, center and right), and the effects 
of incongruous additions where a second phase is 
formed in a massive condition (Fig. 4c, first three 
micrographs), or where the second phase appears 
interdendritically (Fig. 4c, last three micrographs). 

A chemical analysis of the principal elements 
was made on approximately every tenth alloy, 
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except for those containing incongruous additions 
as noted below. The melting practice was developed 
to a high degree of reproducibility; therefore, devia- 
tions from the nominal compositions were minor. 
Variations of as much as 1 or 2 pct in the composi- 
tion of any one of the four elements iron, chromium, 
cobalt, and nickel were found to produce only small 
differences in mechanical properties. The analyses 
made indicated that variations were usually less 
than this amount. Chemical analyses of impurities 
were made frequently to establish the effectiveness 
of the purifying treatments carried out during vac- 
uum melting. An analysis typical of alloys prepared 
is 0.0006 atomic pct H, 0.021 O, 0.005 N, and 0.08 to 
0.13 C. Since all the alloys were prepared in a simi- 
lar manner and checked wherever practicable, it is 
believed that in all alloys the impurity contents are 
under control. Chemical analyses were run on all 
incongruous addition elements. The nominal and 
actual compositions are listed in Table I. 

The base compositions used in the investigation of 
incongruous elements are listed in Fig. 5, together 
with the 1500°F phase boundaries. All alloys are 
face-centered cubic solid solutions except 80 pct Fe- 
20 pet Cr, which is body-centered cubic as-quenched 
from 2100°F. They include base alloys which are 
unsaturated solid solutions such as 80 pet Ni-20 pct 
Cr, nearly saturated solutions such as 30 pct Cr- 
30 pet Co-40 pet Ni and supersaturated solid solu- 


g 70 M 20 Co 10 Cr 
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QUENCH 


AGING TEMPERATURE, °F 


70 
x 60 F 
& 
“0, 
2 5 
° 6. 

10F 

i i i 


400 800 600 2000 
TESTING TEMPERATURE, °F 


1005 tT T 
x ser X«TENSILE TEST (0.1 HR) 
A*RUPTURE TEST 
#*EXTRAPOLATED 
ce ' a 

a 
ZS xt000 ry 
<q NUMBERS ARE TEST 
TEMPERATURE, *F 


i 
0.1 10.0 1000 10000 
TIME TO FRACTURE, HOURS . 


Fig. 3—Hardness, tensile, and rupture data for 70 pct Ni-20 pct 
Co-10 pet Cr base alloy plotted conventionally. Breaking strength 
is defined as the maximum load divided by the eriginal cross- 


section area. 
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Fig. 4a—80 pct Ni-20 pct Cr base alloy. Effect of carbon additions on microstructure. 
Electrolytic (oxalic acid) etch. X100. 


Gamma + sigma 


Allotropic 
transformation 
Picric acid etch 
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Fig. 4b—Multiphase base alloys. Etchants as indi- 


cated. X100. 


20pctFe-40pct 
Cr-20pctCo- 
20pctNi 
plus 0 ~~ Be 
HCI + HNO» 


20pctFe-40pct 20pctFe-40pct 
Cr-20pctCo Cr-20pctCo 
20pctNi 20pctN: 
Electrolytic plus 0.2 pct Be 
(chromic acid) HCI + HNO» 
etch etch etch 


3OpctCr-30pct 
Co-40pctNi 
Electrolytic plus 1.0 pct Zr plus 2.1 pet Zr 
(chromic acid) Cupric chloride Cupric chloride 
etch etch etch 


30pctCr-30pct 
Co-40pctNi 


Fig. 4c—Effects of incongruous additions on microstructure. Etchants as indicated. X100. 


tions such as 40 pet Cr-20 pct Co-40 pet Ni as indi- 
cated in Table I. Although several of the alloys are 
supersaturated solid solutions as-quenched from 
2100°F, there was no indication of age hardening in 
terms of hardness tests on specimens subsequently 
aged at various temperatures. These base compo- 
sitions cover the range of high temperature strength 
found for the Fe-Cr-Co-Ni solid solution alloys. 

Incongruous elements having a variety of melting 
points, atomic diameters, compressibilities, and 
crystal structures, as listed in Table III, were chosen 
for alloying with the selected base materials. A 
series of compositions with increasing amounts of 
incongruous additions was prepared in an attempt to 
include unsaturated, supersaturated, and multiphase 
alloys. 


Technique of Plotting: Time Temperature Parameter 

The customary procedure for presenting time- 
temperature breaking strength data consists of 
plotting the logarithm of the breaking strength as a 
function of the logarithm of the time to failure at 
each testing temperature. This method of plotting, 
Fig. 3c, is clumsy to use for comparing the effects of 
wide varieties of time and temperature upon the 
fracture strength of alloys. A more useful method in 
which time and temperature are interrelated as a 
single-valued function of breaking strength has 
been found to facilitate the comparison of the prop- 
erties of different alloys.** This time-temperature 
function which will be referred to as a parameter 
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may be expressed as follows: 
T (C + log t) 
where T is temperature in degrees Rankine,?t t is 
tt °F plus 459.4. 


time in hours, and C is a constant equal to 11 in the 
present work.} When the logarithm of the breaking 
t The constant was determined by trial and error. By plotting log 
time against 1/T°K for various constant strengths and extrapolating 
to a convergence point at 1/T =0, a value of C may be determined 
graphically. Since data at any given strength level are limited by 
the nature of the alloys and the difficulties of running very short 
and very long-time tests, the extrapolation is so long as to preclude 
any accurate determination of C. A single average value of the con- 
stant was used. For further discussion, see ref. 4 
strength is plotted against this parameter, a single 
line as shown in Fig. 6 replaces the customary sets 
of curves and can include both short-time tensile 
strengths at different temperatures and stress-rup- 
ture strengths at different times and temperatures. 
For parameter numbers above about 19,000, this line 
is straight for data such as those shown in Fig. 6 
(19,000 corresponds to a tensile test—0.1 hr—at 
1340°F, or a 1000-hr rupture test at about 900°F). 
The 1000-hr rupture strength at 1500°F (a para- 
meter number of 27,400) is more accurately defined 
in Fig. 6 than in Fig. 3c, primarily because more 
data points are used in the parameter plot. This 
strength is used as a basis of comparison of different 
alloys in this paper. For purposes of evaluating the 
parametric method, interpolated and extrapolated 
rupture values from conventional log stress-log 
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Fig. 5—Composition and 1500°F phase boundaries for base 
alloys selected for alloying with incongruous additions. 


time plots are included on the parametric plots to 
illustrate the similarities of the values obtained by 
the two methods. These values are labeled “extra- 
polated rupture strength” for purposes of brevity, 
but were not used in fitting lines to the data points. 
An important advantage of the parametric method 
is that all types of data are included on the same 
plot. Other advantages and disadvantages of the 
parametric method of plotting are discussed in sub- 
sequent sections. 


Results of Tests 
Parametric plots were constructed from tensile 
and rupture strength data determined from speci- 
mens of all alloys considered. A few examples will 
be discussed in detail to illustrate the correlation 


Table II! Some Characteristics of Alloying Elements 


Crystal 


Atomic 
Ele- Melting Diam., Compress. Val- Struc- 
ment Point, °F A Cm*/Kg ence ture 


w 6170 2.82 0.293 . BCC 
Ta 5425 2.95 0.479 . BCC 

Mo 4760 2.80 0.347 BCC 
Cb 4380 2.94 0.570 . BCC 
Cr 3430 2.57 0.600 . BCC 
Ti 3300 2.93 0.797 . CPH-BCC 
Zr 3200 3.19 1.097 . CPH-BCC 
Vv 3150 2.71 0.609 . BCC 
Fe 2802 2.52 0.587 . FCC-BCC 
Co 2723 2.50 0.539 . CPH-FCC 
Ni 2651 2.49 0.529 . FCC 
Be 2340 2.25 0.855 2 CPH 
Al 1220 2.80 1.34 3 FCC 
c 6700 4 Hex. 
— 362 6 Orth. 
N —346 5 Cubic 


* Transition. 
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between the parametric plots and different types of 
alloys. 

Solid Solutions. An important experimental gen- 
eralization}; is that the his temperature data for 

tt Lines were independently fitted to experimental data points for 
a large number of alloys. Subsequent inspection of these plots lead 
to the recognition of the common slopes. 
all single-phase cobalt-containing alloys of the 
Fe-Cr-Co-Ni type can be represented on parametric 
plots by a straight line having a slope of —0.117 
(illustrated in Fig. 6) and that the high temperature 
data for single-phase Fe-Cr-Ni or cobalt-free aus- 
tenitic alloys (except alloys having allotropic phase 
changes) can be represented by a straight line with 
a slope of —0.133 (illustrated in Figs. 7 and 8). This 
finding is empirical and not understood, but is con- 
vient for the analysis of data. It is interesting to 
note that, since the slope is empirically defined by 
the composition, the straight-line portions of the 
parametric plots used in this investigation may be 
reconstructed from the 1000-hr 1500°F rupture 
strengths (parameter No. 27,400) in Fig. 17 by the 
point-slope method. In addition, because of the 
similarities of slopes, similar composition-strength 
contours will result from any constant parameter 
number (condition of testing time and tempera- 
ture), provided it lies on the straight-line portion of 
the plot. 

Supersaturated Solid Solutions: When metallur- 
gical changes which affect properties occur as func- 
tions of time and temperature different from the T 
(C + log t) parameter, the strength is not a single- 
valued function of the parameter. Under these con- 
ditions, several strength values can occur at a 
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Fig. 6—Parametric plot of the tensile and rupture data of Fig. 3 
for 70 pct Ni-20 pet Co-10 pet Cr base alloy, illustrating the 
characteristic slope for cobalt-containing alloys. 
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Fig. 7—Parametric plot of data for the 80 pct Ni-20 pct Cr base 
alloy of the face-centered cubic solid solution type, illustrating 
the characteristic slope for cobalt-free alloys. 
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single parameter number which includes different 
combinations of time and temperature causing 
varied properties. 

Thus, the parametric plots for supersaturated 
solid solutions of age-hardening alloys varied from 
a well-defined single line to a band of strength 
values. For specimens which fractured at values of 
the parameter at times and temperatures such that 
no measurable age-hardening occurred, a single- 
line parametric plot resulted. If the times and tem- 
peratures of tests were such that significant age- 
hardening occurred, a band of strength values was 
found, depending upon the amount of hardening. 
Data from different types of alloys exhibited certain 
characteristic behaviors. 

The binary 50 pct Fe-50 pct Cr body-centered 
cubic alloy represents one type of behavior. In this 
alloy o phase exists up to 1500°F under equilibrium 
conditions, but there was no evidence of o« phase 


-3 
Ti+ t)x 10 
z no T T 
a 
¢ °F aceo, 2HouRS 
@ 
4 aA 4 
« WwQ 400 800 i200 1600 2000 


AGING TEMPERATURE °F 


RUPTURE STRENGTH 


| 

80 Ni 20Cr BASE 

| \ Be 

| 

X=TENSILE TEST 
| 4% O*RUPTURE TEST 

| 


BREAKING STRENGTH, PSIxio 


SLOPE 0 1333 


20 30 


T(N+LOG 1) x 10° 


Fig. 9—Hardness data and parametric plot of data for the 1.87 pct 
Be addition to the 80 pct Ni-20 pct Cr base alloy, illustrating the 
results for an alloy which age hardens to a maximum at tempera- 
tures below 1500°F. 


revealed by metallographic examination of speci- 
mens in the cast or quenched condition or in stress- 
rupture specimens after 1000 hr at either 1200° or 
1500°F. Thus, this supersaturated solid solution 
alloy did not transform during the tests and the 
parametric plot of test data shown in Fig. 8 is a 
single-line characteristic of solid solutions, although 
there is some spread of data. In other experiments 
it was found that o did occur in the samples of this 
alloy cold-worked 60 to 70 pct at room temperature 
and heat-treated to cause age hardening. Since it is 
known that age-hardened materials are stronger 
than the supersaturated solutions at temperatures 
where the precipitated phase is stable, an even 
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wider spread of data than that shown in Fig. 8 
would be expected for results of tests of this alloy 
under all possible structural conditions. 

For some age-hardenable alloys such as shown in 
Fig. 9, data from both long and short-time tests at 
high temperatures could be represented by a single 
line at high parameter values. Based on the hard- 
ness-temperature curves in Fig. 9, this Ni-Cr-Be 
alloy did age-harden in the temperature range of 
1200° to 1400°F. Data points from stress-rupture 
tests and tensile tests, however, showed no measur- 
able deviations from a single line, probably because 
none of these tests were carried out under conditions 
of time and temperature associated with measurable 
age hardening. When tested under conditions pro- 
moting maximum age hardening below the straight- 
line part of the curve, a wide band could be ob- 
tained, as was experimentally determined for several 
alloys of this type. 
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Fig. 10—Hardness data and parametric plot for the 0.36 pct Al 
addition to the 60 pct Ni-20 pct Cr-20 pct Fe base alloy, illustrating 
the band formed for an alloy which age hardens to a maximum 
near 1500°F. 
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Fig. 11—-Parametric plot of data for the 90 pct Fe-10 pct Cr base 
alloy, illustrating the effects of an allotropic transformation. 
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For other age-hardenable alloys for which maxi- 
mum hardening occurred near 1500°F, data from 
long-time tests causing age hardening did not 
conform to the straight line which fitted data from 
short-time tests at high parameter values. Data for 
a Ni-Cr-Fe alloy of this type is shown in the para- 
metric plot in Fig. 10. For this alloy, the long-time 
(>100 hr) rupture values for 1200° and 1500°F fall 
along a single line of characteristic slope, while the 
tensile test data and short-time rupture data at 
1200°and 1500°F form a single parallel line at a 
lower strength level. 

These results indicate that data for age-hardening 
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Fig. 12—Parametric plots of data for Cr-Ni-Co alloys with 10 pct 
Co constant, illustrating the effects of stable multiple-phase alloys. 
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Fig. 13—Hardness data and parametric plot for data from alloy 
with 1.24 pet Ta addition to 80 pct Ni-20 pct Cr base. 
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Fig. 14—Hardness data and parametric plot for data from alloy 
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alloys may form a band of strength values for each 
of the parameter values depending upon the prior 
metallurgical history and the effect of time and 
strain upon the strength at the testing temperature. 
The possible ramifications are extensive. The exact 
pattern of the data for various temperatures within 
the parameter band is not definite. It is believed 
that more complete strength data for different test- 
ing temperatures might form families of curves 
with the extremes of strength values falling on 
parallel lines. It is significant, however, that two 
parallel straight lines of characteristic slope§ can be 


§0.117 for cobalt-containing alloys; -—0.133 for cobalt-free alloys. 


used to approximate the limiting strengths for the 
times, temperatures, and, in turn, the parameter 
numbers used in this analysis. This convenience will 
be used for determining the range of strengths of 
the alloys studied. 
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Fig. 15—Hardness data parametric plot for data from alloy with 
7.23 pct Ta addition to 80 pct Ni-20 pct Cr base. 


Allotropic Transformations: Iron-rich and cobalt- 
rich alloys of the Fe-Cr-Co-Ni system undergo allo- 
tropic changes on heating. For alloys where a single 
parameter number covers a range of temperature 
and time including both allotropic modifications, 
the parametric plot may consist of a broad band 
rather than a single line, depending upon the rela- 
tive properties and amounts of the phases. A 1000- 
hr test at 755°F of a specimen of ferritic iron would 
result in a strength different from that of a tensile 
test (0.1 hr) of austenitic iron at 1800°F, although 
both tests correspond to a parameter number of 
22,600. Data from specimens of an Fe-Cr alloy 
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Fig. 16—Hardness data and parametric plot for data from alloy 
with 9.70 pct Ta addition to 80 pct Ni-20 pct Cr base. 


which undergoes an allotropic transformation with- 
in the range of testing temperatures are plotted in 
Fig. 11. The line for points corresponding to the 
high temperature phase is at a higher strength than 
the line for points corresponding to the low temper- 
ature phase. When allotropic transformation of a 
martensitic type occurs, the parametric plot can be 
further complicated by nonequilibrium conditions. 
This alloy was quenched from 2100°F and was sub- 
sequently tempered during testing at elevated tem- 
peratures, Under these conditions it became 
stronger, which is the expected behavior.° 

Multiple Phases and Crystal Structure: Single- 
line parametric plots were obtained for data from 
stable multiple-phase alloys. In Fig. 12, single- 
line parametric plots are reconstructed in composite 
for the purpose of comparing the strengths of alloys 
in the Cr-Co-Ni system consisting of a, y, a-y, and 
a-y-o phases with 10 pet Co and varying chromium 
contents. The strength of these alloys increases 
with increasing chromium contents and the appear- 
ance of a second phase. The y solid solution alloys 

° with less than 40 pet Cr are relatively weak. The 
stronger alloys with 40 pct Cr or more (Fig. 12) 
contain the more complex o or a chromium phases 
and are brittle at low temperatures. 

Single Additions of Incongruous Elements: With 
progressively increasing amounts of additions of a 
single incongruous element to a given solid-solution 
alloy, the following three characteristic types of 

alloys were recognized by relating microstructure, 

parametric plots and age-hardening data: 1—single- 
phase alloys, 2—supersaturated solid solutions 


TRANSACTIONS AIME 


which age hardened, and 3—multiphase alloys at all 
testing temperatures. This behavior is shown in 
Figs. 13 through 16 for tantalum additions to 80 pct 
Ni-20 pct Cr and can be rationalized as follows: 

1—For small tantalum additions, the hardness of 
the base was increased, but no large change in hard- 
ness occurred during aging tests. The data for this 
type of alloy will form a single line on the para- 
metric plots as shown in Figs. 13 and 14. 

2—When the amount of incongruous addition was 
increased and maximum age hardening occurred 
near 1500°F, the corresponding strength data on a 
parametric plot developed a band characteristic of 
age-hardening alloys which age at high tempera- 
tures as shown in Fig. 15. 

3—As the amount of incongruous addition was 
increased further beyond the optimum addition so 
that the age-hardening peak in the hardness-tem- 
perature plot became smaller, or disappeared, the 
corresponding strength data on parametric plots 
formed a single line in the high temperature range, 
as shown in Fig. 16, similar to Fig. 13. 
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Fig. 17—1000 hr, 1500°F rupture strengths (1000 psi) of Fe-Ni-Cr- 
Co base alloys determined from parametric plots. 1500°F phase 
boundaries superimposed. 
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indicating 1000 hr, 1500°F rupture strength (1000 psi). 
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Fig. 20—Effect of single additions of molybdenum or tungsten on 
the 1000 hr, 1500°F rupture strength of selected base alloys. 
Location of base alloys with respect to 1500°F solubility limits 
indicated on phase isotherms at top. 
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Comparative Rupture Strength 

From the parametric plots, a value of 1000 hr, 
1500°F rupture strength (P 27,400) was deter- 
mined for each alloy. These values of strength are 
used throughout as a basis for comparing the high 
temperature properties of the alloys, in order to 
develop some principles of alloy design and not 
merely to report property data. 

Fe-Ni-Cr-Co Alloy Bases: Data for the strength 
of alloy bases determined from parametric plots are 
shown in Fig. 17 on ternary plots of the Ni-Cr-Fe, 
Ni-Cr-Co, and Fe-Ni-Co systems. Where available, 
1500°F equilibrium phase boundaries are indicated 
based on refs. 7 through 13. Fig. 18 is an iso-strength 
plot based on the averaged values from three inter- 
secting plots of strength as a function of the per- 
centages of two of the elements for a constant 
amount of the third element. Similar data for 
quaternary alloys are not included since the data 
for the ternary alloys adequately illustrates the 
principles involved. The strongest alloys in Fig. 17 
could not be investigated in detail because alloys 
with large amounts of o are too brittle to test 
accurately. 

Incongruous Additions: For alloys containing 
incongruous additions which resulted in parametric 
plots having a band of strength values, two parallel 
lines, as shown in Fig. 15, were drawn to approxi- 
mate the range of available strength from the 
unaged to the fully-hardened conditions. From 
these plots, two values of strength were obtained at 
the single parameter number of 27,400. It should be 
emphasized that these two values do not represent 
scatter but do represent the variability of strength 
resulting from heat treatment or changes in struc- 
ture, 

The 1000-hr, 1500°F strengths obtained from ad- 
ditions of tantalum and columbium are plotted in 
Fig. 19 as a function of composition, together with 
the ternary diagrams indicating the base alloy com- 
positions. Where a single-strength value is indi- 
cated for a given composition, a single-line para- 
metric plot was obtained. For alloys where a range 
of strength values is indicated by shading, a para- 
metric plot with a band of strength values was 
obtained. In each case, the data represent lines 
fitted to the experimental points, and not experi- 
mental scatter. It should also be noted that a given 
addition element has very different effects on differ- 
ent base alloys, as illustrated in Fig. 19 by comparing 
the columbium curves for 60 pct Fe-40 pct Ni and 
30 pet Cr-20 pet Fe-25 pet Co-25 pet Ni. These ob- 
servations suggest an advantage of using a super- 
saturated alloy base as compared with an unsaturat- 
ed alloy base. It should be noted also that there is a 
question as to whether these alloys were solution 
treated to obtain maximum solubility. 

The range of strength obtained from the para- 
metric plots are plotted against the percentage of 
molybdenum or tungsten additions in Fig. 20, to- 
gether with ternary diagrams showing the location 
of the base alloys. Three characteristic types of plots 
are shown as follows: 

1—For all molybdenum additions to the 80 pct Ni- 
20 pet Cr base, single strength values were obtained. 

2—In the case of tungsten additions to the 80 pct 
Ni-20 pet Cr base, it was evidently soluble in the 
base up to about 7 atomic pct, forming a single 
strength-composition line. Near the solubility limit, 
the plot branches into a band indicative of age 
hardening. 


TRANSACTIONS AIME 


(3067 2 54) * Ta(30Cr 
x x (BON 
8 
(60Fe40m) 3 
Co-Ni Co 
| 
| 


z 4 
a 
Ia « 
° 1 % v 
= Ti Al 4 
2 (BONI20Cr) 
2 
4 6 8 12 
% Ti OR Zr 
Al ALOR V 
Fig. 21—Effect of single additions of titanium or zirconium on the Fig. 22—Effect of single additions of aluminum or vanadium on 
1000 hr, 1500°F rupture strength of selected base alloys. Loca- the 1000 hr, 1500°F rupture strength of selected base alloys. 
tion of base alloys with respect to 1500°F solubility limits indi- Location of base alloys with respect to 1500°F solubility limits 
cated on phase isotherms at top. indicated on phase isotherms at top. 
3—For molybdenum additions to the 40 pct Ni- produce any measurable deviations from single 


40 pet Cr-20 pet Co base the alloy is probably a strength values characteristic of age hardening. 
stable two-phase structure, but the data did not There is a question as to whether or not these alloys 


2 
ja 
= — x 
~ | a 
= C(20Cr50Fe30Ni) | ° z 
x 4 (ONI20Cr) w 
« * z 
ol 5 2 
o x | 3 
x {(BONi 20Cr) 
8 | 8, 
% Be % C,N ORO 
Fig. 23—Effect of single additions of beryllium, carbon, nitrogen, Fig. 24—Effect of additions of carbon and tantalum or titanium 
or oxygen on the 1000 hr, 1500°F rupture strength of selected on the 1000 hr, 1500°F rupture strength of 80 pct Ni-20 pet Cr 
base alloys. Location of base alloys with respect to 1500°F solu- bose alloy. Location of base alloy with respect to 1500°F solu- 


bility limits indicated on phase isotherms at top. bility limit indicated on phase isotherm at top. 


SEPTEMBER 1953, JOURNAL OF METALS—1159 


TRANSACTIONS AIME 


12) | | 6! whe 


120 d 
110 
5 
60M 20Cr 20Fe 
60 
a 
40 
30 
2 


o 2 4 6 8 10 12 14 16 18 20 22 


TEMPERATURE (00°F) 


Fig. 25—Elongation data from tensile tests of the 60 pct 
Ni-20 pet Cr-20 pet Fe base alloy as a function of tem- 
perature, illustrating the improved ductility obtained from 
deoxidation with titanium. 


were properly solution treated—2100°F is not suffic- 
iently high a temperature to obtain maximum sol- 
ution for all these alloys. Both of these elements, 
molybdenum and tungsten, are similar, but are 
different in atomic characteristics from the base 
elements. 

The strengths resulting from titanium or zir- 
conium additions to various base alloys are shown in 
Fig. 21 and again with reference ternary diagrams. 
These alloys age hardened and the extent is indi- 
cated by the spread in parametric plots. It is some- 
what less than for tantalum, tungsten, or molyb- 
denum. 

The effect of aluminum or vanadium on the 1000- 
hr 1500°F rupture strength of selected bases is 
plotted in Fig. 22. For the limited amount of data 
available for vanadium, the effect of this element is 
very small as might be expected because of its simi- 
larity to chromium (Table III). In the case of 
aluminum there is a pronounced age-hardening 
effect for two of the base alloys, 50 pct Fe-20 pct 
Cr-30 pet Ni and 20 pct Fe-20 pct Cr-60 pct Ni, but 
in both cases the alloy contained small amounts of 
carbon. Three other aluminum additions produced 
small age-hardening effects. In the case of the 
20 pet Fe-40 pet Cr-20 pct Co-20 pct Ni base, the 
minimum strength obtained from the age-hardening 
alloys was lower than that for the alloy base. This 
decrease suggests that aluminum had a purifying 
effect on the base material which caused the 
strength of the alloy to be lower than that of the 
base. Apparently, this effect is similar to that re- 
ported by Lacy and Gensamer for chromium added 
to iron.” 

The effects of single additions of beryllium, car- 
bon, nitrogen, or oxygen on various bases are 
shown in Fig. 23. The data for alloys of oxygen and 
nitrogen are somewhat limited; however, for nitro- 
gen additions the strength obtained for various 
compositions extrapolated to a lower base value 
than that obtained for the base itself. Oxygen 
appears to have a large strengthening effect in very 
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small amounts which then decreases with increasing 


additions. The difficulty of accurately analyzing 
for gases in metals should be recognized in consider- 
ing these results. 

Fig. 24 shows the effects of simultaneous additions 
of carbon with titanium or tantalum on the strength 
of the 80 pct Ni-20 pct Cr base. Carbon, in this case, 
is combined with strong carbide formers, titanium 
or tantalum, which produces large age-hardening 
effects due to the precipitation of these carbides. 
The strong interaction effects resulting from this 
carbide formation would suggest that the effects of 
these simultaneous additions would be considerably 
different from the sum of the effects of each element 
independently. 

Ductility: The percentage of elongation at frac- 
ture in tensile tests is plotted in Fig. 25 (curve A) as 
a function of temperature for an Fe-Ni-Cr alloy. 
This plot is typical of those found in the Fe-Cr-Co- 
Ni face-centered cubic alloys with a minimum elon- 
gation in the high temperature range related to the 
transition from transgranular to intergranular frac- 
ture. The minimum does not occur in data from 
alloys thoroughly deoxidized with hydrogen and 
2 pet Ti” as illustrated in curve B of Fig. 25. Above 
1200°F, where fracture even in short-time tests was 
intergranular, the ductility of these alloys becomes 
low except at very high testing temperatures. For 
certain alloys, such as Ni-Cr binary alloys and the 
Fe-Ni-Cr alloys, the minimum point in the elonga- 
tion curve moves toward lower ductility levels and 
higher temperature levels with increasing chromium 
composition, and it is believed to follow approxi- 
mately with the recrystallization temperature. In 
comparison, for alloys such as 90 pct Fe-10 pct Cr 
which undergo allotropic changes, the highest elon- 
gation occurred at temperatures corresponding to 
the allotropic transformation region. Likewise, at 
temperatures below the minimum where the frac- 
ture is transgranular the ductility of Fe-Cr-Co-Ni 
face-centered cubic solutions tended to be very 
high near the saturation limit in chromium-rich 
alloys. Precipitation hardening alloys showed low 
ductility at a temperature causing rapid precipita- 
tion near the transgranular-to-intergranular trans- 
ition and below the recrystallization temperature. 

Discussion of Results 

The variation in strength of alloys is believed to 
be related to the melting temperature, the crystal 
structure, and other alloying characteristics. For 
solid solutions relative atomic size, relative valency, 
and relative compressibility are important. For 
multiple-phase alloys, phase interaction (for ex- 
ample, coherency), together with the _ relative 
strengths, size, shape, and distribution of the phases 
should be considered. These factors, known to affect 
the strength of alloys, are used to rationalize the 
strengths of the materials studied. 

Melting Point: The greater the difference between 
the testing temperature and the melting tempera- 
ture (where the interatomic bond of the solid crys- 
tal is thermally broken) the stronger an alloy 
should be.” 

By considering the relative strengths of the Fe- 
Cr-Co-Ni alloys at a constant fraction of the abso- 
lute melting temperature (a homologous tempera- 
ture), differences in melting temperature (the 
melting point effect) are equalized to a first approx- 
imation. 

From a plot of the liquidus temperature for these 
systems shown in Fig. 26, the temperatures cor- 
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responding to 0.6 of the absolute melting tempera- 
ture were calculated for each alloy, and the 1000-hr 
rupture strength at these temperatures determined 
from its parameter plot. The resulting averaged iso- 
strength contours are shown in Fig. 27. The con- 
tours of Fig. 27 can now be considered on the basis 
of the other factors affecting strength. 

Crystal Structure: This factor is probably related 
to the ease of deformation and can be considered on 
the basis of the number of possible slip systems (a 
stable function of the slip direction, since the slip 
plane may vary). On the basis of the number of 
possible slip directions, increasing hardness should 
occur in the order given in Table IV, assuming 
equality of all other factors. 

Westbrook” has shown that, based on extrapo- 
lated hardness at 0°K within experimental error, 
the differences in strength between pure nickel, 
iron, chromium, and cobalt due to crystal structure 
should be small, with the complex o phase having a 
strength possibly several times greater. Experi- 
mentally, from Fig. 27, cobalt, iron, nickel, and 
chromium have similar strengths ranging from 
about 500 to 1300 psi. The complex Cr-Co o struc- 
ture is associated with two peaks at strengths of 
8000 to 9000 psi. 

Solid Solution Strengthening: Fundamental alloy- 
ing characterististics of solid solutions are believed 
to be related to: 

1—Relative Atomic Size of Constituents: Qualita- 
tively, at least, larger differences in atom size, or 
more specifically, larger percentage of changes in 
lattice parameter per atomic percentage of solute 
addition, cause larger strengthening effects.” Sol- 
utes which decrease the lattice parameter appear 
to be more effective strengtheners than those which 
increase it.” 

2—Relative Compressibility of the Atoms: The 
smaller the compressibility of the solute atom with 
respect to the solvent atom, the greater the strain 
introduced in the lattice by solution and the strength- 
ening is greater. The effect is probably a function 
of whether the change in lattice parameter is posi- 
tive or negative. A large negative change in lattice 
parameter and a large negative difference in com- 
pressibility between the solvent and solute would 
have greatest effects.”* 

Each of the factors (atomic size and compressibil- 
ity) vary periodically when plotted against the 
atomic number of the pure element. It is interesting 
to note that the solution-hardening effect can also 
be related periodically to the atomic number of the 
solute element.” 

In the Fe-Ni-Co system in Fig. 27, except for a 
small region near iron and extending toward cobalt, 
the alloys are entirely y with the existing a near its 
maximum temperature (i.e., by raising the homo- 
logous fraction to 0.7 a would disappear), and for all 
other factors listed in Table II, the elements are very 
similar. Thus, a flat strength plateau is reasonable 
in this system. 


Table 1V. Order of Increasing Hardness 


No. of 
No. Structure Slip Directions 


Face-centered cubic 
Body-centered cubic 
Hexagonal close-packed, c/a 1.6 
Hexagonal close-packed, c/a 1.9 
Other complex 


Www 


1. 
2. 
3. 
4. 
5. 
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The reason for the lack of a high peak in the 
equilibrium o region of the Fe-Cr system in Fig. 27 
is believed to be a result of the fact that iron and 
chromium form a nearly complete solid solution at 
this temperature (except for a small region of o 
under equilibrium conditions at 50/50 ratio of Fe- 
Cr which was suppressed) and thus approach Fe- 
Ni-Co in character. 

The Cr-Co maximum in Fig. 27 is associated with 
the o phase existing at very high temperatures and, 
also, because chromium and cobalt are different 
with respect to the factors affecting solution hard- 
ening listed in Table III. Chromium is also an active 
element and combines readily with oxygen and 
nitrogen to form stable compounds which are diffi- 
cult to reduce and, thus, impurities remain. There- 
fore, some hardening would be expected from 
impurities which represent an unisolated alloying 
factor. 

The maximum strength in the Cr-Ni system in 
Fig. 27 is believed to be due to the alloying effect, 
since nickel and chromium are the most different of 
the metals considered in Table III, with limited 
mutual solubility. 


Co or 7 


Fig. 26—Isothermal contours of liquid surface for ternary Fe-Ni- 
Cr-Co systems based on data of Kase," Pugh and Nisbet,"’ and 
Koster.’ Eutectic troughs indicated by double lines. 


1000 HOUR RUPTURE STRENGTH AT 
06 TEMP 
AVERAGED (SO- STRENGTH (1000 psi) 


Fig. 27—Iso-strength contours for Fe-Ni-Cr-Co ternary systems 
indicating 1000 hr rupture strength at 0.6 liquidus temperature 
(°K) from parametric plots. 
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Fig. 28—Effect of chromium additions on the 1000 hr, 1500°F 
rupture strength of nickel with and without 10 pct Fe or 10 pct Co. 


The factors controlling solution hardening also 
may be those which affect the limit of solid solubil- 
ity. Solubility limits at 1500°F are approximately 
as follows: 


Ni-Co, Complete face-centered cubic 

Ni-Fe, Nearly complete face-centered 
small amount body-centered cubic Fe 

Ni-Cr, 35 pet Cr face-centered cubic 

Co-Cr, 18 pet Cr face-centered cubic 

Cr-Fe, Nearly complete body-centered 
small amount of o 

Co-Fe, 22 pct Fe face-centered cubic. 


cubic, 


cubic, 


According to these data, chromium is the element 
least soluble in nickel and consequently should be 
the most effective binary hardener. The solubility of 
chromium in cobalt is half of the solubility of 
chromium in nickel. Consistent with the concept 
that more limited solubility leads to more extensive 
solution hardening, in the presence of cobalt the 
strengthening of nickel due to chromium should 
increase. Iron, however, is extensively soluble in 
chromium, nickel, and cobalt at 1500°F. Larger 
amounts of more potent hardeners such as chromium 
or cobalt should be required in nickel to reach a 
given strength level with iron present than when 
iron is absent. This concept is consistent with the 
findings that alloy additions are not independent of 
one another, but that there are interactions between 
solutes as well as between the solvent and solute, as 
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illustrated in Fig. 28. Chromium is the most effec- 
tive hardener of nickel (compare point A with 
points B and C). The strengths of the ternary 
Ni-Cr-Fe alloys with 10 pet Fe fall below the 
strengths of the binary Ni-Cr alloys of comparable 
alloy content. The strengths of the Ni-Cr-Co alloys 
with 10 pet Co reach values one-third higher than 
the Ni-Cr or Ni-Cr-Fe alloys. The strengths of 
these base alloys are least different from each other 
at the 20 pet Cr level found in many commercial 
alloys. This interaction effect indicates that when 
iron is used in large amounts compensatory addi- 
tions of chromium and/or cobalt are necessary to 
maintain a given strength. 

The interaction effects are more significant for 
the most effective addition elements and will be 
discussed in subsequent sections. 

Relative Strengthening Effects of Incongruous 
Additions: For multiphase alloys, all of the above 
factors for solid solutions will apply to determine the 
inherent strength of each phase. Relative strengths, 
amounts, and distribution and condition of the 
phases will determine the strength of the alloy and 
will be modified by temperature and strain history, 
as they control the several factors such as strain 
aging, strain hardening, allotropic transformation, 
precipitation hardening, recovery, recrystallization 
and grain size." 

The strengthening of the various incongruous 
additions was obtained by subtracting the base 
strength from the strengths of the alloys containing 
incongruous elements. These results reflect the 
general relative strengthening effects of the various 
additions.‘ 


* It is clear that the experimental work did not include a suffi- 
ciently wide composition range of all incongruous alloys for their 
maximum effects to be considered comparable. In addition, the 
order of strengthening wher compared on the basis of the maxi- 
mum effects ‘(regardless of amount) is not the same as that when 
the comparative strength is considered at low concentrations and 
at constant amounts. It is also believed that the strengthening effect 
reaches a maximum and usually falls off at higher concentrations 
of incongruous elements 


From these data on the basis of comparing maxi- 
mum effects the decreasing order of effectiveness 
appears to be as follows: 1—tantalum and tungsten, 
2—columbium and molybdenum, 3—zirconium and 
titanium, 4—carbon, 5—aluminum which has been 
treated with carbon, 6—beryllium and aluminum, 
7—-vanadium, and 8—oxygen and nitrogen. The 
greatest strengthening effects come from the high 
melting incongruous additions, tungsten, tantalum, 
columbium, and molybdenum. Among these four, 
the element with the largest atomic diameter, tan- 
talum, is most effective. The next most effective 
additions are titanium and zirconium which are 
widely different from the base alloy in terms of 
atomic diameter, but similar in terms of melting 
point. This order suggests that the most important 
characteristic, aside from melting point, is a differ- 
ence in atomic diameter. Beryllium which has a 
lower melting point than the base elements is the 
next in order of effectiveness and aluminum which 
has the lowest melting point and vanadium which 
has the smallest difference in atomic diameter are 
least effective. The effects of carbon, nitrogen, and 
oxygen are somewhat uncertain because deoxidizing 
effects partly mask the true strengthening and the 
data are limited. Also, they are probably inter- 
stitial and exhibit characteristics different from the 
substitutional incongruous elements. The results on 
simultaneous additions of carbon with titanium or 
tantalum clearly emphasize the complex effects 
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Fig. 29—Correlation between the maximum increase in 1000 hr, 
1500°F rupture strength due to single addition of incongruous 
elements to selected base alloys with the melting temperature 
and atomic diameter of the incongruous element. 


possible from multiple alloy additions found in 
commercial alloys. They also suggest that the best 
commercial alloys may be those where the interac- 
tion effects are most pronounced. The multiple in- 
congruous elements added should have high melting 
points, high compound forming tendencies and low 
solubility in each other as well as low solubilities in 
the base elements, and the compounds formed 
should be very stable. 

In Fig. 29, the maximum strengthening effect of 
each incongruous element obtained in these tests is 
plotted against its melting point. The data points 
are connected according to the difference in atomic 
diameter between the incongruous element and the 
base (except for the interstitial element carbon, for 
which the atomic diameter is not certain). This 
family of curves clearly indicates the strengthening 
effects of high melting elements with large differ- 
ences in atomic size. Zirconium has a somewhat 
lower strengthening effect than would be predicted 
from its melting point or atomic diameter, probably 
because of its high compressibility. The effect of 
valence is not apparent, probably because most of 
these elements are transitions or because valence 
difference for these elements is a less important 
factor in hardening. 

The significance of the relationship in Fig. 29 may 
be further clarified by reference to studies of mag- 
nesium alloy systems, where the phase diagrams are 
well documented. Fig. 30 is based on magnesium 
alloy binary systems in which the terminal mag- 
nesium-rich solid solution is in equilibrium with 
intermetallic compounds forming directly from the 
liquid. For these systems, the melting temperature 
of the intermetallic compound is related directly to 
the melting temperature of the addition element 
(with the exceptions Mg.Sn and Mg.Cu). It has 
been shown” that the higher melting point com- 
pounds (and from Fig. 30 high melting point alloy- 
ing elements) are associated with high eutectic 
temperatures, low eutectic compositions, and low 
maximum solubility limits. Thus, the results in 
Fig. 29 suggest that the addition of higher melting 
point elements results in the formation of higher 
melting point compounds which are more effective 
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hardeners at 1500°F than lower melting point ele- 
ments which form lower melting point compounds. 


Alloying Principles 

The complex alloys used at high temperatures 
may be considered as consisting of a solid solution 
matrix or base alloy to which incongruous elements 
are added to saturate and strengthen the solution 
and to form second phases. 

In this paper, the strength of the base alloys has 
been explained in terms of the relative solution- 
hardening effects of solute elements on the strength 
of the solvent element. It has been shown that the 
largest strengthening effect is obtained by the addi- 
tion of solute elements which are least soluble in the 
solvent element and most unlike it with respect to 
atomic diameter, compressibility, and crystal struc- 
ture. Supplementary strengthening results from 
interaction effects due to combinations of solute 
elements which are unlike each other and emphasize 
these mutual differences with the solvent element. 
Addition elements, on the other hand, which are 
completely soluble with all other constituent ele- 
ments at high temperatures and are intermediate 
among them in atomic characteristics, tend to de- 
crease the strengthening characteristics of more 
potent hardeners. 

The crystal structure is an important factor assoc- 
iated with the differences in strength of alloys as it 
is related to the ease of deformation and to allo- 
tropic transformations. Strong alloys result from 
complex crystal structures which are stable at oper- 
ating temperatures. 

Other things being equal, the strength of an alloy 
is significantly influenced by the testing temperature 
in terms of the fraction of the absolute melting 
point. A careful compromise in composition is 
usually necessary since alloy additions usually lower 
the melting temperature. 

The largest strengthening effects were obtained 
from incongruous elements with high melting points 
and large differences from the base elements with 
respect to atomic diameter. These elements have 
low compressibility and tend to form compound- 
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Fig. 30—Correlation between the melting temperature of mag- 
nesium compounds of the type indicated in the phase diagram and 
the melting temperature of the alloying elements. 
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Fig. 31—Schematic relationships between the phase diagrams, 
strength, and ductility of base alloys with incongruous 
additions. 


type phases with the base metals. Although pertin- 
ent phase diagrams are not available for discussion, 
it appears that the effective incongruous elements 
are relatively insoluble in the base alloys and small 
additions serve to complete the saturation of the 
matrix phase with a more prominent solution-hard- 
ening effect than that associated with any of the 


base elements at saturation compositions. In addi- 
tion, these elements form supplementary phases 
which produce age hardening. The most effective 
age-hardening temperatures were higher for alloys 
having higher melting incongruous elements which 
maintained their hardening effects at the test tem- 
perature as compared to lower melting incongruous 
elements whose structures usually overaged and 
softened at the test temperature. Alloys which age 
harden at temperatures well above the test tem- 
perature exhibit improved ductility as compared to 
those which age harden at the test temperature. 
The strengthening effect of some incongruous ele- 
ments passed through a maximum as a function of 
composition in a manner which suggests that the 
presence of insoluble stable second phases is not 
necessarily desirable for age-hardening-type alloys. 
(The ductility of these “overalloyed” materials is 
very low and this brittleness may result in an ap- 
parent low strength.) Maximum strength may 
occur near the maximum limit of solubility and this 
suggests the advantages of strengthening by age 
hardening as compared to the strengthening associ- 
ated with equilibrium multiple phases. The phen- 
omenom emphasizes the apparent effectiveness of 
small optimum amounts of incongruous elements 
within the maximum solid solubility limit as com- 
pared to large additions producing massive second 
phases, The latter may be considered as overalloy- 
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ing. These considerations lead to generalizations 
relating strength, ductility, and composition pre- 
sented in Fig. 31. 

In Fig. 3la, the solid line represents the con- 
stitution diagram formed with a high melting ele- 
ment as compared to the dashed lines which rep- 
resent the diagram formed with a low melting 
element. Fig. 31b is based on the ideal relationships 
of Mehl and Jetter” for age hardening of alloys 
from the phase diagram in Fig. 3la (solid lines). 
AB represents solution hardening, BDE represents 
the overaged or equilibrium strengthening exciud- 
ing the possible effect of particle size. BCD repre- 
sents the age-hardening effect, and X is the maxi- 
mum strengthening due to age hardening. It is 
possible, therefore, to obtain strengths within the 
range BD to BCD, depending upon the treatment 
used or the stability at high temperatures. The 
corresponding changes in ductility are indicated in 
Fig. 3lc. In the range of solid solubility, sometimes 
the ductility is increased with increasing additions 
(A”B’) and in some systems it is decreased(A‘B’). 
In any case, the optimum combinations of strength 
and ductility probably occur in alloys near the 
maximum solubility limit. 

These schematic diagrams are substantiated by 
the findings of this research that high melting in- 
congruous addition elements are associated with low 
maximum solubilities occurring at high tempera- 
ture, which are related to pronounced solution- 
hardening and age-hardening effects. The age- 
hardening peak in the strength plot is also related to 
the maximum limit of solubility and for high melt- 
ing additions should occur at a high aging tempera- 
ture and thus be stable at a high service tempera- 
ture. The schematic ductility plot suggests that 
little strength is gained and considerable ductility 
is lost beyond the composition of the maximum 
solubility limit. In addition, forging difficulties 
might be more pronounced with alloys which are 
multiple phase at forging temperatures. These 
effects can be derived with some consistency from 
the effects of single incongruous additions consid- 
ered in this paper. The application of these princi- 
ples to complex multiple-component commercial 
high temperature alloys with uncertain phase dia- 
grams and interactions with respect to strengthening 
and embrittling effects are as yet obscure and re- 
quire considerably more fundamental data than 
are now available. 


Summary 

1—The high temperature properties of binary 
ternary, and quaternary Ni-Cr-Co-Fe alloys and 
the effects of single additions of incongruous ele- 
ments have been analyzed using the T(C + log t) 
parameter, (a) to determine the 1000 hr, 1500°F 
rupture strength from tensile and rupture tests 
from room temperature to 2000°F, (b) to charac- 
terize the variety of alloys as follows: (1) solid 
solution alloys, (2) allotropic transformation alloys, 
(3) precipitation hardening alloys, and (4) multiple 
phase alloys, and (c) to emphasize the importance 
of such factors as relative melting points, relative 
atom sizes, recrystallization and recovery, and their 
interactions. 

2—The strength of these alloys can be rational- 
ized on the basis of strengthening effects related to 
fundamental characteristics of the components and 
their possible phasial relationships. 

3—Nickel-rich solid solutions are hardened more 
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effectively by chromium than by cobalt or iron. 
Solute additions are not mutually independent, but 
interaction effects, generally positive for cobalt and 
negative for iron, indicate that variations in base 
composition require quantitative compensation to 
maintain a given strength. 

4—Several factors influence ductility, including: 
alloy content, crystal structure, temperature at 
which fracture changes, temperature dependence of 
precipitation hardening, temperature of allotropic 
transformation, deoxidation practice, recovery, and 
recrystallization. 

5—In the design of alloys for high temperature 
applications, it appears that the characteristics of 
the base alloy should include: (a) Solid solutions 
as nearly as possible saturated at the temperatures 
of maximum solubility with the most potent solu- 
tion-hardening elements (i.e., large differences in 
atom diameter, valency, compressibility, and mini- 
mum solubilities). (b) The most complex struc- 
tures consistent with acceptable ductility. (c) The 
highest melting alloys, preferably for service at 
temperatures < 0.5 melting temperature. (d) Since 
solution-hardened alloys are usually lower melting 
unless they form peritectics and since complex 
structures are not readily fabricated, the optimum 
compromise between all of these factors should be 
sought. In seeking this compromise, it should be 
remembered that solution-hardening elements in 
addition to raising the base strength also increase 
the amount of strain hardening and raise the re- 
crystallization temperature. These factors in part 
counteract the lowering of the melting point. 

6—The relative strengthening effects of various 
incongruous additions appear to be related to the 
melting point of the incongruous addition, to the 
difference in atom diameter between the incon- 
gruous addition and the base and probably to the 
compressibility. The high melting point of the 
incongruous addition probably reflects itself in the 
melting point of the compound formed during age 
hardening. This effect was particularly apparent in 
the simultaneous additions of carbon and titanium 
or tantalum which formed high melting carbides 
and produced the largest amount of strengthening 
found. 

7—A limited amount of data on simultaneous 
additions of carbon and titanium or tantalum sug- 
gests that when the incongruous elements have large 
interaction effects their strengthening effect upon a 
base will be considerably different from that ob- 
tained from individual elements. 

8—It was found that several of the alloy additions 
had purifying effects on the base as indicated by a 
iowering of the base strengths. 
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Subgrain Formation in High-Purity Aluminum During Creep 
At High Temperatures 


by Andre M. Gervais, John T. Norton, and Nicholas J. Grant 


An investigation of the creep deformation of coarse-grained 


high-purity aluminum at temperatures approaching the melting 
point permitted the formulation of a theory of subgrain formation. 
Subgrain boundaries were found to be formed by two different 
processes: kinking and polygonization. Polygonization is considered 


INCE “slipless flow” was first discussed in detail 
S by Hanson and Wheeler,’ many studies have been 
undertaken to determine how metals deform at high 
temperatures. Several types of observations have 
been reported. Jenkins and Mellor,’ working on the 
creep of mild steels and various grades of com- 
mercial irons, found metallographic evidence of a 
kind of substructure within the grains after defor- 
mation at high temperatures. Homes’ observed after 
creep deformation of steel at high temperatures that 
the original X-ray spots were sharply divided into 
several small ones. The same phenomenon was re- 
ported by Hirst’ from his studies on lead and later 
by Crussard’ from his work on aluminum. 

The works of these investigators demonstrated 
beyond any doubt that the splitting of the X-ray 
spots was due to the fact that the grains underwent 
a division into subgrains during deformation at high 
temperatures. 

Since then, numerous experiments have been 
undertaken on aluminum in order to determine the 
mechanism of formation of subgrains. Research 
workers can be divided, for the purpose of discus- 
sion, into two different groups as regards thinking 
on subgrain formation. 

On one hand, based on the work on polygoniza- 
tion by Cahn, Guinier and Lacombe, Greenough 
and Smith,”" Crussard,”" and Servi, Norton, and 
Grant,” it was concluded that subgrain formation 
was a consequence of the simultaneous effects, first, 
of inhomogeneous deformation which produced 
bending of the lattice, and second, polygonization. 

On the other hand, Wood and coworkers” based 
their work on the results of an earlier report’ which 
dealt with crystallite size and a fragmentation theory. 
It is interesting to note that while Greenough and 
Smith® and Wood et al. performed similar experi- 
ments, their conclusions were quite different. Wood 
et al. did not recognize polygonization as a funda- 
mental mechanism and said that aluminum, at the 
beginning of the deformation, fragmented immedi- 
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as the main factor in subgrain formation. 
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Fig. 1—Region in a grain of specimen 2 
detormed by creep at 1150°F and at a 
stress of 45 psi. Total elongation 4.7 pct. 
Surface as revealed by etch pit technique 
after electrolytic polishing. The etch pit 
network represents the subgrain boun- 
daries. X50. Area reduced approximately 
50 pct for reproduction. 


ately into subgrains in order to permit deformation 
of the metal, the number of these subgrains being 
a function of strain rate and temperature. They con- 
cluded that deformation of grains occurred by flow 
along the subgrain boundaries. 

In view of the contradictory conclusions, it would 
appear that the data were not explicit enough to 
provide an unambiguous conclusion. It appears that 
the techniques by which most of the results were 
obtained, namely, X-ray work, were not enough by 
themselves to solve the problem. 

Another approach was needed. In the present re- 
search, therefore, an extensive metallographic study 
was planned to supplement the X-ray work. The 
importance of revealing the subgrain boundaries 
metallographically was realized, and this will ex- 
plain the extensive development and use of etching 
techniques. In order that subgrains would be con- 
siderably larger and therefore more readily visible 
under a microscope, the creep experiments were 
performed at very high temperatures approaching 
the melting point of aluminum. 


Development of Experimental Technique 
Creep tests were run at constant load on high 
purity (99.995 pct) aluminum specimens having a 
very coarse grain size. None of the specimens was 
run to fracture. The specimens were originally round 
(diameter, 0.187 in.; gage length, 1 in.) and had 
parallel flats milled in the gage section to permit 
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a—Film to specimen distance b—Film to specimen distance 
was 3 cm. was 15 cm. 


Fig. 2—Laue back-reflection photographs with X-ray beam located 
in the region indicated by Fig. 1. No division of spots is observed, 
only marked asterism in Fig. b. 


Fig. 3—Region of specimen 11 deformed by creep 
at 1150°F and at a stress of 90 psi. Total elonga- 
tion 4.2 pct. Agreement between patterns is seen 
in both pictures (the black band, shadow, is due 
to grain boundary sliding and migration). X50. 
Area reduced approximately 50 pct for reproduction. 


a (left)—Surtace after deformation (very fine black 
markings are cracks in the oxide skin). 


b (right)—Same location after careful electrolytic 
polishing and electrolytic etching. 


easier metallographic and X-ray observations. The 
final thickness between the milled flats was 0.120 in. 
and the final gage length 0.85 in. 

The specimens were annealed at 1150°F for at 
least 15 hr to obtain a coarse grain size. This coarse 
grain size was obtained by direct grain growth and 
not by strain-annealing, to avoid the introduction 
of any deformation which would affect the results. 
In order to prevent bending of the gage length dur- 
ing annealing, the specimens were placed flat on 
a bed of alumina powder contained in a boat. 

Extensive grain boundary migration during creep 
at high temperatures was minimized by using such 
coarse grained specimens. Due to the limited amount 
of grain boundary migration with respect to the size 
of the grains, metallographic and X-ray observa- 
tions were easily performed on the same grain dur- 
ing a series of several experiments. 

Many tests were run but only the typical cases 
are reported. Among the several hundreds of micro- 
graphs and X-ray patterns taken during this re- 
search only those related to the typical cases are 
presented. 

At the beginning of this research some effort was 
devoted toward improving X-ray techniques. Mono- 
chromatic radiation was not suitable for very refined 
work on this subject. In agreement with Bragg’s 
law, spots produced by some elements could appear 
or disappear with a slight change in orientation of 
these elements during deformation. Consequently, 
it was not possible to follow step by step the evolu- 
tion of a spot, that is to say, of the element of the 
structure that produced this spot. Therefore, the 
Laue technique using white radiation was adopted 
in these investigations. The grains were considerably 
larger than the X-ray beam itself, which permitted 
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the beam to be located entirely within a single grain, 
if desired. 

Guinier and Tennevin™ refined the X-ray tech- 
nique by using a focusing Laue transmission tech- 
nique so that neighboring elements differing in orien- 
tation by even 10 sec of are could be resolved. In 
the present work the above technique could not be 
used because it requires very thin specimens having 
thicknesses of the order of less than 0.5 mm. Such 
thin specimens were not adequate for creep work 
because the specimen surface was too large with 
respect to its volume and consequently the influence 
of the surface would be too great. Furthermore, the 
handling of such thin specimens during creep test- 
ing could result too easily in bending and thus 
modify and color the results. 

Therefore, the Laue back-reflection technique had 
to be used, but in such a case no focusing was pos- 
sible. The ordinary method was improved for some 
of the determinations by increasing the film to speci- 
men distance from 3 to 15 cm. The collimator length 


was also increased to decrease the divergence of the 
X-ray beam. The first problem with this apparatus 
was the very long exposure time (about 10 hr) 
which was required. The second was that the re- 
solving power was not high enough in all cases to 
reveal the subgrains. A clear example of this is 
shown in Figs. 1 and 2. Fig. 1 shows the micro- 
structure of a typical test specimen, the subgrains 
being revealed by an etch pit technique which will 
be described later. Fig. 2a is a Laue back-reflection 


a—Surtace after deformation (oblique illumination). 


Fig. 4~—Kink band in a grain of specimen 10 deformed by creep at 
1150°F and at a stress of 90 psi. Total elongation 4.3 pct. X11. 
Area reduced approximately 50 pct for reproduction. 


b—Surface after 
careful electrolytic 
polishing and elec- 
trolytic etching (di- 
rect illumination). 
Kink band boundaries 
are clearly revealed 
by electrolytic etch- 
ing. 
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photograph (film to specimen distance of 3 cm) with 
the X-ray beam located in the same region shown 
in Fig. 1. Fig. 2b is a Laue back-reflection photo- 
graph (film to specimen distance of 15 cm) with the 
X-ray beam located at the same spot. The asterism 
is marked in the second case, but still no subgrains 
are indicated by this refined technique in spite of 
the fact that subgrains are quite evident (Fig. 1). 
From this it can be concluded that the Laue back- 
reflection technique alone is inadequate to measure 
or detect all the changes taking place. An X-ray 


Fig. 6—Gradual change in substructure as 0.001 inch of metal is 
removed successively trom the surface after each repolish and etch. 
HCI, HF, HNO,, in alcohol. a—top. b—second from top. c— 
second from bottom. d—bottom. X100. Area reduced approxi- 
mately 50 pct for reproduction 
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ee Fig. 5—Region of a grain of specimen 13 as re- 
is vealed by etch pit technique after electrolytic pol- 
ishing. X50. Area reduced approximately 50 pct 
for reproduction. 


a (left)—After annealing at 1150°F, before defor- 
mation. 


b (right)—After deformation by creep at 1150°F 
and at a stress of 70 psi. Total elongation 5.1 pct. 
Note the etch pit network. 

microbeam technique” was not used because its re- 
solving power does not seem to be superior to that 
of the other techniques. 

Polarized light,” “ used for similar research, was 
not utilized here because it appeared that the results 
obtained with this very delicate technique were ap- 
proximately identical to those obtained by electro- 
lytic etching, a very simple technique. After electro- 
lytic polishing of the specimens in the Jacquet solu- 
tion™ (2/3 acetic anhydride + 1/3 perchloric acid) 
at a voltage of about 30 v, the specimens were kept 
in the same solution at a temperature of about 20°C 
and at a very low voltage of about 2 v for 1 hr or 
more. 

After deformation, the untouched surface of the 
specimen revealed boundaries as shown in Fig. 3a. 
These boundaries are revealed more precisely by 
the electrolytic etching as seen in Fig. 3b, but do 
not have the same intensities indicated in Fig. 3a. 
This is due to the fact that there is a selective ap- 
pearance of these boundaries which is related to the 
difference in angle between the blocks. The greater 
the difference, the more distinct do the boundaries 
appear. Electrolytic etching, when applied similarly 
to grains containing kink bands,” revealed that the 
kink band boundaries were sharp and that rather 
important differences in orientation were present as 
shown in Fig. 4. This relationship between sharp 
bending and kinking will be discussed later. 

The etch pit technique was a modification of the 
one devised by Lacombe and Beaujard™ to show 
subgrain boundaries in the case of polygonization.” 
The specimens were etched after careful electrolytic 
polishing. The chemical composition of the etching 
reagent was as follows: methy] alcohol, 50 cc; hydro- 
chloric acid, 32 cc; nitric acid, 50 cc; and hydro- 
fluoric acid, 2 cc. 

The reagent was cooled in an ice bath during 
preparation and a fresh solution was made each 
time. The etching was performed at a temperature 
of about 10°C. As established before” the rate of 
growth of the etch pits varied with the orientation 
of the surface of the grain; very fast for a surface 
parallel to (111), slow for a surface parallel to (100). 
Consequently, no specific etching time could be de- 
fined, every grain having its own optimum etching 
time. Therefore, this method was sometimes tedious. 

A reproducible network was not revealed by the 
etch pits on a specimen after annealing at 1150°F 
and before deformation (Fig. 5a) but after creep 
deformation at the same temperature of 1150°F a 
very clear reproducible network is apparent (Fig. 
5b). Consequently the relation between deformation 
and the etch pit network is very evident. 

The main question was whether etching with this 
reagent revealed the existing structure accurately. 
Fig. 6 shows a region of a specimen deformed at 
1200°F and then polished and etched four times so 
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that after each electrolytic polishing, about 1/1000 
in. was removed. The four pictures show the sub- 
structure of the same area located by a small prior 
identification scratch. It is easy to recognize the 
same etch pit subgrain network and to follow the 
progressive changes in depth. Fig. 7a shows the 
front surface of a creep deformed specimen after 
being etched by the etch pit technique and Fig. 7b 
shows the surface of the cross section at right angles 
to this area. This shows that subgrains are formed 
through the whole thickness of the specimen, and 
are on the average about the same size. 

Another example of the nature and utility of this 
network of etch pits is given by the following ex- 


a—Convex side. b—Concove side. 
Fig. 8—Grain of specimen slightly bent by sagging during anneol- 
ing at 1150°F, polished and etched. The etch pit boundaries are 
perpendicular to the axis of the specimen. X25. Area reduced 
approximately 50 pct for reproduction. 


periment. A very coarse-grained specimen was 
slightly bent under its own weight during annealing 
at 1150°F, the axis of bending being parallel to the 
flat milled surface of the specimen and perpendicular 
to the axis of the specimen. Fig. 8 shows the two 
opposite surfaces of one of the grains of the speci- 
men after polishing and etching, Fig. 8a showing 
the convex side and Fig. 8b the concave side. The 
lines of etch pits are perpendicular to the axis of 
the specimen, that is, parallel to the bending axis. 
X-ray diffraction confirmed that the etch pits in 
Fig. 8 were located at the boundaries of two blocks 
which had a slight difference in orientation caused 
by the curvature of the specimen due to bending. 
Every spot of the Laue back-reflection photograph 
(Fig. 9a) taken on the convex side was sharply 
divided into two parts and this separation line was 
perpendicular to the specimen axis, that is to say, 
parallel to the etch pit lines. A schematic explana- 
tion of the division of the X-ray spots is given in 
Fig. 9b. In such an experiment no errors were intro- 
duced because the X-ray beam could not hit more 
than two subgrains delineated by the etch pits. 
This illustrates very well the process of poly- 
gonization as described by Cahn* where dislocations 
move to surfaces (walls of dislocations) in order 
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Fig. 7—Specimen 1 deformed by creep at 1150°F 
and at a stress of 50 psi. Total elongation 6 pct. 
Etch pit technique after electrolytic polishing. X50. 
Area reduced approximately 50 pct for reproduction. 


a—Region of a grain on the surface of the specimen. 


b—Region of the same grain in cross section. Note 
similarity of subgrain size in both directions. 


to occupy a state of lower energy.” Ramsey” was 
opposed to polygonization because he did not believe 
that dislocations of the same sign could move in 
opposite directions toward these surfaces. Actually 
the dislocations can move in any direction since 
their final state would be one of lower energy. 
Because etch pits have a certain size, or range of 
sizes, the minimum subgrain size that could readily 
be detected under a microscope after etching with 
the reagent had to be much larger than the etch pit 
size. In the present work, therefore, the range of 
deformation temperatures for which subgrains could 
be easily observed and studied was rather limited; 
that is, it was only above a certain minimum tem- 
perature that the subgrain size was large enough 
to be revealed distinctly by the etch pit technique. 
It must be pointed out that, at first, it was quite 
difficult to see any relation between the results of 
the two different etching techniques (etch pit and 
electrolytic) because of the high density of subgrain 
boundaries shown by the etch pit technique with 
respect to that indicated by electrolytic etching. 


Fig. 9a—Laue back-reflection photograph 
of the convex side of the grain in Fig. 8a. 
Spots are sharply divided in their middle. 


SPECIMEN AXIS 


REFLECTING CELL 
PLANES BOUNDARY 


BEFORE BENDING AFTER BENDING 


Fig. 9b—Schematic representation of the division of the 
X-ray spots of Fig. 9a. 
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b (right)—Etched with the etch pit reagent after 
caretul electrolytic polishing. 


However, a relation was found between these two 
types of networks, as shown in Fig. 10. It is pos- 
sible, as indicated by the arrows, to identify the 
pattern of subgrain boundaries revealed by electro- 
lytic etching within the pattern of subgrain bound- 
aries revealed by using the etch pit technique. 

Fig. 'l shows three micrographs of an area after 
deformation, after polishing and electrolytic etch- 
ing, and after polishing and etching with the etch 
pit technique. In this case it w>- not as easy to 
match the patterns obtained by |! two etching 
techniques as it was for the ca-e presented in Fig. 
10, where the subgrain size was much larger (i.e., 
the number of subgrain boundaries and hence the 
number of etch pits were less). 

Since it had been indicated before that the bound- 
aries revealed by electrolytic etching were related 
to the boundaries seen on the surface after deforma- 
tion, it is, consequently, possible to correlate these 
boundaries with those revealed by the etch pit tech- 
nique. 

Mechanism of Subgrain Formation 

After deformation, when one looks at a region in 
a grain, the boundaries appear to separate dark 
regions from light regions, this difference in illum- 
ination being due to the sudden change in orienta- 
tion across these boundaries. This type of boundary 
is somewhat similar in appearance to the ideal kink 
band boundaries previously described,” but is dif- 
ferent in that the boundaries of the ideal kink bands 
cross the entire width of the specimen, the cross 
section being occupied by only one grain. In the 
case where a smaller grain size is involved, the 
quantity of grain boundary with respect to the 
volume of the grain is greater; therefore, the bend- 
ing moments are not so homogeneously distributed 
in the smaller grains during heavy grain boundary 
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Fig. 10—Region of a grain of specimen 10 deformed 
by creep at 1150°F and at a stress of 35 psi. Total 
elongation 6.9 pct. Boundary network in Fig. a is 
confirmed in Fig. b (indicated by arrows in several 
more prominent locations). X50. Area reduced ap- 
proximately 50 pct for reproduction. 


a (left)—Electrolytic etching after careful electro- 
lytic polishing. 


sliding.” On the other hand, there is a unique bend- 
ing moment in a large grain with kink bands cross- 
ing the width of the specimen. In the case of smaller 
grain size the kinking process is not regular and 
results in the formation of blocks (as contrasted to 
bands). The boundaries produced by the process of 
kinking are the locations of sharp changes in orien- 
tation of the lattice, but the bending in this case 
was sharp from the very beginning of the deforma- 
tion. This initial difference in orientation then in- 
creased with a progressive tilt of the neighboring 
block (rotation as in the case of kink bands).” ™ 

These metallographic observations are in contra- 
diction to the theory of Wood and coworkers on the 
flow between subgrains to permit deformation of 
the grain.” Fig. 12 shows schematically why 
Wood's idea cannot be accepted in the case of such 
boundaries. In case II of Fig. 12, flow along sub- 
grain boundaries, as suggested by Wood et al., would 
produce the same effect as that along grain bound- 
aries (see for example, Figs. 3 and 11); that is to 
say, dark bands would be observed to separate two 
neighboring blocks which would have about the 
same intensity. On the contrary, case I of Fig. 12 
would be observed with a sharp change in orien- 
tation at the boundary, that is, kinking with no 
movement of the boundary during the process of 
rotation of one block with respect to the other. It 
may be seen from a study of the micrographs in Figs. 
3a and lla that case II is not applicable to the 
observations. 

Boundaries revealed by electrolytic etching cor- 
respond to the kinks observed on the surface after 
deformation due to selective etching based on the 
difference in angle between the blocks on each side 
of the boundary. As these kinking boundaries pre- 
sent a greater difference in orientation they were 
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a—Surface after deformation (boundaries 
inside the grain separate regions of com- trolytic polishing. 
pletely different illumination). Forked black 

markings are cracks in the oxide. 


b—Electrolytic etching after careful elec 


c—Etched with the etch pit technique 
after careful electrolytic polishing (small 
subgrain size). 


Fig. 11—The same region of a grain of specimen 11 deformed by creep at 1150°F and at a stress of 90 psi. Total elongation 4.2 


pet. X50. Area reduced approximately 50 pct for reproduction 


revealed first by electrolytic etching. In Fig. 11b the 
subgrain boundaries revealed by electrolytic etch- 
ing are apparently only those boundaries of higher 
difference in orientation of the lattice because fre- 
quently they join the grain boundaries at points 
where the grain boundaries change their orientation. 
This is due to their higher energy with increasing 
difference in orientation of the lattice.” “ 

On the other hand, the magnitude of the differ- 
ence in orientation of the lattice on each side of the 
subgrain boundaries, as revealed by the etch pit 
technique, does not seem to have an influence on the 
appearance of the boundary. Opposite results are 
found when boundaries are revealed by electrolytic 
etching (Fig. 10). The result of etching with the 
etch pit technique is that boundaries separating sub- 
grains having only a small difference in orientation 
are virtually identical in appearance te boundaries 
separating blocks which have a larger difference in 
orientation. 

It appears, therefore, that the etch pit technique 
is a more sensitive method of detecting the first 
appearance of subgrains but does not differentiate 
on the basis of the angular difference between sub- 
grains. Electrolytic etching, on the other hand, does 
not detect subgrain boundaries with small angular 
difference between subgrains, but is capable of de- 
lineating orientation differences at fairly large 
angles, for example due to kinking. Consequently, 
electrolytic etching can quite easily give erroneous 
information on the number of subgrains and on the 
real subgrain size, as for example, in Rachinger’s 
work.” 

In the work on kink band formation,” it was 
shown that in addition to sharp bending along the 
kink band boundaries, X-rays revealed a smooth 
bending in the bands themselves or in regions out- 
side the kink bands. These results were observable 
primarily because of the large size of the kink 
bands;* but this phenomenon remains the same in 
the case of smaller blocks formed by kinking in the 
present work on subgrain formation, namely, that 
in addition to the sharp bending produced by kink- 
ing, a smooth bending occurred inside the blocks 
formed by kinking. 
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In observations of the formation of kink bands, 
as compared with observations of general substruc- 
tures revealed by etching methods and by observa- 
tions of the microstructures after deformation, it is 
possible to distinguish two processes of subgrain 
boundary formation: 1—By kinking, which forms 
sharp boundaries from the very beginning of the 
deformation process; 2—By polygonization of the 
smoothly bent regions within the zones formed by 
prior kinking. 

In opposition to the case of ideal smooth bending 
about a single axis, the boundaries formed by poly- 
gonization, as revealed by etch pits inside the zones 
formed by kinking, are not parallel to each other 
because the amount of bending and the axes of 
bending vary from one spot to another due to the 


WHITE WHITE DARK 
ra 
oz 
2% 
SS SV 
x 
< 
a SSS SS 
WHITE WHITE Back WHITE 
= j 
Hz 
= 
a FINAL 
z RY 
2 BOUNDARY 
BEFORE AFTER 
DEFORMATION DEF ORMATION 


Fig. 12—Schematic representation of the appearance of 
boundaries in microscopic observations as produced by 
kinking or fragmentution and boundary flow. 
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Fig. 13—Subgrains near a grain boundary of specimen 2 deformed 
by creep at 1150°F and a stress of 45 psi. (Grain boundary indi- 
cated by arrows). Electrolytically polished and etched (etch pit 


technique). Note greater density of subgrains near the grain boun- 
dary. X50. Area reduced approximately 50 pct for reproduction. 


extensive inhomogeneity of deformation in creep 
testing. 

Fig. 11 shows that the number of subboundaries 
as revealed by the etch pit technique was much 
greater than the number of subboundaries which 
could be seen on the unetched surface either after 
deformation or after electrolytic etching. Such ob- 
servations indicate that the number of subboundaries 
formed by polygonization is much higher than that 
which is formed by kinking. Consequently, poly- 
gonization appears to be the main factor responsible 

| 


a—After 1 pct elongation. 


b—After 3 pct elongation. 


for subgrain formation. 

In the present work which was performed at high 
temperatures not far from the melting point, dif- 
fusion rates are high and dislocations can move easily 
and reach stable positions very rapidly. Hence, if 
polygonization is really the main factor in subgrain 
formation, it is reasonable to believe that the sub- 
grain size would be primarily a function of the 
total amount of bending and of temperature, namely, 
smaller subgrain size with higher bending and lower 
temperature.” Results found in the present inves- 
tigation agree with this theory, and the typical cases 
are presented below. 

It is known that at high temperatures, because of 
heavy sliding along grain boundaries, deformation 
initially is greater along grain boundaries than in- 
side the grains.” ™ Fig. 13 shows such a grain bound- 
ary (indicated by arrows) and the neighboring 
regions. The subgrains are considerably finer ad- 
jacent to the grain boundary. Fig. l4a is a Laue 
back-reflection photograph of a region far from the 
grain boundary shown in Fig. 13, and Fig. 14b is 


Fig. 14a (left)—Laue back-reflection photograph 
with X-ray beam at a point removed from the grain 
boundary indicated in Fig. 13. 


Fig. 14b (right)—Laue back-reflection photograph 
with X-ray beam located just along the grain boun- 
dary indicated in Fig. 13. Higher bending of the 
lattice is noticeable near the grain boundary. 


a Laue back-reflection photograph of a region just 
along the grain boundary. Fig. 14b clearly supports 
the etch pit evidence in Fig. 13 of higher bending of 
the lattice adjacent to the grain boundary. 

In another test specimen 5 was successively elon- 
gated by 1, 3, and 12 pct in a creep test at the same 
initial stress and temperature. Fig. 15 indicates that 
the subgrain size decreased with increasing elon- 
gation. In the third step of the creep test heavy 
duplex slip took place during increased deformation 
in the grain (Fig. 15c). Increasing deformation re- 


c—After 12 pct elongation. (Slip and con- 
jugate slip occurred inside the grain for 
such a total elongation). 


Fig. 15—Same region of specimen 5 deformed by creep at 1150°F and at a stress of 50 psi, electrolytically polished and etched (etch 
pits). Note the decrease in subgrain size with the greater deformation of the grain. X50. Area reduced approximately 50 pct for 


reproduction. 
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b (right)—Further deformed at a stress of 35 psi. 
Strain rate: 4x10 ‘hr'. Total elongation from 4.3 
to 6.9 pct. 


No distinct change in subgrain size. Subgrain size 
varies markedly within the grain. 


sulted in greater bending and consequently in dim- 
inishing the subgrain size. 

In a test to evaluate the role of strain rate, speci- 
men 10 was first deformed by creep at 1150°F at a 
stress of 90 psi; later a small additional increase in 
strain was obtained by creep at 1150°F and at a 
decreased stress of 35 psi. In the second portion of 
the test the strain rate was 800 times smaller than 
in the first. The metallographic results are shown 
in Fig. 16, and an important change in subgrain size 
is not evident. This result does not agree with the 
assumption that the subgrain size largely determines 
the mechanical strength exhibited by the metal dur- 
ing deformation.” “ Furthermore, it must be pointed 


ety 

‘ 
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Fig. 16—Same region of a grain of specimen 10 
deformed by creep at 1150°F, electrolytically pol- 
ished and etched (etch pits). X50. Area reduced 
approximately 50 pct for reproduction. 


a (left)—Deformed at a stress of 90 psi. Strain 
rate: 3.2x10 ‘hr’. Total elongation from 0 to 4.3 


pet. 


out that in the micrographs of Fig. 16 the subgrain 
size is not the same all over the grain, and this fact 
is not in agreement with the theory of strength as 
a function of the subgrain size. On the contrary, 
bending can vary in different parts of a grain and 
the explanation of subgrain size as a function of 
local bending seems more feasible. 

Finally, the influence of temperature on subgrain 
size was very striking, as shown in Fig. 17. In this 
case the tests were run on the same specimen at 
the same initial stress but at three different tem- 
peratures. It will be noted that the subgrain size 
increased markedly with temperature at these high 
temperatures. 


¥, 


a—Deformed ot 1075°F. Strain rate: 1.1x b—Deformed at 1150°F. Strain rate: 3.8x c—Deformed at 1100°F. Strain rate: 1.02x 


10°’. Total elongation from 0 to 5.2 pet. 


10°’. Total elongation from 5.2 to 10.8 pct. 


10’. Total elongation from 10 to 17.3 pet. 


Fig. 17—Same region of specimen 15 deformed by creep under a stress of 90 psi, electrolytically polished and etched (etch pits). 
Note the change in subgrain size as a function of temperature in spite of the fact that the specimen was deformed at the same stress. 


X50. Area reduced approximately 50 pct for reproduction. 
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Conclusions 

A theory of subgrain formation has been pro- 
posed. The striking fact is that this theory bridges 
the gap between the theory based on fragmentation 
on the one hand and that based on polygonization 
on the other. 

Wood and coworkers were not entirely wrong in 
saying that fragmentation was taking place if frag- 
mentation is synonymous with kinking. Due to kink- 
ing, a small number of boundaries are formed which 
are sharp from the very beginning of the deforma- 
tion process. Contrary to Wood et al.’s argument, 
however, significant sliding has not been noted to 
occur along this type of boundary but primarily 
rotation. 

In addition, the idea that polygonization was the 
only process of subgrain formation, while subject 
to some modification, is essentially correct since 
most of the subgrain boundaries are formed by poly- 
gonization of the smoothly bent regions delineated 
by kinking. 

X-ray and metallographic evidence indicate that 
polygonization was the main factor in subgrain for- 
mation. The subgrain size was found to be a func- 
tion of the extent of bending and of temperature. 
The experiments, which had to be performed at high 
temperatures where diffusion rates were very high, 
showed temperature to be a very important factor. 
Since polygonization is indicated to be chiefly re- 
sponsible for subgrain formation, subgrains must 
form as a consequence of deformation and are not 
a main cause of deformation. 
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Inhomogeneity in Creep Deformation of Coarse Grained 


High Purity Aluminum 
by H. C. Chang and N. J. Grant 


Creep of very coarse grained high purity aluminum was studied 
at 400°, 700°, and 1100°F at initial stresses of 50 to 1200 psi. 


Local strain measurements were made across the grain boundaries 
and in different regions of various grains during creep, thereby 
permitting the drawing of component creep curves. The relative 
amounts of elongation as measured across a grain boundary and in 
the grains adjacent to the boundary depend on the temperature of 
testing. The significance of creep curve equations and activation 


energies is discussed. 


HIS paper presents some of the results of a re- 
search program devoted to the study of the 
mechanism of creep in high purity aluminum. Pre- 
vious publications have dealt with the cyclic proc- 
esses of alternating grain boundary sliding and 
migration, and the deformation in the grains caused 
by these processes;' the direction and the driving 
force of grain boundary sliding and migration;’ 
the deformation in the grains and the restricting 
effects of the grain boundaries on this deformation.’ 
These previous papers were based mainly on either 
microscopic observations or X-ray data, or both. 
Sometimes creep curves across two closely spaced 
reference marks (about 0.6 to 0.7 mm apart) were 
also presented with a view to correlating the elon- 
gation values with the optical observations in gen- 
eral, and with certain deformation processes in 
particular, These curves shall henceforth be re- 
ferred to as component creep curves. No attempts 
were made, however, to compare either the com- 
ponent creep curves which were obtained in differ- 
ent regions of a specimen, or those obtained from 
different specimens subjected to different creep test 
conditions. 

It is the purpose of this paper to present these 
component creep curves. Among the factors influ- 
encing the behaviors of these curves, those studied 
were stress, temperature, and grain arrangements 
in the specimens. It is proposed to show how 
greatly the deformation can vary from grain to 
grain and within an individual grain in a coarse 
grained specimen. 

H. C. CHANG, Associate Member AIME, is associated with the 
DIC Staff, and N. J. GRANT, Member AIME, is Associate Pro- 
fessor, Dept. of Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. 

Discussion on this paper, TP3629E, may be sent, 2 copies, to 
AIME by Dec. 1, 1953. Manuscript, Sept. 15, 1952; revision, 
June 19, 1953. Cleveland Meeting, October 1953. 
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The experimental technique and procedure have 
been presented.’ It remains necessary to emphasize 
that the reference marks were produced by pressing 
a thin sewing needle into the surface of the specimen 
before the final annealing at 900°F for 24 hr and at 
1150°F for 12 hr. The cold work around the needle 
indentations was therefore removed. The depth 
of these holes after electropolishing the annealed 
specimens was about 0.01 mm. This depth and area 
were negligible in comparison with the thickness of 
the specimens, 2.3 mm, and hence would not affect 
the creep behavior. 


Results 


Fig. 1 shows a development diagram of specimen 
P-8. The dots on the surface locate the needle point 
reference marks used to obtain the component creep 
curves, A curve obtained between two dots across 
a grain boundary measures not only the boundary 
deformation but also the deformation associated 
with boundary sliding occurring in the grains in the 
region between these indents. The original distance 
between two reference marks was about 0.6 to 0.7 
mm. The maximum error of measurement was 0.01 
mm, or in terms of percentage elongation, of the 
order of + 1.5 pet. 

Whereas the component creep curves shown in 
the figures to follow were drawn as a gross average 
of the points, in view of the fineness of some of the 
steps of grain boundary sliding and migration, as 
shown in the previous publications," * it appears log- 
ical to expect that some of the finer cycles of move- 
ment have not been delineated for the strain sensi- 
tivity of the measuring system. It seems justifiable 
to say that the curves are not as smooth as shown. 

700°F Tests: Fig. 2 shows component creep curves 
across four of the grain boundaries in specimen P-8, 
tested at 700°F and 85 psi. These curves clearly 
show alternate cycles of increasing and decreasing 
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Fig. 1—Structural development 
drawing of specimen P-8, test- 
ed at 700°F and 85 psi. Dashed 


indicates the course of 
The black 


line 
heavy slip bands. 


dots indicate reference marks 
for component creep curves. 
1—Back surface. 2—Left edge. 
3—Front 
edge. 


surface. 4—Right 


4 


creep rates. It has been shown’ that these cycles 
are associated with the consecutive processes of 
grain boundary sliding and migration. 

It can be seen from Fig. 1 that the boundary be- 
tween grains B and C lies about 75° to the direction 
of applied stress. This boundary was not too favor- 
ably oriented for sliding; the component creep 
curve obtained across this boundary is shown as 
curve IV in Fig. 2. After one cycle of increasing and 
decreasing creep rates in the early stages of the 
test, the creep rate settled down to a low fairly 
constant value in the later stages of creep. The 
elongation across this boundary at the time when the 
test was stopped was only 7.5 pet which is low 
compared to the values for the other three bound- 
aries. 

As shown in Fig. 1, the boundary between grains 
C and D at the reference marks was favorably 
oriented for sliding; however, the balance of the 
boundary was curved at the start of the creep test. 
After an initial period of about 15 hr, during which 
time creep deformation was small, this grain bound- 
ary became relatively straight as a result of bound- 
ary migration. As this boundary straightened out, 
the blocking effect at the triple point of grains C, D, 
and E, Fig. 1, on the front surface was overcome, and 
rapid deformation occurred as shown by creep curve 
III, Fig. 2, the elongation increasing sharply for the 
next 20 to 25 hr. A period of recovery followed 


ELONGATION PERCENT 


| 
20 


HOURS 

Fig. 2—Specimen P-8, 700°F, 85 psi. Component creep curves 

across grain boundaries of various orientations with respect to the 

specimen axis. See Fig. | for location of markers. 
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before another period of increasing creep rate could 
occur after about 65 hr. 

The grain boundary between grains D and R, 
with two small grains E and G (Fig. 1) at its ends 
offering relatively small resistance, was favorably 
oriented for sliding. Extensive deformation oc- 
curred from the very beginning, showing a fairly 
continuous increase in elongation, curve II, Fig. 2. 

Curve I, Fig. 2, shows the component creep curve 
across the boundary between grains R and P. This 
boundary at the reference marks, Fig. 1, is a short 
straight boundary close to 45° to the stress axis. 
Furthermore, this region of the specimen contains 
more grains (finer grain size) than the rest of the 
specimen. It was shown previously’ that the extent 
of grain boundary sliding and migration increases 
with decreasing grain size at high temperatures. 
The large initial creep deformation and the final 
large deformations are the result of this particular 
grain arrangement. After about 80 hr, at a time 
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TIME HOURS 
Fig. 3—Specimen P-8, 700°F, 85 psi. Component creep curves in 
the grains and a creep curve over the total gage length. See 
also Fig. 1. 


when the total deformation for the specimen was 
about 8 pet, this was 18 pct elongation across bound- 
ary RP and as little as 7.5 pet across boundary BC. 

It is interesting to note from the curves in Fig. 2, 
curves I and II in particular, that the periodicity 
of decreasing and increasing rates gets smaller as 
the amount of creep increases. 

Many component creep curves were also obtained 
in the grains of specimen P-8. Two typical ex- 
amples of these are shown in Fig. 3, curves I and 
III. 

Curve I was obtained across a heavy slip band 
in grain C. The nature of a component creep curve 
across such a band has been discussed.” It is shown 
here for the purpose of comparison with curve III, 
which was obtained in a region of grain P where 
subgrains, instead of heavy slip bands, were 
formed. The amount of extension in a region in 
which subgrains were formed, as curve III demon- 
strates, is very much less than that in a region in 
which heavy slip bands were formed. However, 
they are qualitatively similar in that they show 
a eyclic behavior. 

In Fig. 3 is also shown the creep curve over the 
entire gage length of the specimen, curve II. Re- 
gardless of the step-wise nature of component 
creep curves obtained from this specimen, P-8, 
curve II is not only similar to the conventional 
creep curve but is also surprisingly smooth. 
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Fig. 4—Specimen P-6, 700°F, 200 psi. Component creep 
curves. See Fig. 6. 
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Fig. 5—Specimen P-6, 700°F, 200 psi. Deformation along the gage 
length of specimen P-6 (see Fig. 6) after fixed intervals of time, 
comparing relative creep across grain boundaries and within grains. 
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In order to show the effect of higher stresses on 
the form of component creep curves, two typical 
component creep curves, one across a grain bound- 
ary and the other for a grain, obtained from 
specimen P-6, are shown in Fig. 4. The develop- 
ment diagram of this specimen is shown in Fig. 5. 
Specimen P-6 was subjected to creep at 700°F and 
200 psi (fractured in about 22 hr), whereas P-8 was 
at 700°F and 85 psi. The initial period of rather 
rapid increase of creep strain across a grain bound- 
ary, curve I, was in accord with the optical observa- 
tions during the test which showed that boundary 
sliding and migration were primarily responsible 
for the deformation in the early period at 700°F. 
Comparison of curves I and II, Fig. 4, shows that 
deformation in the grains can overtake the deforma- 
tion across the grain boundaries, in the later stages 
of creep. 

It appears that the step-wise nature of com- 
ponent creep curves at high stresses, Fig. 4, is less 
distinct than at low stresses, Figs. 2 and 3; how- 
ever, the infrequency of measurements relative to 
the creep rate of this specimen is very probably one 
of the reasons. 


Fig. 6—Structural develop- 

ig ruc ura eve op E : >, 

ment drawing of specimen ; 

P.6, tested at 700°F and 

200 psi. Black dots indicate 4 

reference marks for compo- H 

nent creep curves. 1—Back 

surface. 2—Left edge. 3— : 

Front surface. 4—Right e 

edge. 8 
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Fig. 5 shows a plot taken from specimen P-6 of 
percentage elongation, represented by blocks be- 
tween consecutive markers along the gage length of 
the specimen (see Fig. 6) at three different time 
intervals during the course of the creep test. Each 
column along the abscissa is at the midpoint be- 
tween two reference markers, the distances being 
taken with respect to grain boundary AB as a ref- 
erence. The areas between the various time levels 
show the deformation which has occurred in that 
time interval. The elongation at a grain boundary 
was arbitrarily considered as the elongation be- 
tween two reference marks across the grain bound- 
ary. Fig. 5 also shows that boundaries, oriented 
favorably for the application of shear stress, such 
as the boundaries of grains B and C, and D and E, 
show greater deformation than less | favorably 
oriented ones. That the elongation across the 
boundary between grains E and R is relatively 
small in comparison with the other three equally 
favorably oriented boundaries may be the result 
of a slight orientation difference across this grain 
boundary in addition to the complicated arrange- 
ment of the grains in that part of the specimen. 

The point mentioned above in connection with 
Fig. 4, that the amount of deformation in the grains 
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Fig. 7—Specimen P-10, 1100°F, 50 psi. Component creep 

curves showing large initial deformation due to grain bound- 

ary sliding and migration. Insert shows a portion of the 

development diagram of specimen P-10. 


overtakes that across the grain boundary in the 
later stages of creep, is more clearly illustrated in 
the case of grain D, Fig. 5. It can be seen from 
this figure that after 2% hr of creep, the largest 
elongation in grain D was about 7 pct whereas the 
elongation across the boundary between grains C 
and D was 12.5 pet. However, after the specimen 
was subjected to creep for 9% hr, the largest 
elongation in grain D increased to 36 pct whereas 
that across the boundary between grains C and D 
increased only to 24.5 pct. 

Another point of interest in connection with 
Fig. 5 is that the elongation in that part of the grain 
which is close to a grain boundary favorably ori- 
ented for sliding is often less than the deformation 
close to the center of the grains, or across the grain 
boundaries. It is interesting to compare these 
results with those obtained by Boas and Hargreaves 
who measured the local strains of tensile deformed 


Fig. 8—Specimen P-11, 400°F, 400 to 750 psi. Illustration of re- 
striction of deformation due to orientation and geometry effects. 
Note especially grain J. X100. Area reduced approximately 50 
pet for reproduction. 
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specimens (at room temperatures) of coarse grained 
commercially pure aluminum.‘ They found that 
the deformation tends to be continuous across 
the grain boundaries, and that the grain boundaries, 
in general, restrict the deformation in the grains. 
This restricting effect of the boundaries on the de- 
formation in the grains still exists under creep 
conditions of testing both at high and low tempera- 
tures, and results in an elongation, measured in 
the neighborhood of the grain boundaries, which is 
often smaller than that in the center of the grains, 
depending on geometry. 

1100°F Test: As shown in a previous publica- 
tion,’ a grain boundary in a specimen subjected to 
creep at 1100°F, migrated quickly in a step-wise 
manner to a position almost perpendicular to the 
specimen axis during the early stage of the test, 
each step of migration being accompanied with 
small amounts of sliding. Fig. 7 shows two com- 
ponent creep curves obtained on this specimen 


40 


z 
a 
a 
z 


ELONGATION 


I IN GRAIN A (FRONT) 


TZ ACROSS BOUNDARY BETWEEN 
GRAINS A AND C 


T™ IN GRAIN C (FRONT) 


2 4 6 ~ 14 
TIME IN HOURS 
Fig. 9—Specimen P-7, 400°F, 1200 psi. Component creep 
curves across and adjacent to grain boundary of grains A 
and C, Fig. 10, representing the case where slip can be trans- 
mitted across the grain boundary. 


(P-10, tested at 1100°F, 50 psi). Curve I represents 
a component creep curve obtained across the orig- 
inal boundary between grains A and B (repre- 
sented by the two lower reference marks in the 
insert of Fig. 7). Curve I shows that an elongation 
of about 7 pct occurred in the first % hr period. 
During this time the grain boundary between 
grains A and B slid and migrated down and out of 
the field covered by the two noted reference marks. 
In comparison with the upper curve, the balance 
of which was actually obtained in grain A, curve II 
(the two upper dots are reference marks) shows 
a relatively small amount of creep in the first % hr 
period. Thereafter, both curves represent the de- 
formation in grain A by slip and subgrain forma- 
tion. Both curves show a cyclic behavior as did 
those obtained from specimen P-8 tested at 700°F. 
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Fig. 10—Structural development 
drawing of specimen P-7, test- 
ed at 400°F and 1200 psi. 
Black dots indicate the ref- 
erence marks for component 
creep curves. |—Front surface. 
2—Right edge. 3—Back sur- 
face. 4—Left edge. 
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As in the previous instances the deformation 
throughout the specimen, as measured by compon- 
ent creep curves, is severely inhomogeneous. 

400°F Test: It has been shown’ that creep de- 
formation at 400°F, in contrast to that at 700° to 
1100°F, is characterized by slip band formation in 
the early stages of creep and by slip and subgrain 
formation in the later stages of creep. Grain 
boundaries slid slightly only in the late stages of 
creep. Clear steps of boundary migration were not 
observed at this temperature. Thus the character- 
istics of deformation at this temperature are more 
similar to those of room temperature deformation. 

The behavior of the grain boundaries at 400°F 
can be divided into two types based on grain and 
grain boundary orientation relationships. The first 
depends on whether the orientation difference 
across the grain boundary is small, so that deform- 
ation in one grain can be easily transmitted to the 
other grain; the second type depends on whether 
the adjacent grains are of such orientation that 
the deformation in both grains is restricted, see 
grains L and J, Fig. 8. 

The nature of the creep curve for the case where 
deformation can continue across the grain bound- 


28 T T T T T | T T 
| 


ELONGATION IN PERCENT 
T T T 
\ 
\\ 


8 1’ + + 
A I IN GRAIN I 
IT OVER THE TOTAL GAGE LENGTH 


4 


TI IN GRAIN K 
IZ ACROSS BOUNDARY BETWEEN 
- GRAINS | AND K 
| 
i L | i | | 4 
2 6 10 i2 14 


TIME IN HOURS 


Fig. 11—Specimen P-7, 400°F, 1200 psi. Component creep 
curves across and adjacent to grain boundary of grains | and 
K, Fig. 10, representing the case where orientation difference 
across the grain boundary is large. 
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ary is shown in Fig. 9 for specimen P-7, tested at 
400°F and 1200 psi. Curve II shows the elongation 
across the boundary between grains A and C, Fig. 
10. The elongation values shown in curve II lie 
in between those of curves I and III. Curves I and 
III represent the creep in grains A and C, respec- 
tively, in the vicinity of the boundary. The case 
wherein the deformation in both grains is re- 
stricted, is shown in Fig. 11. The extent of defor- 
mation across the grain boundary is smaller than 
that in either grains. A creep curve over the whole 
gage length is also shown in Fig. 11 for specimen 
P-7, and again a smooth creep curve was obtained. 

Fig. 12 was prepared in the same way as Fig. 5. 
It can be seen that the deformation in the grains 
follows the same general trend at two different 
times. The peaks and valleys appeared to corres- 
pond respectively to regions between reference 
marks which included heavily slipped bands and 
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Fig. 12—Specimen P-7, 400°F, 1200 psi. Deformation along the 

gage length of specimen P-7 (see Fig. 10) after fixed intervals 

of time, comparing relative creep across grain boundaries and 

within grains. 


regions between markers where deformation was 
less noticeable. While the initial deformation across 
grain boundaries was relatively small, the amount 
of deformation became more significant in the 
later stages of creep, as for example across the 
boundaries between grains D and F and between 
grains H and I, Fig. 12. This corresponds to the 
optical observation that at 400°F boundary sliding 
occurs in the later stages of creep with the initial 
deformation occurring primarily in the grains. 

Fig. 12, for the 400°F, 1200 psi creep test, when 
compared with the same kind of plot for specimen 
P-6 tested at 700°F, Fig. 5, shows that in general 
the grain boundary regions show more restricted 
deformation than regions removed from the grain 
boundary. The phenomena which have been de- 
scribed above in connection with Figs. 9 and 11 
are also clearly revealed in Fig. 12. 

Thus, at 400°F, although the relative contribu- 
tions of the grains and grain boundaries are sig- 
nificantly different from 700° and 1100°F, it is 
still to be noted that the component creep curves 
still show extreme inhomogeneity of creep deform- 
ation in the various portions of the specimen. 


Discussion 
It has been shown that when a specimen is sub- 
jected to creep at 700°F, the deformation in the 
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grains may eventually overtake the deformation 
across the grain boundaries, Fig. 4. It is thought 
that this phenomenon is associated with the nature 
of the grain boundaries in the later stages of creep. 
As shown previously,, heavy boundary sliding 
causes the grain boundary to become strongly ir- 
regular and angular after boundary migration. 
Consequently, the angular nature of the grain 
boundary might be expected to make further 
sliding difficult or at least to occur in shorter 
cycles. Whereas it could be expected that the 
angular grain boundary might decrease the creep 
rate, the angularities could also initiate slip bands 
or deformation bands at those places where sharp 
changes of curvature of the boundary had taken 
place, This is shown in Fig. 13 

The observation that the periodicity of the 
cyclic processes of boundary creep increases with 
increasing deformation, Fig. 2, may also be ex- 


Fig. 13—Specimen P-6, 700°F, 200 psi, front surface. Deforma- 
tion bands started from that part of the grain boundary where 
sharp curvature occurred as a result of uneven boundary sliding 
and migration. X100. Area reduced approximately 25 pct for 
reproduction. 


plained by the development of the angular grain 
boundaries as creep progresses. It is obvious that 
the more angular the grain boundary becomes the 
shorter the distance the grain boundary can slide, 
and therefore the more frequently the cycles of 
grain boundary migration, i.e., recovery needed for 
further boundary sliding. 

It must be evident from the data that creep is a 
complex process, even in high purity materials. 
The component creep curves show that while the 
deformation in the grains and across grain bound- 
aries must balance, the relative amounts are a 
function of the strain, of temperature, of time, and 
of orientation relationship among the grains and 
grain boundaries. At 400°F the initial deformations 
appear to be greater in the grains than in the grain 
boundaries, whereas at 700° and 1100°F the initial 
deformation is generally greater along the grain 
boundary regions. But, equally important, the de- 
formation after a given time varies vastly from 
one grain boundary to another and from one grain 
to another. On the other hand, even for these 
coarse grained test specimens, the overall creep 
curves have been surprisingly smooth and conven- 
tionally shaped to encourage the seeking of equa- 
tions to describe them. 
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Thus, while it is admitted that processes of an 
activation type take place during creep, the cyclic 
nature of the component creep curves and the large 
variations in creep rates between adjacent zones in 
any one specimen make it difficult, if not impos- 
sible, to believe that either a single activation 
process can describe creep behavior or that a single 
activation process exists. Certainly a _ different 
value of activation energy must exist for grain and 
for grain boundary creep. 

It has been suggested by many that such a single 
activation energy can be determined for creep, 
however the activation energy is probably a statis- 
tical summation of a number of activation processes. 

Since the total creep is made up of many dissim- 
ilar component creep curves, the creep curve exists 
only in a statistical sense. The applicability of 
certain equations to the creep curve must there- 
fore depend on the material tested, time, tempera- 
ture, etc. No one equation could ever be expected 
to apply in all instances. The assignment of physi- 
cal significance’ to constants in such equations is 
without basis since the creep curve equation is a 
statistical equation. 


Conclusions 

Based on many component creep curves meas- 
ured between closely spaced consecutive gage 
marks, in tests run at 400°, 700°, and 1100°F, the 
following conclusions are drawn: 

1—A cyclic behavior is exhibited both across 
grain boundaries and in the grains. The periodi- 
city of these cycles obtained across grain bound- 
aries appears to increase as creep progresses, but 
the deformation per cycle decreases. 

2—Boundary deformation is very significant in 
creep from the start of the test for specimens tested 
at 700° and 1100°F. At 400°F, boundary sliding 
becomes noticeable only in the later stages of creep. 

3—In view of the inhomogeneity of high temper- 
ature creep, as exemplified by component creep 
curves along the length of a test bar, it is unlikely 
that a single activation process can be considered 
for creep. 

4—Any equation intended to define a conven- 
tional creep curve must be considered to be a sta- 
tistical summation of equations describing the 
various component processes of creep. 
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Plastic Stress-Strain Relations for Aluminum Alloy 14S-T6 


Subjected to Combined Tension and Torsion 


by Joseph Marin and H. A. B. Wiseman 


This paper presents results of an experimental study dealing with 


the plastic stress-strain relations of aluminum alloy 14S-T6 subject- 
ed to combined biaxial tension and compression stresses. Plastic 
stress-strain relations for both constant and various types of variable 
stress ratios were determined and a comparison made with the 


HIS investigation was undertaken for two main 
purposes: 1—to obtain plastic stress-strain rela- 
tions for Alcoa 14S-T6 when subjected to various 
combinations of biaxial stresses, and 2—to determine 
the validity of the flow theory in predicting plastic 
stress-strain relations for combined stresses. The 
biaxial stresses used were tension combined with 
compression. These stresses were produced by sub- 
jecting a thin-walled tube to axial tension and tor- 
sion. 

Various types of combined stress conditions were 
investigated. To provide control test data and infor- 
mation on the influence of biaxial stresses on the 
strength, the usual constant stress ratio type tests 
were made. These tests showed that the biaxial yield 
strength agrees approximately with the distortion 
energy theory. However, the Prager semi-empirical 
theory agrees best with the test results. For these 
constant stress ratio tests the plastic stress-strain 
relations were found to agree approximately with 
the flow theory. (For constant stress ratio the flow 
and deformation type theories are identical.) 

In view of the fact that the constant stress ratio 
tests cannot distinguish between the flow and de- 
formation theories, a number of variable and special 
biaxial stress tests were made. These tests showed 
that the flow theory is inadequate, since large dif- 
ferences exist between the experimental and theo- 
retical results. 

Special tests were also conducted to check the 
validity of the isotropic yielding assumption. This 
assumption is made in the linear-type flow theory. 
In these tests specimens were loaded in tension to 
predetermined values beyond the proportional limit 
stress. The tension load was removed from the speci- 
men and the specimen was subsequently loaded in 
torsion to fracture. Other tests were applied with 
the order of torque and tension loading reversed. 
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simple flow theory of plasticity. 


The nominal stress-strain curves for these two tests 
approximately coincide indicating that the assump- 
tion of isotropic yielding is valid. In addition, these 
tests verified the requirement by the slip theory of 
plasticity that prestraining below 140 pct of the 
proportioned limit stress in either torsion or tension 
did not influence the subsequent plastic stress-strain 
relations in tension or torsion. 

Another type of test was conducted to check the 
assumption that the axes of principal stress and 
strain coincide during plastic flow and variable 
stress conditions. These tests were conducted by 
applying combinations of axial tension, internal 
pressure, and torsional loads such that the axes of 
maximum principal stress could be rotated through 
90° during the loading path. The results of those tests 
showed that the angle between the axes of principal 
stress and strain varied greatly and that the assump- 
tion of coincidence between axes of principal stress 
and strain is not valid. 


Introduction 


In various metal processes including forming of 
sheets, rolling of bars, and extrusion of rods, metals 
are subjected to stresses beyond the yield strength 
of the material. Often these stresses are not simple 
stresses acting in one direction, but are combined 
stresses acting in more than one direction. Struc- 
tural and machine members are often subjected to 
combined stresses. To adequately determine the 
factors of safety for these members, it is necessary 
to know the plastic stress-strain relations of the 
material used for various combined stress conditions. 

Various theories have been proposed for predict- 
ing the plastic stress-strain relations for combined 
stress in terms of the simple tension plastic stress- 
strain relation for the material. To determine which 
theory might be adequate, test results must be ob- 
tained for various combined stress conditions, in 
order to compare the actual with the assumed theo- 
retical behavior. Although there is considerable 
test data available for combined stress conditions in 
which the principal stress ratios are constant, rela- 
tively little test information is available for vari- 
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Fig. |—Tubular specimen tension diagram. 


able stress conditions. In order to determine the 
adequacy of the flow theory,* constant stress ratio 

* When reference is made to the flow theory the simple isotropic 
theory based on the octahedral or significant stress and strain is 
intended 
tests are inadequate since for the case of constant 
stress ratios the flow and deformation theories co- 
incide. This paper gives the results of an investiga- 
tion for both constant and variable combined stress 
conditions. Special tests are also reported in which 
the validity of basic assumptions made in flow the- 
ory are checked. 


Test Procedure 


Material Tested and Specimens: The material 
tested was an aluminum alloy designated as 14S-T6. 
The material was supplied in the form of hot-rolled 
machined cylinders 7% in. long with a 1% in. OD 
and a 11/16 bore. The normal composition in addi- 
tion to aluminum and normal impurities, consists of 
4.4 pet Cu, 0.8 pet Si, 0.8 pet Mn, and 0.4 pct Mg. 
The Research Laboratories of the Aluminum Co. of 
America supplied control data on the yield strength, 
tensile strength, and ductility. These data were ob- 
tained primarily to provide information on the de- 
gree of anisotropy of the specimens. For this pur- 
pose, specimens taken from the cylinders were tested 
in the axial, lateral, and diagonal directions. The 
average values of the properties were: yield strength 
62,400 psi *3 pet, tensile strength 69,100 psi *4 pct, 
elongation in 4 diameters 6.5 to 12 pct. The data 
supplied showed that only about one-half the per- 
centage variations in strength was due to anisotropy, 
the remaining differences being due to normal varia- 
tions in the material. 

The dimensions of the machined specimen are 
given in Fig. 1. Both the inside and outside surfaces 
of the specimens were machined. The wall thick- 
nesses of the tubular specimens were measured 
using the apparatus previously described.’ The ratio 
of the wall thickness to diameter was selected so 
as to delay buckling as much as possible and at the 
same time to yield an essentially uniform stress dis- 
tribution throughout the wall of the specimen. 

Testing Machine: The special tension-torsion ma- 
chine as shown in Fig. 2 was designed to conduct 
the tests described in this report. The axial tensile 
load is applied to the tubular specimen (S) by means 
of the hydraulic jack (H) through the pulling rod 
(R). The axial load is measured by the SR-4 dyna- 
mometer (D,). The twisting moment is applied by 
a % hp de motor (M) and speed reducer (SR). 
Variation in rate of application of torque load is 
provided by rheostat (RH) and a motor generator 
set. A disk (D) is attached to the lower part of the 
specimen to which cables are connected passing over 
frictionless pulleys to the bar (B). The torque is 
measured by the calibrated bar (B) using SR-4 


Fig. 3—Tension-torsion strain gage. 
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strain gage to the specimen during plastic flow was 
maintained by rods which bear on the specimen at 
one end and are connected by preloaded springs 
to the strain gage at the other end. By adequate 
initial spring pressure, the gage remained attached to 
the specimen without slipping even in cases where 
the specimen had considerable reduction in diameter. 

Method of Testing: The specimen is first assembled 
in the testing machine with the elastic SR-4 gages 
and the special mechanical gage as shown in Fig. 3. 
Increments of axial tensile load and torque are then 
applied as prescribed by the particular test. For 
each lodd increment applied, axial strain and angle 
of twist readings are recorded. 


Constant Stress Ratio Tests 

Plastic stress-strain relations for various constant 
values of the biaxial stress ratios were obtained to 
provide information on the influence of biaxial 
stresses on the plastic stress-strain relations and on 
the yield strength. 

Conventional Stress-Strain Results: The average 
conventional stress-strain curves for various prin- 
cipal stress ratios and for the axial and shear stress 
components are shown in Fig. 4a and b. The values 
of the nominal axial and average shear stresses used 
in Fig. 4 were determined respectively from the 
approximate relations. 


P 
nt(d + t) 


2M, 2M, 
nt(d wdt(d + 2t) 


Fig. 4a (above) —Stress-strain 
relations for constant stress 
ratio tests, nominal axial 
Stress and strain. 


Fig. 4b (right)—Stress-strain 
relations for constant stress 
ratio tests, nominal shear 
stress and strain. 


strain readings to indicate the load. A 2000 lb dial- 
type dynamometer (D,) is attached to the bar (B) 
to check the foregoing torque value. In some tests 
in addition to axial tension and torsion, internal 
pressure was applied by a specially built pump unit 
not shown in the Fig. 2. 

Method of Measuring Strains: A special mechan- 
ical-type strain gage was designed for the measure- 
ments of plastic angles of twist and axial strains as 
shown in Fig. 3. By this mechanical gage, axial 
strains were measured for a 2 in. gage length by 
two 0.0001 in. dials placed 180° apart. The angles 
of twist were measured for a 2 in. gage length by 
the twistmeter part of the gage. Attachment of the 
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where P is the axial load; M,, the twisting moment; 
d, the internal diameter of the specimen; and t, the 
wall thickness. 

The nominal axial and shear strains for the above 
stresses in terms of the measured strains are, re- 
spectively, 


+ 
3 
QL. [3] 
(d+t) 
4 
360 +L, [4] 


where §,,, 5,. are the measured axial strains on op- 
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Fig. 5a—Elastic stress-strain relations for constant stress ratio tests 
for maximum principal yield stress 
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Fig. 5b—Elastic stress-strain relations for constant stress ratio tests 
for minimum principal yield stress. 


posite sides of the specimens; L, is the gage length; 
and p, the angle of twist in degrees. 

The initial elastic part of the nominal stress-strain 
diagrams are shown in Fig. 5a and b for the max- 
imum and minimum nominal principal stress values. 
The values of the nominal principal stresses and 
strains used for plotting Fig. 5a and b have been 
shown to be, respectively, 


Tvs 


To define elastic failure or yielding, the yield 
strength in simple tension will be determined based 
on an offset strain of 0.002 in. per in., as shown in 
Fig. 5. For combined stresses an equivalent offset 
strain value was used to determine yielding.’ 

Plastic Stress-Strain Results: To determine the 
plastic stress-strain relations, the changes in the 
dimensions of the specimens must be considered and 
the true stresses and strains calculated. Fig. 6a and b 
gives the average true plastic stress-strain relations 
considering the change in gage length and dimen- 
sions in the plastic range. The values of the true 
stress components in terms of the nominal stresses 
can be shown to be,’ respectively, 


) + Ga [5] 
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Ref. 2 also shows that the true strain components 
are in terms of the nominal strains 


« = In(1+e,) [9] 
You 

C1 + 1.5e,) 


The true stresses and strains used in plotting Fig. 6 
are those defined in Eqs. 7 to 10. 


Analysis and Discussion: A comparison of the 
experimental and theoretical values of the yield 
strength for various biaxial stress ratios is given in 
Fig. 7. The theories shown in Fig. 7 include the dis- 
tortion energy, and shear theories and a semi- 
empirical theory by Prager* based on the second and 
third stress invariants. A comparison of the theo- 
retical values and the test results shows that the 
yield strengths can best be defined by the Prager 
theory. 

A comparison of the flow theory and experimental 
results was made by plotting the significant stress- 
strain relations,“ where the significant stress and 
strain are, respectively, 


‘ + 3r., 
€ yo 


The total strains and not the increments are con- 
sidered in the interpretation of these tests, since for 
constant stress ratio tests the flow theory reduces 
to the deformation theory. Values of the stress com- 
ponents used in calculating the significant strain are 
the plastic strains or the total strains less the elastic 
strains. Fig. 8 gives the significant stress-strain rela- 
tions for various principal stress ratios. By the flow 
theory all these relations should coincide with the 
simple tension plastic stress-strain relation. An 
examination of Fig. 8 shows that the relations agree 
approximately and that the flow theory is therefore 
a good approximation. 

In Fig. 6 the plastic stress-strain relations are 
compared with the values predicted by the flow 
theory. These results show that the theory gives a 
reasonable approximation to the test results. 

In plotting the theoretical stress and strain values 
in Fig. 6, the following procedure is used. It is first 
noted that for constant stress ratios, the deformation 
and flow theories coincide and the strain components 
can be shown to be* 


[11] 
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where D is the plasticity modulus. 
The total strains in terms of the stress components 
then become 
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the theoretical strains can be calculated by Eqs. 13 
and 14 and the theoretical stress and strain com- 
ponents may then be plotted as shown in Fig. 6. 


Variable Stress Ratio Tests Without Unloading— 
Type A 

The foregoing constant stress ratio tests cannot 
determine the validity of the flow theory, since for 
constant stress ratios the flow and deformation 
theories coincide. For this reason, variable stress 
ratio tests were conducted by applying a stress in 
one direction followed by stressing in the other 
direction. Two sets of variable stress ratio tests 
were made—Set A, in which an axial tensile stress 
was applied followed by twisting moment and Set 
B, in which a twisting moment was applied followed 
by axial tension. In both series of tests various 
initial amounts of straining in the plastic range were 
used. Sample nominal stress-strain diagrams for 


Fig. 6—Comparison of true 
plastic stress-strain relations 
with deformation theory for 
constant stress ratios. 

a (above)—True axial stress 
and strain. 

b (right)—True shear stress 
and strain. 


TRUE SHEAR STRESS, 


From Eqs. 11 and 12, for simple tension, = 
and by Eq. 13 for simple tension o/e, = D or 


—=D [17] 


Eqs. 11, 13, 14, and 17 can now be used to find the 
theoretical stress-strain relations. For given values 
of o, and +,,, ¢ can be found by Eq. 11. Using the 
simple tension plastic stress-strain relations in Fig. 
8, for a given stress o the strain « can be found from 
the curve and D a/e determined. With D known, 
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was 
both the axial and torsional stresses are shown in 
Figs. 9 and 10. The manner of loading and the amount 
of initial uniaxial stress and strain are also shown 
in Figs. 9 and 10. The stage of loading is also indi- 
cated by points labeled P,, P,, and P, 

Analysis and Discussion: A comparison of the 
actual true plastic stress-strain relations with the 
theoretical relations as given by the flow theory for 
both Set A and B tests are shown in Figs. 11 and 12 
for the sample tests. The determination of the theo- 
retical values for the deformations based on the 
uniaxial tension test results is described in the fore- 
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Fig. 8—Comparison of signifi- 
cant stress-strain relations with 
uniaxial stress-strain values for 
constant stress ratio tests. 


Fig. 9—Nominoal stress-strain re- 
lations for variable stress ratio 
tests. Set A. 


Fig. 10—Nominal stress-strain 
relations for variable stress ra- 
tio tests. Set B. 
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going section. The theoretical values based on the 
flow theory were computed as discussed in the ap- 
pendix. From Figs. 11 and 12 it is seen that the flow 
theory is in poor agreement with the test results. 
An empirical relation is also shown in Figs. 11 and 
12 based upon the equation 


= a," + + O84 a, Tey 


[18] 


where e is the Naperian base and k and a are ex- 
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perimental constants. Although this empirical rela- 
tion proposed has no theoretical basis, it appears to 
agree well with the test results. The foregoing con- 
clusion was also noted for three other sets of data 
not included herein because of space limitations. 
The deformation theory is mathematically inconsis- 
tent for variable stress ratios and Figs. 11 and 
12 show that this theory is in poor agreement with 
the test results. 
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Fig. 11—Comparison of true stress-strain diagrams with plasticity 
theories for variable stress ratio tests. Set A. 


Fig. 12—Comparison of true stress-strain diagrams with plasticity 
theories for variable stress ratio tests. Set B. 


Variable Stress Ratio Tests Without Unloading— 
Type B 


Another type of variable stress ratio test con- 
ducted in this study consisted in loading first in 
tension then torsion followed by tension as indi- 
cated in Fig. 13. Four different tests were made in 
which true initial axial stresses were 54,250, 56,000, 
57,100, and 58,100 psi, followed by a shear stress 
of 14,400 psi in each test prior to final stressing to 
failure in tension. Another group of four tests illus- 
trated in Fig. 14, consists of loading in the order 
torsion, tension, and torsion. In these tests initial 
torsional stresses were selected equal to one-half 


the initial tensile values and the subsequent tensile 
stresses were taken as twice the torsional stress 
used above or 28,800 psi. The nominal stress-strain 
relations for one sample of each of these tests are 
illustrated in Figs. 13 and 14. Figs. 15 and 16 give 
the true stress-strain relations corresponding to Figs. 
13 and 14. The theoretical plastic stress-strain results 
based on the flow theory are also shown in Figs. 15 
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ont, 
Fig. 13—Nominal stress-strain relations for variable stress ratio 
tests. Set C. 


and 16. All four sets of test results show poor agree- 
ment with the flow theory. However, an empirical 
relation based upon Eq. 18 gives, as indicated in 
Figs. 15 and 16, a good representation of the test 
results. 


Special Unloading Tests 

It is assumed in the isotropic linear flow theories 
that initial prestrains will not produce anisotropy. 
In other words, it is assumed that isotropic yielding 
occurs. To determine the accuracy of this assump- 
tion a test was made in which a specimen was 
stressed first in the axial tension direction to a 
specified strain value. This axial stress was removed 


Fig. 14—Nominal stress-strain 
relations for variable stress ra- 
tio tests. Set D. 
20) ++ + + 
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Fig. 15—Comparison of true stress-strain diagrams with plasticity 
theories for variable stress ratio tests. 


Set C. 


——— 


Fig. 16—Comparison of true stress-strain diagrams with plasticity 
theories for variable stress ratio tests. Set D. 


and the specimen was stressed in torsion until failure 
occurred. Another specimen was initially stressed in 
torsion to an equivalent initial strain value as used 
in the first specimen. The torsional stress was then 
removed and axial tension stress was applied to 
failure. For the assumption of isotropic yielding to 
be valid, the nominal stress-strain curves for each 
of the foregoing tests should coincide. 

Two sets of tests were made as described for 
initial stresses in tension and torsion equal to 120 
and 140 pet of the proportional limit stress. A com- 
parison of the stress-strain relations with the nom- 
inal stress-strain relations based on pure torsion and 
simple tension respectively are shown in Figs. 17 
and 18. Since these stress-strain relations are in 
approximate agreement it may be assumed that the 
assumption of isotropic yielding is verified by these 
tests. 

Variable Stress Ratio Tests 

Tests were conducted to determine if the direc- 
tions of the principal stresses and strains coincide 
during plastic flow under conditions where the prin- 
cipal stress ratio is variable. For this purpose four 
tests were conducted in which the significant stress 
was maintained constant throughout the combined 
stress loading, but the maximum principal stress 
direction was varied from 0° to 90° by changing the 
relative magnitudes of the axial tension, internal 
pressure, and torque applied. The four tests con- 
ducted were for significant stress values of 55,000, 
57,500, 59,000, and 60,000 psi. For each load incre- 
ment the strain components were measured and the 
directions of the maximum principal strain were 
computed. The differences between the directions of 
the maximum principal stress and principal strain 
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are represented as a function of the principal stress 
direction in Fig. 19. An examination of these results 
shows a variation between about 2° and 18°, indi- 
cating that the direction of the principal stresses and 
strains cannot be assumed to coincide. 


Conclusions 

For the Alcoa 14S-T6 tested and for biaxial stresses 
obtained in combined tension and torsion the main 
conclusions that can be made based on the results 
obtained are: 

1—The plastic stress-strain relations for combined 
stresses and constant stress ratios can be approxi- 
mately defined by the flow theory. 

2—-Two types of variable stress ratio tests indi- 
cate that the flow theory is inadequate for defining 
the plastic stress-strain relations. 

3—Special unloading tests confirm the assumption 
of isotropic yielding made in the linear flow theories. 

4—The assumption that the direction of the prin- 
cipal stresses and strains coincide is disproved by 
the test results obtained. 


a4 
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Fig. 17—Comparison of stress-strain relations for special tests 
with pure torsion. 
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Fig. 18—Comparison of stress-strain relations for special tests with 
simple tension. 
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Fig. 19—Comparison of the di- 
rection of the principal stress 


axis with the difference be- 
tween the direction of the prin- 
cipal strain axis and the di- 
rection of the principal stress 
axis. 
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nance Research and the foregoing individuals in 
making possible this investigation is greatly appre- 
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Appendix 

Determination of Plastic Strain Components by the 
Flow Theory for Variable Stress Ratios 

For an element subjected to normal stresses o,, oy 
and o«., and shear stress t.,, ty. and t.., it has been 
shown’ that for the simple type isotropic flow theory 
the increments of strain are defined as 


de 1 ) 
de, (ey, + | 
2 
de 1 
dey oy — — (e: + oe) [19] 
2 
reo] 
de — — + a,) 
go 2 j 
where 
(or. —o,)* + (0, + —oz)*] 
+ + tye? + tee J} [20] 
and 
de 4 (de,)* + (de.)* [21] 


For many engineering materials, including the alloy 
reported herein, the simple tensile plastic stress-strain 
relation can be approximately defined by « Ko" 
where « is the plastic strain; o, the stress; and K and n 
are experimental constants. For simple tension and by 
Eqs. 20 and 21, ¢ Ko" 


oande and since 


Ke" 


[22] 
Placing the value of « from Eq. 22 in Eqs. 19 
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For the stress state considered in this investigation 


oy o Ty Tes 0 and then by Eq. 20 
= \/ee" + = + 3a [24] 
where a 
From Eqs. 23 and 24 
Kn foros" (1 4 4 Ba") [25] 
Similarly it can be shown that 
3Kn (1 4 3a") ad(1 4 [26] 


For the case in which oe, is constant and the stress ratio 
e« is variable Eqs. 25 and 26 become 


Kn 
g," [ (1 + 3a’) ] e [27] 
n l ay 
and 
3Kn mt 
Yer + 3a*) * 
n—1 
fea + 3a") da] [28] 


The integral in Eq. 28 can be evaluated by expan- 
sion into a Taylor’s series. Then for known values of 
a, and a the strains «, and y,, can be evaluated. 

For the case in which t,, is constant and the stress 
ratio a is variable Eqs. 25 and 26 become 


Kn 
try" + 3) 


" 


dp} 


3Kn 
Tey” [ 3) 2 |” 
l 


n 


[30] 


Yer 


where o,/Tey 1,'a 
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The integral in Eq. 29 can be evaluated by use of 
Taylor's series expansion. Then for specific values of 
#, and #,, the strains «, and 7,, can be determined using 
Eqs. 29 and 30. 
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Technical Note 


Crystallographic Angles for Orthorhombic (Alpha) Uranium 


by R. B 


INCE Cahn’s' paper on plastic deformation in 

orthorhombic (@) uranium an increasing amount 
of work is to be expected on orientation of single 
crystals and preferred orientation in this metal. It 
would seem desirable to have a table of angles (¢) 
between crystallographic planes (hkl) and (HKL). 
Table I shows these angles as distances from (100), 


Table |. Angles Between Crystallographic Planes in Orthorhombic 


(a) Uranium Calculated from the Data in Ref. 3 


HKL HKL 


(010) (001) (ole) 


~ 
~ 


* 


= 


80.8 
81.0 
81.9 
82.0 


is 


~ 


64.1 
64.5 
65.0 
67.2 
69.8 
72.3 
76.3 
79.1 
81.0 


8 £2238 


45.8 
469 
49.9 
53.8 


2328 = 


* Does not appear with Cu Ka x-radiation. 


(010), and (001), and in Fig. 1 as a standard (001) 
stereographic projection. Only the locations of poles 
whose diffracting planes produce Cu Ka reflections 
up to @ = 70.5° (i.e. (154) ) are given." The relative 


* (172) which does not appear with Cu Ka radiation is also 
shown (ref. 1) 


powder diffraction intensities from the lowest order 
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Fig. 1—Standard (001) projection for uranium based on parameters 
and Cu Ka intensities given by Jacob and Warren.” 


reflection of these planes are represented by circle 
diameters. It is hoped that the projection may also 
be used in making inverse pole figures, originally 
suggested by Harris.° 

Values of 4 were calculated from the expression 
hH kK IL 


b 

where the lattice parameters a, b, c, and the spac- 

ings d were taken from the work of Jacob and 

Warren." (They report a 2.852 kX (2.8578 A), b 
5.865 kX (5.8768 A), c 4.945 kX (4.9550 A).) 


The parameters reported by them may be subject 
to revision,” ° accordingly the interplanar angles are 
listed to only the nearest tenth of a degree. 
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Deformation Mechanisms in Alpha Titanium 


by E. A. Anderson, D. C. Jillson, and S. R. Dunbar 


HE present work was undertaken to furnish in- 
formation, lacking in the literature, on the de- 
formation mechanisms active in pure titanium at 
room temperature. Since it was started, Rosi, Dube, 
and Alexander’ have indicated that slip can occur in 
coarse-grained (2 to 6 mm diameter) titanium on 
the {1010} and {1011} planes and twinning can take 
place on the {1012}, {1122} and {1121} planes. Liu 
and Steinberg,’ working with titanium flakes pro- 
duced by fused salt electrolysis, found evidence of 
twinning on the {1012}, {1121}, {1122}, {1123}, and 
{1124} planes. 
The crystals used in the present work were sub- 
stantially longer (up to nearly 2 in. in length) and 
possibly purer. 


Production of Large Crystals 


It was the purpose of this part of the work to 
provide single crystal or large grain specimens for 
use in the deformation studies rather than to study 
the mechanism of crystal growth. Accordingly, all 
further exploratory studies on methods were aban- 
doned when it was found that cold-rolled bars sealed 
in vacuo in individual Vycor tubes and given three 
or more cycles of 4 hr at 1200°C and three to five 
days at 850°C, gave large grains. Eighteen speci- 
mens about 0.2 in. square x 2 in. long yielded 33 
useful grains, ranging from 4 in. to nearly 2 in. in 
length, with an agreeably wide range of orienta- 
tions, Fig. 1. 

The 0.25 in. thick strip from which the starting 
specimens were cut had been reduced 67 pct on 18 
in. diameter rolls from a scalped, hot-forged (950° 
to 1000°C), arc-melted, iodide titanium ingot. The 
bar was at room temperature, but the rolls were at 
200°C. Reductions of about 0.03 in. per pass were 
used. The bar was cut into four segments, each of 
which was rolled in a somewhat different manner. 
No effect on the growth of large grains was noted. 
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Table |. Analysis of Titanium Ingot 


Element Pet Element Pet 


Oxygen Not detected 
Nitrogen 0.006 
Hydrogen Nickel Not detected 
Carbon Copper 0.015 
Manganese Tin 0.008 
Iron Magnesium 0.006 
Aluminum K Tungsten Not detected 


Molybdenum 
ad 


Note: Metallic elements determined spectrographically; nitrogen 
by modified Kjeldahl method; oxygen and hydrogen by vacuum 
fusion on piece of machined, forged bar; carbon by combustion, 


The composition of the titanium, determined on 
turnings from the ingot scalping operations, is given 
in Table I. The Rockwell A hardness of the ingot 
was 26. 

The standard starting specimens, about %4x%4x2 
in., were milled on all four sides, hand polished on 
280 and 400 mesh emery papers, etched for 3 min 
in a 50 HF-50 glycerine solution, rinsed, and dried 
in alcohol and ether just before sealing them in 
Vycor tubes. The average specimen weight was 7.5 g, 
and the tube volume was 6.5 cc. A vacuum of less 
than 1 micron pressure was applied. 

The specimen tubes were placed in an evacuated 
Inconel muffle to minimize the danger of collapse 
of the glass tubes at temperature. In practice the 
specimens were first heated to 1200°C for 4 hr and 
then transferred fairly quickly to an 850°C furnace 
where they were held for three to five days. This 
cycle was repeated at least three times before the 
specimens were cooled, removed from the tubes, 
lightly polished and etched on one surface for exam- 
ination. Those in which large grains had not de- 
veloped were resealed in Vycor and returned to the 
cycling. 

Satisfactory specimens (about one out of every 
four cycled) were polished with emery paper on all 
four sides, then metallographically polished using 
etching between wheels to remove distorted metal 
and, finally, given a very light etch to reveal the 
grain boundaries. This was necessary because the 
surface was roughened by the sublimation of tita- 
nium under high ternperature vacuum conditions. 

Specimens were identified by TiXl numbers using 
supplementary letters to designate specific grains. 
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{120} 
Fig. 1—Orientations of useful large crystals of titanium. 
Points indicate stereographic projections of specimen axes. 


The orientations of the crystals relative to the speci- 
men axis as determined by standard Laue X-ray 
back-reflection methods are shown stereographically 
in Fig. 


Table til. Effect of Glass Contact on Oxygen Contamination 


Oxygen, 
Pet 


Treat- 
ment 


Sample 
ocation 


Specimen 


38-1 As forged -= 0.04 
Ti-138-2, 3,4 Middle 0.036 d) 
Ti-138-5, 6,7 Middle 1.08(d) 
Ti-138-8, 9 ‘cr Middle 0.068 e) 


ta) Cycled once in 1/5 atm of argon out of contact with glass tube. 
‘b) Cycled once in 1/5 atm of argon specimen immersed in soft 
giass beads. 
te) Cycled once in 1/5 atm of argon specimen in contact with ° 
glass tube 
‘d) Average of three runs. 
‘e) Average of two runs. 


Cycling in vacuo had the disadvantage that the 
specimen surfaces became roughened and the sec- 
tion thickness reduced by the sublimation of tita- 
nium. It had the advantage, however, that the £8 
grain size and shape were revealed by selective 
evaporation. When the sublimation was suppressed 
by admitting 1/5 atm of pure argon to the tubes no 
large grains were obtained. 

All of the specimens were contaminated with 
oxygen, as shown in Table II, which also contains 
information on the crystal lengths obtained. The 
specimen ends consistently showed higher oxygen 
contents than the centers. That the source of the 
oxygen contamination was the glass containers is 
indicated by the data in Table III. 

The reason for the failure of large grains to de- 
velop in the presence of argon is not clear. The 
fact, however, that the specimen surfaces were not 
detectably altered in the argon treatment while 
significant amounts of metal were removed in the 
vacuum cycling suggests that an effect associated 
with the surface is involved. The presence of un- 
removed thin distorted layers from the machining 
operation or of an oxygen gradient are possibilities. 
Either source would be minimized by the evapora- 
tion of the surface layers in vacuo. 

No detailed study of the internal perfection of the 
crystals was made. Visual inspection of the Laue 
spots on the back-reflection photograms revealed 
no recognizable evidence of imperfections but such 


Tix! 
Tix! 
Tix! 
Tix! 


TiX!1- 
TiX1- 


Specimen 
Ne 


Cycled 
In 


Vacuum 
Vacuum 


Vacuum 
Vacuum 


Vacuum 
Vacuum 


Tix! 


Tix! 
TIX! 
Tix! 


TiX!1- 


TiX1- 


TiX!- 
Run 23-1 
Run 23-2 
Run 22-1 
Run 22-2 


TiX1- 


15 
15 


(a) Not determined 
* Irregular shape 


Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 
Vacuum 


Vacuum 
Argon 
Argon 
Argon 
Argon 
Argon 
Argon 


Sample 
Lecation 


XI-3SA 
X1-3D 
X1-6A 
Spec. end 
Adjacent to 


X1-12A 


Near end 
Adjacent 

to X1-17A 
X1-19A 
Center 
Center 
Center 
Center 
Spec. end 
Other end 


Table Il. Identification, Length and Analysis of Large Titanium Crystals 


far 
0.11 
0.058 
0.14 
0.39 
0.18 


0.18 
0.092 


0.32 
0.098 


0.26 


0.16 


0 24 
0.039 


0.17 
0.15 
0.13 
0.30 
0.29 
0.16 
0.42 


Analysis, Pet 


Crystal 
H N Length, In. 
fa) fa) 2A % 
0.012 (a) 3A 1 
0.015 fa) 3D “%-'%* 
0.016 fa) 6A 1% 
‘ar fa) 


far fa) 


0.008 


0.012 (a) 9A 1% 
9B 5/16 
0.012 fa) 
0.011 (a) 10A 1% 
_ 10B % 
0.012 ta) one 
11A 
-- 1B % 
0.008 ta) 12A 1% 
122B 
0.010 fa) - 
0.010 ta) 
0.015 fa) 19A 1% 
0.011 (a) 
0.011 (a) 
0.028 0.002 
0.019 0.002 - 
0.013 (a) 
0.007 0.002 _ 
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Table IV. Deformation Mechanisms Observed in Large Titanium Crystals 


o H Plane 


Critical 
Resolved 
Shear 
Slip Stress, Twinning Stress 
Direction G Per 8q Mm Plane Direction 


TiX1-3D tg-'2 0.058 0.015 (1010) <1120> 5,000 None Tension 
TiX1-9A 1% 0.093 0.012 {1010} <1120> 4,500 None Tension 
TiX1-9B 5/16 (a) (a) {1010} <1120> 5,500 None Tension 
TiX1-10A 19 0.098 0.011 {1010} <1120> 5,000 None Tension 
TiX1-11A {1010} ic) 6,700 None Tension 
TiX1-12A 1% 0.16 0.008 (1070) <1120> 11,700 None Tension 
TiX1-8A 1% 0.18 0.008 11010) ‘d) 6,500 None Compression 
TiX1-1lA‘e) (a) (a) {1010} (d) (a) {1012} (f) Compression 
TiX1-1Bie) fa) (a) {1010} (d) ta) None Compression 
TiX1-2A (a) { (g) (a) (1121) Tension 
TiX1-3A 1 0.058 0.015 { <—1120 10,900 {1121} Tension 
TiX1-6A 1% 0.14 0.016 { <1120> 13,100 th) Tension 
TiX1-11B 0.17 0.004 {0002} <1120> 13,500 Tension 
TiX1-19A 1% 0.17 0.015 -- {1012} Tension 
TiX1-17A Se 0.039 0.010 {0002} (d) (a) (1122) Compression 


Not determined. 
(b) 0.26 at end of specimen — possibly less in test area. 
(c) Probably <1120> but not determined. 


(d) Not determined but probably <1120> in opposite sense to tension slip. 


(e) From preliminary tests on another iodide titanium bar. 
(f) {1012} twinning at crystal boundary. 

‘g) Not determined but probably <1120> 

‘h) (1121) twinning in later stages of deformation. 

(i) {1121} and (1012) twinning in later stages of deformation. 
No slip detected. 


could have been present undetected by this simple 
test. Where more than one X-ray examination was 
made on the same grain, the orientations agreed 
within experimental error. It was judged that the 
specimens were reasonably perfect and suitable for 
use in the deformation studies. 


Plastic Deformation Studies 

Test Procedures: All deformations were made at 
room temperature in a 20,000-lb capacity hydraulic 
testing machine at 0.1 in. per min free head speed. 
Tension specimens were gripped for a length of 
about % in. at each end in Templin self-aligning 
grips. Axiality of loading was judged visually. Gage 
marks were produced by very fine scratching. Elon- 
gations, with load released, were measured at 18X 
by comparison with a machine-ruled scale grad- 
uated in hundredths from which thousandths could 
be estimated. 

For compression testing, the crystals were ma- 
chined to produce plane, parallel ends on test pieces 
14 in. in length, giving a length to width ratio of 
about 3. Compression was carried out between lub- 
ricated polished steel plates. In all testing the load 
was removed periodically to permit measurement 
of change in length, identification and study of de- 
formation markings and, where desired, X-ray iden- 
tification of change in orientation. 

While no attempt was made to obtain data from 
which to construct precise stress-strain curves, the 
yield points usually were determined with sufficient 
accuracy to permit the calculation of approximate 
critical resolved shear stresses. 

Initial orientations and changes in orientation due 
to deformation were determined by standard Laue 
X-ray techniques using a North American Philips 
Unicam to line up the specimen surface normal to 
the X-ray beam to within %°. Unfiltered copper 
radiation was used with a specimen-to-film distance 
of 1 in. and an exposure time of about 1 hr. 
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A semitransparent zine sulphide mirror affixed to 
the specimen surface provided a reflecting surface 
for the optical setting-up procedure. This was neces- 
sary when the surfaces became too distorted for 
good light reflection. The mirror was left in place 
during the X-ray exposure. It caused no difficulty 
and may have produced some improvement in photo- 
gram quality. 

Examinations of deformation markings were made 
with the aid of binocular and metallographic micro- 
scopes at magnifications up to 1000X. The angles be- 
tween the markings and an edge were measured 
with the revolving stage of the latter. Identification 
of the operating plane was based on measurements 
on at least two, and frequently all four, surfaces. 
Many markings could be traced over an edge but 
in other cases the numbers and fineness of the mark- 
ings made definite pairings impossible. In these 
cases, markings, on two or more surfaces, defining 
a single low-index type plane were considered 
definite pairs. 

Experimental Results: The deformation mech- 
anisms observed are assembled in Table IV together 
with the calculated critical resolved shear stresses 
for slip. The observed and probable slip rotations 
in tension are plotted stereographically in Figs. 2 
and 3. Fig. 4 shows probable directions of slip and 
slip rotation in compression. Characteristic slip and 
twin markings are shown in Figs. 5 through 10. 

Discussion: It is evident from Figs. 2 to 4 that the 
crystals may be divided into two groups to facilitate 
the discussion. In Group 1 are those in which the 
{0002} plane made angles of from about 5° to about 
40° with the specimen axis. Group 2 contains those 
in which this angle exceeded about 40°. 

Group |: The deformation mechanism operating 
in this group of crystals was slip on the most highly 
stressed {1010} plane in the <1120> close-packed 
direction. While the slip direction in compression 
was not determined, there seems little doubt that 
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Fig. 2—Rotation due to {0002} slip in <1120> direction in 
tension. (Also probably {1010} slip in another <1120> 
direction in part of TiX!-6A.) 
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Fig. 3—Rotation due to {1010} slip in <1120> direction in 


tension. 
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it was the <1120> direction in the opposite sense 
to the tensile slip. The only twinning observed in 
this series was that incident to local restraints. 

The experience of TiX1-10A is worthy of com- 
ment. As can be seen in Fig. 3, this crystal was sub- 
jected to a very large total extension which was 
sufficient to rotate it to the point where a second 
{1010} plane should become active. Consequent 
double slip evidently rotated the specimen axis 
toward the <1010> direction. At this time, a kink 
of the unusual configuration shown in Fig. 11 de- 
veloped. The Laue X-ray back-reflection patterns 
establishing the rotation were taken % to % in. 
from the kink. No satisfactory patterns were ob- 


(0001) (0001) 


SO = SLIP DIRECTION 
SR = SLIP ROTATION 


{1oTo} 


Fig. 4—Probable directions of slip (SD) and slip rotation (SR) 
due to {0002! and {1010} slip in compression. 


tained in the kink nor were the markings informa- 
tive. 

The critical resolved shear stress for {1010} slip 
in the <1120> direction was of the order of 5000 g 
per sq mm. The higher values noted for TiX1-11A, 
12A, and 8A probably reflect the influence of higher 
gas impurity contents. 

Group 2: The deformation behavior of this group 
(Fig. 2) was somewhat complex, requiring more 
detailed discussion of the tests on the individual 
crystals. TiX1-2A, 3A, and 6A constitute a group 
rather similarly oriented but varying in crystal 
length. Slip on {0002} was observed in all three 
crystals and slip in the most highly stressed <1120> 
direction was proved for TiX1-3A and 6A. However, 
{1121} twinning also was observed at extensions 
which varied with the crystal length. These twins 
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Fig. 5—Micrographs of two adjacent surfaces of TiX!-6A pulled to 
10 pct elongation. Note {0002} slip and cross markings. X250. 
Area reduced approximately 60 pct for reproduction. 


developed first near the grip or grain boundary 
restraints, moving toward the crystal center as the 
extension was increased and possibly largely re- 
placing the basal slip mechanism as the preferred 
deformation process. Thus TiXI-2A (% in. long) 


Rumple 
Slip 


Edge of Specimen 


Ss 
{ 1045} 
Fig. 6—Micrographs of two adjacent surfaces of TiX!-10A pulled 


to 12.5 pct elongation. Note 1010} slip and {1120}? rumple 
marks. X25. Area reduced approximately 60 pct for reproduction. 
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Slip 

{ 1010} 

Fig. 7—TiXI-10A pulled to 49.3 pct elongation. Note irregularities 
in markings. X250. Area reduced approximately 60 pct for repro- 
duction. 


showed abundant {1121} twinning after small ex- 
tensions; TiXI-3A (1 in. long) required 9.2 pct 
extension before twinning at the crystal center was 
observed; and TiX1-6A (145% in. long), while twinned 
for a distance from each grip, had no twins at the 
center after 28.2 pct extension. 

It seems evident that basal slip is unlikely to be 
an important mode of deformation in polycrystalline 
titanium of normal grain size. Perhaps the failure 
of Rosi, Dube, and Alexander' to detect evidence of 
{0002} slip was due to their use of comparatively 
small crystals of commercial purity titanium. 

The considerable length and desirable orientation 
of TiX1-6A made it of special interest. It was ob- 
vious that the rotation due to {0002} slip would ulti- 
mately reorient the crystal sufficiently to bring the 
stress on a {1010} plane to the critical resolved shear 


Fig. 8 (left) —TiXI-3A 
{0002} and {1121} 
twinning. Note slight 
change in slip direc- 
tion in twinned area. 
X75. Area reduced 
slightly for repro- 
duction. 


Fig. 9 (right)—TiXI- 
3E (crystal at right). 
2 sets of {1122} 
twins. Crystal at left 
is 3D showing {1010} 
slip. X75. Area re- 
duced slightly for 
reproduction. 
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Fig. 10—TiXI-3A showing {1012} twin and 3 sets of {1121} twins. 
X75. Area reduced approximately 50 pct for reproduction. 


value required to initiate prismatic slip. This ap- 
parently happened since a kink developed at the 
third extension which, from its orientation, seems 
to have resulted from {1010} slip in the <1120> 
direction in a limited volume of the crystal. 

After the fourth extension, the main crystal showed 
only a continuation of the basal glide rotation while 
the orientation of the metal in the kink indicated 
double slip with rotation toward the <1010> pole. 
Due, possibly, to the considerable extension applied 
to the crystal, the deformation markings in the kink 
were indeterminate. 

The critical resolved shear stress for {0002} slip 
in the <1120> direction was calculated to be about 
10,900 to 13,500 g per sq mm. The lower value was 
obtained on the purest crystal and is probably the 
more nearly correct one. 

TiX1-11B represents a crystal with a somewhat 
steeper angle between the basal plane and the speci- 
men axis. While only a single small extension (0.8 
pet) was applied, markings consistent with {0002} 
slip and {1121} and {1012} twinning were found. 

TiX1-19A had the steepest angle of any of the 
crystals at hand. Extension to the extent of 14.5 pct 


| 


Fig. 11—Appearance of TiX!-10A after tinal extension. Note kink 
at center and bend plane adjustments to grips and grain boundary 
restraints. 
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resulted in abundant {1012} twinning. While final 
inspection of the crystal was made difficult by the 
roughening effect of the extensive {1012} twinning, 
no evidence of any other deformation mechanism 
was observed at this stage or earlier. 

TiX1-17A (Fig. 4), tested in compression, showed 
evidence of {1122} twinning and {0002} slip. The 
twinning was noted at an earlier stage in the de- 
formation than was the basal slip. This is in con- 
trast with the tension experience with TiX1-2A, 
3A, and 6A in which basal slip preceded the {1121} 
twinning. 

Slip Markings: While the identification of the slip 
planes and directions is conclusive, the markings 
themselves had some peculiarities. Seldom had they 
the clear-cut appearance of similar markings in 
zinc. The basal plane slip markings characteristi- 
cally showed cross linkages, the angles of which 
with an edge corresponded to no plane of low index 
(Fig. 5). It is the writers’ suggestion that these 
might represent an unresolved (at 1000X) com- 


Edge No. 4 


> 
2 
( 


Edge No. 1 or No. 3 


Edge No. 3 


Tage No. 1 


Edge No. 


Pdge No. 2 or No. 4 


a) 


Fig. 12—Effect of edges on {1121} twinning. 


posite slip between the basal plane and some other, 
probably pyramidal, plane having a close-packed 
direction in common. 

{1010} slip lines appear simple in nature at low 
extensions but become irregular at greater exten- 
sions. This results (Fig. 7) in a light and dark 
banding of a hill-and-valley type at a small angle 
to the slip markings. These are quite similar in ap- 
pearance to the striae observed by Calnan* in 
stretched single crystal aluminum specimens and 
attributed to areas of complex slip, possibly includ- 
ing rotational (polar) slip. Rumpling or kinking 
about an <0001> axis giving approximate {1120} 
markings is apparent at the lower elongations (Fig. 
6). The latter bands differ in appearance and prob- 
able origin from the former and can be rationalized 
without assuming complex slips (ref. 4). 

Twin Markings: The three twinning planes found 
in this work have characteristic appearances. {1012} 
twins in titanium resemble those in zinc and mag- 
nesium. They are broad and lenticular and appear 
to increase in width with increase in stress. {1121} 
twins, on the other hand, are narrow and straight. 
They appear to traverse the entire width of a crys- 
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Table V. Identification of Deformation Planes 


Mechanism 


Slip 

Slip 

Slip 

Twinning 

Twinning 

Twinning 

Twinning ‘b) 
Twinning { ‘b) 


‘a’ Not reported 
‘b) Did not find. 


apparently not looked for. 


tal. A branching habit near alternate crystal edges 
appear common. This is shown diagrammatically 
in Fig. 12. Twinning leaves exposed corners at 
edges Nos. 2 and 4 (Fig. 12c) but not at edges Nos. 
1 and 3 (Fig. 12b). The specimen tends to avoid 
the high energy condition of Fig. 12c by twinning 
on an alternative {1121} plane that produces the 
form of Fig. 12b; or perhaps it should be said that 
the formation of an initial twin changes the stress 
distribution along the edge sufficiently to change 
the active plane. {1121} twins do not appear to 
grow with increased specimen stressing; instead new 
twins appear. {1122} twins are intermediate in ap- 
pearance between the {1121} and {1012} twins. 

Twinning directions and shears were not given 
close attention, but observations on TiX1-3A sug- 
gested that the twinning direction for {1121} twin- 
ning was perpendicular to the trace of that plane 
in the basal plane. 

Comparison with Other Work: The deformation 
planes identified by Rosi, Dube, and Alexander, Liu 
and Steinberg, and the present writers are set forth 
in Table V. 

There is agreement on the identification of {1010} 
slip and {1012}, {1121} and {1122} twinning. Rosi 
et al. detected {1011} slip while the present work- 
ers did not. The present workers established the 
reality of basal slip which Rosi et al., for reasons 


discussed earlier, did not find. Liu and Steinberg 
report {1123} and {1124} twinning which were not 
observed by Rosi et al. or the present writers at 
room temperature. 

The best conclusion at present seems to be that 
a titanium is capable of deforming by slip on the 
{1010} and {0002} planes and by twinning on the 
{1012}, {1121}, and {1122} planes. In view of this 
unexpectedly large number of operating planes, it 
should not be surprising to find that additional 
planes can be active. 

Summary 

Large grains of a titanium can be grown by cy- 
cling several times between 4 hr at 1200°C and 
three to five days at 850°C in vacuo. 

Alpha titanium can deform at room temperature 
by slip in the <1120> direction on the {1010} plane 
at a critical resolved shear stress of about 5000 g per 
sq mm or on the {0002} plane in the <1120> direc- 
tion at a critical resolved shear stress of about 
11,000 g per sq mm. 

Alpha titanium can deform at room temperature 
by twinning on the {1012}, {1121}, and {1122} planes. 
The choice of deformation mechanism was depend- 
ent largely upon the crystal orientation and the 
direction of stressing but in the case of {0002} slip 
was also related to crystal size. 
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Technical Note 


Filler Material for the Brazing of Titanium 


by N. A. DeCecco and H. M. Meyer 


N the early stages of a titanium brazing inves- 

tigation, binary titanium systems partially or com- 
pletely known and fundamental metallurgical data 
were surveyed to select the pure metal most likely 
to be satisfactory for producing a ductile high 
strength joint. 

The phase diagrams for the purpose of this survey 
were classified into two groups: 1—systems with 
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large solubility in £ titanium, but negligible solu- 
bility in a titanium, and 2—systems with large solu- 
bility in a@ titanium. 

Those metals with melting points believed to be 
too high or too low for titanium brazing (Ti,, 
1730°C) were eliminated from consideration. The 
melting points of vanadium, tungsten, tantalum, 
hafnium, zirconium, and the platinum group are 
too high and those of zinc, lead, cadmium, and tin 
are too low. 

The remaining metals were grouped as follows: 

1—large solubility: Cr,’ Mn,’ Fe," Co,‘ Ni,’ Cu," 
Be,’ Si.” 2—large a solubility: Al.’ 
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Fig. 1—Silver brazed joint of titanium. Note the columnar grains 
of the compound growing from the interfaces into the silver. 
Etchant: 60 cc C.H.O,, 20 cc HNO, 20 cc HF. X500. Area re- 
duced approximately 50 pct for reproduction. 


It was noted that the sequence of elements from 
chromium through copper follow titanium in the 
first long period of elements. The corresponding 
metals in the second and third long period, zirconium 
through palladium and hafnium through platinum, 
as well as vanadium, the immediate neighbor, were 
eliminated because of their melting points. There- 
fore, only the metals of subgroup I-b, silver and 
gold, remain from the second and third long periods 
for consideration as filler materials. 

Gold” and the metals listed in groups 1 and 2 
form intermetallic compounds with titanium (Table 
I) which are known to be brittle. This brittleness 
is undesirable for a brazing material because the 
compound formation imparts brittle physical prop- 
erties to the joint. 

The metal remaining is silver. Silver and titanium 
were either believed to be immiscible in both the 
liquid and solid states” " or to have a solubility of 
at least 2 pct Ag in Ti.” Metals of subgroup I-b are 
known to show frequent similarities in their metal- 
lurgical behavior. Furthermore interatomic spacing 
of silver and titanium differs by only 2 pct and both 
have close-packed structures; a circumstance which 
is considered favorable for formation of solid solu- 
tions. Therefore the brazing of titanium with fine 
silver was tried. 

Experiments in a helium atmosphere furnace were 
conducted to determine the wetting properties of 
molten silver on a heated titanium surface. It was 
found that silver wet and flowed; metallographic 
examination of the specimens indicated alloying of 
the two metals. Subsequently, brazed joints were 
made with fine silver as the filler metal. The joints 
were made of 1x in. strips of commercially pure 
titanium clamped vertically in a fixture with a '% in. 


Table |. Intermetallic Compounds Known to Form in Binary 
Titanium Systems 


Metal Compounds References 
Cr Ticr 1 

Mn TiMn; TiMny 2,10 

Fe TiFe; TiFe, 3,10 
Co TicCo(?); TiCo; TiCos 10 

Ni TioNi; TiNis 10 

cu TiCu; TiCu; TigCus; TiCus 6,10 
Be TiBe; TiBe, 7 

Si TiSty; TiSi; TiSiy 8 

Al TiAl; TiAl 10 

Au AusTi; AusTi; AuTiy 10, 11, 12 
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overlap. A length of fine silver wire was placed 
across the end of one titanium specimen and covered 
with dry powdered flux composed of 10 pet AgCl, 
36 pet KCl, 9 pct LiF, and 45 pct NaCl. The joint 
was then heated with an oxyacetylene torch, until 
the fine silver fused and flowed into the capillary 
space. 

The ultimate shear strengths of the joints have a 
mean value of 31,500 lb per sq in. with a standard 
deviation of 5400 lb per sq in. All the specimens 
break with a ductile shear fracture. 

Metallographic studies of the Ti-Ag brazed joints 
indicate the presence of an intermetallic compound 
which exhibits considerable ductility. This experi- 
mental observation contradicts the consideration 
that an extended solid solubility can be expected. 
Instead an equiatomic compound forms which is not 
brittle. It is an open question why this is so. This 
compound seems to serve as a kind of bridge be- 
tween the two metal structures because of their 
structural and geometric similarities. Fig. 1 is a 
micrograph of a joint cross-section. The black lines 
at the titanium-brazed metal interface are caused 
by metallographic etching relief. Adjacent to the 
black line is the columnar structured compound 
which formed on the titanium surface and extends 
into the brazed metal. 

It was believed that an investigation to determine 
the composition and confirm the ductility of the 
compound was warranted. The details and results 
of the subsequent study are reported elsewhere." 
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Effects of Solid Solution Alloying on The 
Cold-Rolled Texture of Titanium 


by Carl J. McHargue, Sam E. Adair, Jr., and Joseph P. Hammond 


Cold-rolled sheet textures have been determined for binary solid 
solutions of aluminum, columbium, tantalum, and zirconium in tit- 
anium. An alloy containing 3.8 pct Al had a (0002) [1010] texture, 
whereas alloys with the other elements had rotated (0002) [1010] 
textures similar to that of iodide titanium. 


HERE have been relatively few studies of the 

effect of alloying on deformation textures. A 
second element may be present in the base metal in 
solid solution and/or as a second phase. The litera- 
ture offers no satisfactory explanation for the effects 
of solid solution alloying on textures noted thus far. 
For example, there is no satisfactory explanation 
of the difference in the textures of copper and a 
brass. 

The most complete study of the effects of solid 
solution alloying on deformation textures has been 
that of Brick, Martin, and Angier.’ These investi- 
gators reported that the copper texture was retained 
by alloys of copper with up to 30 pct Ni, less than 
5 pet Zn, less than 2 pet Al or Co up to the limit of 
solubility. Copper containing more than 5 pct Zn, 
more than 2 pct Al, or the maximum soluble con- 
centration of tin, silicon, or manganese showed the 
deformation texture of a brass. 

Bakarian* reported that additions of 0.20 pct Ca 
to 99.98 pct Mg or 2.0 pet Mn plus 0.15 pct Ca to 
magnesium resulted in entirely different textures 
than for the pure magnesium. The texture obtained 
for high-purity magnesium sheet showed the basal 
plane to be concentrated parallel to the rolling 
plane. The texture obtained for the alloy containing 
0.20 pet Ca had the basal planes concentrated in 
elliptical areas whose centers were tilted 15° from 
the center of the pole figure toward the rolling 
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direction. This split basal orientation was even 
more pronounced in the alloy containing 2.0 pet Mn 
and 0.15 pet Ca. 

Fuller and Edmunds’ studied the rolled sheet tex- 
tures in a zinc alloy containing 1 pet Cu and 0.01 pet 
Mn. The basal pole figure of this alloy contained a 
region of strong concentration not found in the pole 
figure for pure zinc.* 

In the above cases, results were discussed in terms 
of possible changes in slip and/or twinning systems 
and critical shear stresses. However, there were no 
experimental data to relate these speculations with 
the observed textures. 

It has been suggested that the deformation tex- 
tures of titanium, zirconium, and beryllium could 
be directly ascribed to their low c/a ratios. The 
complex deformation mechanisms of titanium’ also 
have been suggested to be characteristic of hexag- 
onal close-packed metals with low c/a ratios. The 
purpose of this investigation was to study the cold- 
rolled sheet textures in binary titanium-base a 
alloys in which the c/a ratios were greater than, less 
than, and about the same as the c/a for iodide ti- 
tanium. The annealed textures of these alloys will 
be reported in a subsequent article. 


Materials and Methods 

The chemical analyses of the metals used in this 
investigation are given in Table I. 

The alloys were prepared as 15 g buttons on a 
water-cooled copper block in a vacuum arc-furnace. 
The furnace was evacuated to pressures of the order 
of 10° mm Hg, flushed with 99.98 pct pure argon, 
and melting was carried out in 0.2 atm pressure 
argon. Each button was remelted until radiographs 
and chemical analyses indicated complete solution 
of the solute elements. 

All buttons were forged and homogenized 72 hr 
at 500°C. The buttons to be rolled were ground and 
etched to sizes and shapes suitable for the rolling 
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Fig. 1—Variation of lattice parameters with composition of titan- 
ium-base alloys. 


schedule and vacuum annealed at 700°C. Filings for 
the parameier studies were annealed at 500°C in 
titanium capsules which were in turn sealed in 
evacuated quartz tubes. 

The alloyed buttons were cold-reduced 93 pct to 
0.007 in. using a 2-high rolling mill with 4 in. diam 
rolls. A reduction of approximately 10 pct per pass 
was used, and the rolling direction was changed 
180° between passes. 

Strips of the rolled sheet were made into small 
rods for use as the X-ray specimens. A flat strip 
was placed in a jig, and the edges were ground, 
polished, and etched away until a rod-shaped speci- 
men was obtained. Transmission X-ray photograms 
were made with a Laue-type camera using moly- 
bdenum radiation (45 kv, 18 ma). It was necessary 
to insert a zirconium filter between the specimen 
and film because of the fluorescent radiation. Pre- 
liminary exposures were made with the beam per- 
pendicular to the rolling direction at rotations of 
0, 11°, 26°, 41°, 56°, 71°, and 79°, and with the 
beam perpendicular to the cross direction at rota- 
tions of 11°, 26°, 56°, 71°, and 79°. Additional ex- 
posures were then made where necessary to deter- 
mine boundaries of intensity regions accurately. 
The variations in intensity were estimated visually 
with the aid of an exposure chart. 

Films for the a-lattice parameter determinations 
of the alloys were obtained with a 114.59 mm pow- 
der camera with the film mounted according to the 
method of Straumanis. Nickel filtered copper radia- 
tion was used, and a 0.001 in. aluminum foil was 
placed inside the camera to reduce the high back- 
ground encountered with titanium. The parameters 
were calculated by a least squares solution of the 


Fig. 2—Cold-rolled sheet texture of alloy containing 3.8 pct 
Al. O = (0002) [1010] 


five strongest high angle lines and provided an ac- 
curacy of + 0.005A or better. 


Experimental Results 

Titanium-Aluminum: The effect of alloying on 
the lattice parameters of the Ti-Al alloys is shown 
in Fig. 1. These results are similar to those pub- 
lished by Rostoker,* differing mainly in rapidity of 
the rise of the c/a curve for low aluminum concen- 
trations. It was desired to determine the texture for 
an alloy with the greatest possible c/a ratio, but 
alloys containing more than approximately 5 wt pct 
Al could not be cold-reduced the desired amount 
(90 pct or better.) The material selected for study 
contained 3.8 pet Al and had a c/a ratio of 1.600. 

The cold-rolled sheet textures of this alloy are 
shown in Fig. 2. These pole figures show an “ideal” 
texture differing from that of iodide titanium (Fig. 
3). Fig. 2a and b indicates that the basal planes 
are concentrated parallel to the rolling plane and 
that the digonal axis [1010] is parallel to the 
rolling direction, or that the “ideal” texture is 
(0002) [1010]. The major spread is in the cross 
direction. 

Titanium-Columbium: It is seen from Fig. 1 that 
there are only slight changes in the parameters of 
the Ti-Cb alloys. The c/a ratio at 4.5 pet Cb has 
shifted only to 1.592 from 1.588. 


lodide Ti 
Al 


Cb . - - 
Ta 0.02 - —_— - 
Zr 


Table |. Compositions of Materials Used 


1200—JOURNAL OF METALS, SEPTEMBER 1953 


TRANSACTIONS AIME 


am RO 
an 
4ro 
6 . | / Lhd 
co ad 
462 / 
Ke 
460 Ti Te / 
(0002) G Wy, 
co 
298} 
R.0 MU by, 
ny (10 To) 
Wt % Y ee 
Mn Fe Al Pb ca Sn Mg Cc w Cb Ne 
0.004 0.0065 0.0065 0.0025 0.01 0.002 on 0.002 
Tr. - 0.05 
0.001 0.003 0.001 0.001 0.01 


@ (0002) 


Fig. 3—Cold-rolled sheet texture of iodide titanium. O = (0002) Fig. 4—Cold-rolled sheet texture of alloy containing 3.6 pct 
[1010]; x = (0002) rotated 27°. about rolling direction, | 1010] Cb. x = (0002) rotated 40° about rolling direction, | 1010] 


The cold-rolled sheet pole figures for an alloy 
containing 3.6 pct Cb and having c/a 1.592 are 
shown in Fig. 4. These are similar in form to those 
of titanium; however, the maxima in the (0002) 
pole figure are centered approximately 40° from the 
center of the pole figure instead of 27° as for ti- 
tanium. There is a region of second high intensity 
in the (0002) pole figure approximately 15° to 20° 
from the center in the rolling direction which did 
not appear for unalloyed titanium. The lowest in- 
tensity region of the (0002) pole figure of the Ti-Cb 
alloy shows a break near the basic circle, whereas 
that region for the iodide titanium extended all the 
way across the figure. The figures for the (1010) 
and (1011) planes are consistent with the rotated 
basal, [1010] texture and show very much spread 
in the cross direction. 

Titanium-Tantalum: It was observed that the c/a 
ratio of the a solid solution decreased with increas- 
ing concentrations of tantalum, Fig. 1. Textures 
were determined for two alloys of titanium with 
tantalum. One alloy contained 3.6 pct Ta and had a 
c/a ratio of 1.584 while the other contained 15.4 pct 
Ta and had a c/a ratio of 1.575. 

The pole figures for the 3.6 pct Ta alloy cold- 
reduced 93.6 pct in thickness are illustrated in Fig. 
5 and show the rotated basa!, [1019] texture. The 
only differences in the basal pole figures for this 
alloy and iodide titanium are the absence of (0002) 
poles near the basic circle and the presence of the 
region of second high intensity near the center of Fig. 5—Cold-rolled sheet texture of alloy containing 3.6 pct 
the figure in the rolling direction. In other respects Ta. x = (0002) rotated 27° about rolling direction, | 1010] 


(0002) 
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Fig. 6—Cold-rolled sheet texture of alloy containing 7.1 pct 
Zr. x == (0002) rotated 30° about rolling direction, | 1010] 


the alloyed texture was essentially the same as the 
unalloyed. 

The texture for the 15.4 pet Ta alloy cold-rolled 
93.6 pet showed no significant differences from Fig. 
5. The regions of maximum intensity in the (0002) 
pole figure were approximately 25° to 27° from the 
center in the transverse direction as for iodide ti- 
tanium and the alloy of 3.6 pet Ta. 

Titanium-Zirconium: Titanium and zirconium 
show complete solid solubility in both crystal forms, 
and the a lattice parameters have a negative devia- 
tion from Vegard’'s law.’ The composition parameter 
results of the present study are shown in Fig. 1. 

Textures were studied for alloys containing 7.1 
pet Zr (c/a 1.590) and 14.75 pet Zr (c/a 1.602) 
which were cold-reduced 93.6 pct in thickness. Fig. 
6 contains the pole figures for the 7.1 pet Zr alloy. 
The figures for both alloys were similar and differ 
from those for iodide titanium only in those respects 
discussed for the Ti-Ta textures. These alloys 
showed the rotated basal, [1010] texture. 


Discussion of Results 

While a complete explanation of the effects of 
solid solution alloying on deformation textures can- 
not be given at this time, some observations can be 
made as a result of this investigation. Although 
limited data are available, it appears that the c/a 
ratio is an equivecal factor in the establishment of 
deformation textures. 

It has been suggested that the deformation mech- 
anisms and deformation textures of hexagonal 
close-packed metals were peculiar to the deviation 
of their c/a ratios from the ideal packing. On this 
basis, it was suggested that the textures of metals 
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or alloys having the same c/a ratio would be similar. 
However, as can be seen in Table II, the results of 
this investigation do not justify this belief. 

In the cases of the titanium-base alloys contain- 
ing 3.8 pet Al and 14.75 pct Zr, having c/a ratios 
of 1.600 and 1.602, respectively, there were entirely 
different textures. The Ti-Al alloy possessed a cold- 
rolled texture described as (0002) [1010] and the 
Ti-Zr alloy possessed a rotated (0002) [1010] tex- 
ture similar to that of iodide titanium (c/a 1.588). 

It has been observed that the cold-rolled texture 
of beryllium,” (0002) [1010], resembles that of 
magnesium. However the scatter from this mean 
orientation is toward the cross direction, whereas 
that for magnesium is toward the rolling direction. 
This texture of beryllium is inconsistent with any 
relationship between c/a and texture since the tex- 
ture is that which has been associated with higher 
c/a ratios (near 1.63). Furthermore, an alloy was 
investigated during this study which has a c/a ratio 
close to that of beryllium (1.575 and 1.57 respec- 
tively). The Ti-Ta alloy had the rotated (0002) 
[1010] texture in contrast to the (0002) [1010] 
texture of beryllium. 

The textures of titanium alloyed with columbium 
(c/a 1.592), tantalum (c/a 1.584 and 1.575) and 
zirconium (c/a = 1.590 and 1.602) have the same basic 
textures and differ from the texture of iodide titanium 
only by having areas of second high intensity 15° to 
20° from the center of the (0002) pole figure in the 
rolling direction, shifts in the positions of the basal 
maxima along the cross direction, and in general, 
more scatter. In addition to these differences, the 
basal pole figures of the alloys containing zirconium, 
columbium, and tantalum did not show the low in- 
tensity region extending completely across the 
figure. 

An interesting observation may be made from 
consideration of the phase diagrams of the systems 
studied. As indicated in Table II, the Ti-Al system 
shows a wide a solid solution range and two inter- 
mediate phases. The Ti-Cb and Ti-Ta systems show 
more restricted a regions, and the § phase is sta- 
bilized to room temperature for higher concentra- 
tions of the solute. The Ti-Zr system shows com- 
plete solid solubility. At least in this investigation, 
the system showing intermediate phases has a de- 
formation texture different from that of the pure 
solvent, whereas those systems with no intermediate 
phases retained the texture of the solvent. Eventu- 


Table Il. Summary of Textures Listing c/a Ratios 
and Type of Phase Diagrams 


Phase 
c/a Texture Diagram 
Ti 1.588 (0002) tilted 27°, (1010) 
Zr 1.589 (0002) tilted 40°, (1010)* 
Be 1.57 (0002) [ 1010)" 
Ti—3.8% Al 1.600 (0002) (1010) Wide a range, in- 
termediate 
phases 
Ti—3.6% Cb 1.592 (0002) tilted 40°, [1010] Narrow a range, 
B stabilized 
Ti—3.6% Ta 1.584 (0002) tilted 27°, [1010] Moderate a range, 
stabilized 
Ti—-15.4% Ta 1.575 (0002) tilted 27°, [1010) Moderate a range. 
4 stabilized 
Ti—7.1% Zr 1.590 +0002) tilted 30°, [1010] Complete solid 
solubility 
Ti—14.75% Zr 1.602 (0002) tilted 30°, [1010] Complete solid 
solubility 
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ally it may be possible to relate the factors deter- 
mining the nature of the phase diagram with the 
choice of deformation mechanisms and deformation 
textures. 

Most rationalizations of textures have been based 
on considerations of the crystal structure, deforma- 
tion mechanisms, and relative ease of deformation 
on various systems. Before a complete analysis of 
the effect of alloying on textures can be carried out 
along these lines, it will be necessary to determine 
the effect of alleying on the deformation charac- 
teristics. 


Summary 

1—The deformation texture of a titanium alloy 
containing 3.8 pct Al and having c/a equal to 1.600 
is very different from that of iodide titanium. The 
texture of the alloy can be described as (0002) 
{1010}. 

2—The cold-rolled textures of a titanium alloy 
containing 3.6 pet Cb (c/a 1.592), alloys contain- 
ing 3.6 and 15.4 pet Ta (c/a 1.584 and 1.575, re- 
spectively), and alloys containing 7.1 and 14.75 pct 
Zr (c/a 1.590 and 1.602, respectively) were es- 
sentially the same as the cold-rolled texture of 
iodide titanium. 

3—The deformation textures of hexagonal close- 


packed materials cannot be predicted entirely from 
a knowledge of the c/a ratios. 


Acknowledgment 
This work is part of a study of the preferred 
orientations in titanium and titanium-base alloys 
sponsored by the Flight Research Laboratory, 
Wright-Patterson Air Force Base under Contract 
No. AF 33(038)-19574. 


References 

'R. M. Brick, D. L. Martin, and R. P. Angier: Trans. 
ASM (1943) 31, p. 675. 

*P. W. Bakarian: Trans. AIME (1942) 147, p. 266. 

*M. L. Fuller and G. Edmunds: Trans. AIME (1934) 
111, p. 146. 

*V. Caglioti and G. Sachs: Metallwirtschaft (1932) 
11, p. 1. 

‘'F. D. Rosi, C. A. Dube, B. H. Alexander: Trans. 
AIME (1953) 197, p. 257; JourNAL or MeTALs (Febru- 
ary 1953). 

*W. Rostoker: Trans. AIME (1952) 194, p. 212; 
JOURNAL OF METALS (February 1952). 

°E. T. Hayes, A. H. Roberson, and O. G. Paasche: 
Bur. Mines R.I. No. 4826 (1951). 

*R. K. McGeary and B. Lustman: Trans. AIME 
(1951) 191, p. 994; JourNAL or Metats (November 
1951). 

*C. S. Barrett and A. Smigelskas: Trans. AIME 
(1949) 185, p. 145; JouRNAL or METALS (February 1949). 


Technical Note 


WO intermediate phases enter into equilibrium 
with the primary solid solutions of titanium.’ 
The TiMn, phase was identified by Wallbaum’ as of 
the C14 type isomorphous with MgZn,. Contrary to 
Maykuth, et al.,’ the phase occuring at about the 
50-50 atomic proportion has been shown to derive 
from a peritectoid reaction.” A 30 day anneal at 
900°C of an alloy containing 52 wt pct Mn developed 
sufficient of the new phase to give a clear and pre- 
dominant diffraction pattern. The powder pattern 
was taken in a 14 cm diameter powder camera using 
filtered Cu Ka radiation. In all, 75 lines were recog- 
nized and measured. Interplanar spacing and ob- 
served intensities for the first 26 of these are given 
in Table I. 
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Structure of the Phase TiMn and the Indexing of Powder Patterns 


Of Sigma-Type Phases 


by R. P. Elliott and W. Rostoker 


Table |. Observed Interplanar Spacings of o-TiMn 


d, kx Intensity* 
1. 2.358 vit 
2. 2.301 vit 
3. 2.272 vw 
4. 2.247 vft 
5. 2.215 w 
6. 2.191 vit 
7. 2.156 Vv 
8. 2.109 diffuse vit 
9. 2.001 ft 
10. 1.967 vit 
ll. 1.945 vit 
12. 1.893 diffuse vw 
13. 1.819 vit 
14. 1.778 vit 
15. 1.728 vit 
16. 1.685 vit 
17. 1.667 vft 
18. 1.492 vit 
19. 1.433 ft 
20. 1.407 vit 
21. 1.345 vit 
33. 1.331 vit 
23. 1.314 vw 
24. 1.302 vw 
25. 1.290 vw 
26. 1.255 vit 


* w, weak; vw, very weak; ft, faint; vft, very faint. 
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Table Il. Powder Pattern Lines of Sigma Phases Indexed According to the True Unit Cell (kX Units) 


o-Fev,” 
d, Observed 


(hkl) d, Observed 


a-CrCe,” 
d, Observed 


4.00 
3.68 


4 4 
or C— space groups. 
h 40 


1 
* (201) line does not belong to D 
4 


| Bracket indicates indistinguishable indices. 


o-TiMn 
d, Calculated 


a-Cev, 
d, Observed 


o-NIV,* 


d, Observed d, Observed 


Note: The (100), (110), (200), (210), (320), (510), and (520) planes also should reflect in the sigma lattice, but have not been detected. 


By inspection, a close resemblance was noted to 
powder patterns of o-type phases. Although single- 
crystal studies by Shoemaker and Bergman," * 
Dickens and Douglas,” and Christian and Pearson’ 
have shown o-type phases to be tetragonal (space 


14 4 
group aT or C. ) with an axial ratio of about 0.5, 


published powder patterns’ have been indexed on 
the basis of a tetragonal unit cell of axial ratio 
1.46. For the proper identification of the structure 
of the new intermediate phase in the system Ti-Mn, 
it was considered necessary to re-index the powder 
patterns of Duwez and Baen* according to the cor- 
rect unit cell. 

For this purpose, a large Hull-Davey chart was 
constructed for the tetragonal lattice in the axial 
ratio range of 0.4 to 0.6. A log d scale of 50 in. per 
log cycle was used. From the lattice constants for 
o-FeCr" ° as derived from the single-crystal studies, 
it was apparent that the (002) planes possessed an 
interplanar spacing of 2.27 kX. Duwez and Baen" 
report lines of relatively high intensity at about this 
spacing for the powder patterns of o-FeCr, o-CrCo, 
o-FeV, o-CoV, and o-NiV. With the use of the Hull- 
Davey chart and by locating the appropriate line 
at the (002) position, it was possible to index the 
rest of the patterns in every case. Calculations of 
lattice parameters from indices and spacings agreed 
well with results reported on single crystals. A sum- 
mary of line spacings and indices is given in Table II. 

Using the same procedure, the pattern for the new 
intermediate phase of the Ti-Mn system was suc- 
cessfully indexed. The results are compiled in Table 
II to provide a comparison with other members of 
the o-phase family. Four very faint lines of the 
pattern could not be indexed. The lattice parameters 
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of o-TiMn were calculated by a least squares solu- 
tion of best fitting lines as follows: 


c = 4.533 kX; a = 8.862 kX; c/a — 0.512 


Using these lattice parameters, interplanar spacings 
were calculated for comparison with observed values 
(see Table II). The agreement was quite satisfac- 
tory. It is to be noted that the indices determined 
for lines of all of the o-phase patterns obey the sys- 


14 
tematic extinction requirements for the Da and 
Cc. namely, for lines of type (hO0l) reflections will 


not occur unless (h + lL) is even. 
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101 4.01 4.07 4.10 
lll | 3.72 3.68 3.71 
201° 3.22 3.20 3.22 
‘ 220 3.10 3.12 
211 3.01 
300 2.97 2.94 
310 2.84 2.79 
221 2.61 
301 2.50 
311 2.36 2.36 2.35 2.358 2.383 
002 2.27 2.26 2.31 2.28 2.31 2.272 2.266 
102 2.215 2.20 2.191 2.196 
400 2.22 } 2.215 2.215 
321 2.16 2.15 2.156 2.161 
410 2.124 2.155 | 2.140 } 2.160 
112 j j J j 2.109 2.131 
330 2.065 2.062 2.110 2.081 2.087 
202 2.019 2.010 2.050 2.032 2.052 2.001 2.018 
212" 1.967 1.958 1.998 1.978 j 1.997 } 1.967 1.967 
1.925 1.922 1.961 1.940 1.959 1.945 1.942 
331 1.879 1.878 1.914 1.895 1.911 1.893 1.897 
222 1.833 1.827 1.864 1.846 1.859 
42) 1.819 1.816 
302 1.805 
312 1.757 1.752 } 1.788 j 1.769 | 1.785 } 1.778 } 1.772 
500-430 j j j { j if j 
322 1.663 1.655 1.685 1.676 1.687 1.667 1.666 
501-431 1.637 1.633 1.665 1.650 1.662 
Sil 1.608 1.607 1.636 1.621 1.640 
_ 


The Ternary System Ti-Ta-C 


by John G. McMullin and John T. Norton 


An 1820°C isothermal cross section of the Ti-Ta-C ternary dia- 
gram was prepared from X-ray diffraction and metallographic data. 


No phases other than those appearing in the three binary diagrams 
were observed. At temperatures above the titanium transition 
temperature titanium and tantalum form a complete series of solid 
solutions containing up to 2 atomic pct C. The phases TiC and TaC 
also form a continuous series of solid solutions extending across 


the diagram. 


EVIOUS work on this alloy system was very 

limited. Of the three binary constitution di- 
agrams involved, only one, the Ta-C system was 
available in the literature. Preliminary data on the 
other two systems was received from the investi- 
gators during the course of the investigation and 
both have been published in recent months. It had 
been shown that TiC and TaC formed a continuous 
series of solid solutions, but the range of carbon 
content in this phase was not known. While Ta,C 
had been described, its solubility for or reactions 
with other carbides had not been reported. It was 
not known whether or not any ternary compounds 
occurred in the system. 

The present program was undertaken to deter- 
mine experimentally the general form of the ter- 
nary diagram. It is hoped that the results will be 
of value in furthering the development of sintered 
carbide cutting materials and high temperature 
ceramets, many of which contain combinations of 
TiC and TaC. 


The Binary Systems 
Of the three binary diagrams involved only that 
of Ta-C was available at the time this project was 
started. The diagram of Ellinger' redrawn in Fig. 
1, shows a hexagonal phase Ta,C having a very small 
composition range and a cubic TaC phase having a 
composition range of from 40 to 50 atomic pct C. 
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General Electric Research Laboratory, Schenectady, and J. T. 
NORTON, Member AIME, is Professor of Metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. 

Discussion on this paper, TP 3602E, may be sent, 2 copies, to 
AIME by Dec. 1, 1953. Manuscript, April 15, 1953. Cleveland Meet- 
ing, October 1953. 

This paper is based on a thesis by J. G. McMullin submitted in 
partial fulfillment of requirements for the degree of Doctor of 
Science in Metallurgy to the Massachusetts Institute of Technology, 
May 1952. 
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Fig. 1—Ta-C system after Ellinger.' 


The authors made a separate determination of the 
composition range of TaC using lattice constant 
values and found the range to extend from 40 to 
49.7 atomic pct C in good agreement with Ellinger’s 
diagram. 

Two determinations of the Ti-Ta system have 
appeared recently.** These two diagrams are in 
good agreement and show that £ titanium and tan- 
talum form a complete series of solid solutions. 

The Ti-C diagram by Cadoff and Nielsen‘ shows 
a very limited solubility of carbon in both a and B 
titanium. The single carbide formed persists over 
a wide range of carbon contents. Several values for 
the upper limit of carbon content of this phase have 
been reported.”* The highest value obtained in the 
M.1.T. Laboratory was 47.5 atomic pet C with a 
lattice constant of 4.328A.” Fattinger’ describes a 
gas carburization method which he claims produces 
stoichiometric TiC although he does not present any 
data showing that he actually had 50 atomic pct 
combined carbon. Several complete analyses on 
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Fig. 2—Ti-C system tentative constitution diagram after Cadoft 
and Nielsen.’ 


commercially prepared titanium carbides have been 
made recently which have shown as high as 49.8 
atomic pet combined carbon, and there seems to be 
no reason to doubt that the true upper limit of the 
phase is at 50 atomic pct. Cadoff and Nielsen‘ show 
the lower carbon limit of the 6 phase to be about 27 
atomic pet C at 1750°C. This is not in good agree- 
ment with the value of 22 atomic pct found by 
Ehrlich,” Rengstorff,” and Ragone.’ The latter value 
was used in constructing the isothermal section 
shown in Fig. 3. No published data were available 
concerning reactions between TiC and graphite, but 
Stover” has observed a eutectic microstructure in 
melted alloys containing over 50 atomic pct C. Ac- 
cordingly a eutectic is indicated in Fig. 2 although 
its temperature is not known. 


Experimental Procedure 


Alloy Preparation: All the alloys used in this 
program were prepared by powder metallurgy 
methods. The titanium and tantalum were added in 
the form of powdered metal hydrides, while carbon 
was added in the form of lampblack. The titanium 
hydride and tantalum hydride were carefully 
weighed out on an analytical balance in amounts 
calculated to give the desired atomic ratio of the 
two metals and the necessary amount of carbon was 


atomic «PERCENT TANTALUM 


Fig. 3—Constitution of Ti-Ta-C alloys at 1820°C in atomic pet. 
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Ti 


added. The powders were thoroughly mixed and 
cold-pressed into compacts about 25x6x6 mm. 
The compacts were sintered 3 hr at 1820°C in a 
vacuum Arsem furnace with a vacuum better than 
one micron. The furnace cooled about 400°C in the 
first minute and was below 1000°C in 4 min. The 
cooling rate below the visible temperature range ‘ 
was slow because of the excellent vacuum in the 
furnace. A few specimens were cooled faster by 
filling the furnace with helium as soon as the power 
was shut off. 
X-Ray Diffraction Methods: All specimens for 
X-ray examination were crushed and ground to 
—200 mesh. A suitable amount of the —200 mesh 
specimen was mounted on a glass microscope slide 
using collodion thinned with amy] acetate. 
The X-ray diffraction patterns were made using a 
high angle X-ray spectrometer with copper radia- 


Fig. 4—Alloy compositions in atomic pct. 


tion and a nickel filter. All lattice constant calcula- 
tions were made using a value of 1.5405A for the 
wavelength of the Cu Kal line. 

Chemical Analysis Methods: A carbon analysis 
was made on all samples. Total carbon analysis was 
made by combustion of the powdered carbide in a 
conventional carbon train. 

Free carbon was determined by dissolving the 
carbide in a mixture of HF and HNO, and filtering. 
The residue on the filter was washed first with KOH, 
then with HCl and finally water. The residue was 
then ignited in the carbon train. 

Combined carbon was determined by subtracting 
the free carbon from the total carbon analysis. A 
rew analyses were made for titanium and tantalum 
and it was found that this ratio remained unchanged 
during the sintering. Fig. 4 shows the compositions 
of the alloys investigated. 


The 1820°C Isothermal Section 


The 1820°C isothermal section of the ternary 
diagram was chosen for extensive investigation for 
several reasons. It was desired to select a tempera- 
ture which was below the solidus over most of the 
section but which was high enough to insure equi- 
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Fig. 5—Lattice constants of carbon-saturated 5 phase. 


librium in only a few hours at temperature. From 
the three binary diagrams it appeared that 1800°C 
would be an appropriate temperature. The particu- 
lar temperature of 1820°C was chosen because the 
sintering furnace maintained this temperature very 
well but was difficult to control at 1800°C. 

From the three binary diagrams it is apparent 
that five phases, liquid, f, y, 6, and graphite (see 
Figs. 1 and 2) must be present at 1820°C. No other 
phases were observed at this temperature. With the 
§ phase extending across the diagram from TiC to 
TaC as shown by Norton and Mowry" and the bound- 
ary conditions imposed by the binary diagrams, it 
was evident that two three-phase fields must be 
present in the isothermal section. One of these, the 
liquid-8-6 field was not extensively investigated 
although its presence was defirtitely established. The 
B-y-8 field was more thoroughly investigated and its 
boundaries located. Fig. 3 shows the 1820°C iso- 
thermal section as it was determined. 

The £8 phase has a body-centered cubic structure 
with a comparatively narrow range of lattice con- 
stants.” In alloys containing less than 25 pct Ta the 
8 phase transforms during cooling in a manner de- 
pendent on the rate. The small solubility of carbon 
in the 8 phase was not determined. 


Fig. 6—Titanium-rich corner of the Ti-Ta-C ternary consti- 
tution diagram. 
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The & phase has a face-centered cubic structure 
of the NaCl type. Fig. 5 shows the variation of lat- 
tice constant in carbon-saturated 6 phase composi- 
tions between TiC and TaC. As the carbon content 
of the § phase decreases, there is a marked decrease 
in the lattice constant. 

The y or Ta,C phase was observed to have a hex- 
agonal close-packed structure (a 3.097A, c/a 
1.595) as previously reported.” Since a pure Ta-C 
alloy (No. 209) containing 32 atomic pct C showed 
a trace of 5 phase, it is apparent that the y phase 
contains slightly less carbon than the stoichiometric 
Ta,C. Its behavior is therefore exactly parallel to 
that of W.C, with which it is isomorphous.” No shift 
in the high angle diffraction lines was observed in 
any specimen containing y phase. This invariance 
of the lattice constants indicates that the composi- 
tion range of y phase is very small with respect to 
both carbon and titanium. 

Because of this very small composition range of 
the y phase the tie lines in the B-y and £-8 fields can 
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Fig. 7—Saturation lines in the Ti-Ta-C ternary constitution 
diagram. 


be drawn in as shown. The 4 phase lattice constants 
were used to locate the tie lines in the 8-8 two-phase 
field. 

Ternary Reactions 

In the three binary diagrams there are six iso- 
thermal lines of two-fold saturation which must be 
considered in the ternary diagram. 

The £ Ti-a Ti-TiC peritectoid line probably moves 
in to the ternary as shown in Fig. 6 to form an 
a-B-5 three-phase field although this low tempera- 
ture portion of the diagram was not investigated. 

Two of these lines, the TiC-liquid-graphite eutectic 
and the TaC-liquid-graphite eutectic lines very 
probably join along a warped surface leaving a 
eutectic valley across the liquidus surface as indi- 
cated in Fig. 7. 

The other three lines, the TiC-8 Ti-liquid peri- 
tectic, the TaC-Ta,C-liquid peritectic, and the Ta,C- 
liquid-Ta eutectic could theoretically be joined on 
a four-phase invariant plane having either the 
eutectic or peritectic arrangement. A ternary eutectic 
plane would necessarily be at a temperature below 
the lowest binary reaction which in this case is the 
TiC-f Ti-liquid peritectic at about 1750°C. It is 
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Fig. 8 (left)—Iso- 
thermal section at 
temperature below 
invariant plane. 


Fig. 9 (right)—Iso- 
thermal section at 
temperature of inva- 
riant plane. 


Fig. 10 (left)—Iso- 
thermal section at 
temperature above 
invariant plane. 


evident from the 1820°C isothermal section shown 
in Fig. 3 that the ternary eutectic does not occur. 
With this possible arrangement eliminated, it was 
safe to assume that a ternary peritectic reaction 
occurred at some temperature above 1820°C and 
below the Ta.C-liquid-Ta eutectic temperature of 
2800°C. 

To locate this temperature and the same time 
verify the assumed type of reaction, the following 
experiments were conducted. Several specimens of 
alloy No. 178 (43.1 pet Ti, 43.1 pet Ta, and 13.8 pct 
C) were prepared and sintered at 1820°C. After 
sintering, the specimens contained approximately 
equal amounts of 8 and 6 phases in accordance with 
Fig. 3. Each of these specimens was given a short 
time anneal at successively higher temperatures 
above 1820°C and rapidly cooled with helium. Speci- 
mens annealed at temperatures up to and including 
2020°C gave no evidence of melting. The X-ray pat- 
tern of the specimen annealed at 2020°C contained 
only 8 and & X-ray lines. Specimen No. 178-17, 
heated to 2030°C and rapidly cooled showed phys- 
ical evidence of partial melting by its rounded 
corners. The X-ray diffraction pattern of this speci- 
men contained a substantial amount of y phase as 
well as 8 and 8. Its microstructure gave definite evi- 
dence of melting. The appearance of y phase and 
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liquid was proof that the invariant temperature had 
been exceeded. Allowing for temperature measure- 
ment error, the temperature of the invariant plane 
is thus fixed at 2025° + 15°C. On heating through 
this plane the so-called, “two over two” reaction of 
8B + 8-— y + liquid occurred. On rapid cooling some 
of the y phase remained while the liquid decomposed 
to + £. 

As shown in Fig. 9, the invariant plane is divided 
into four quadrants; A, B, C, and D. The same re- 
action of B + 8 y + liquid occurs during the melt- 
ing of alloys in all four quadrants although the 
phases present just above and below the invariant 
plane are different for each quadrant as shown by 
Figs. 8 and 10. 

Summary 

An isothermal cross section of the Ti-Ta-C alloy 
constitution diagram was determined. An invariant 
plane of four-fold saturation was found to occur at 
2025°C. The reaction occurring at this temperature 
was B + 6= y + liquid. 

No compounds or phases other than those occur- 
ring in the three binary constitution diagrams were 
observed. 

The Ta.C or y phase was shown to be deficient in 
carbon containing only 31.5 atomic pct C instead of 
33.3 pet. This carbon content appeared to be fixed 
and no solubility of titanium in Ta.C was detected. 

Titanium carbide and tantalum carbide formed a 
continuous series of solid solutions. 
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System Titanium-Chromium-lron 


by R. J. Van Thyne, H. D. Kessler, and M. Hansen 


The phase diagram of the titanium-rich portion of the system 


Ti-Cr-Fe to 70 pct Ti was established by means of isothermal sec- 
tions at 900°, 800°, 750°, 700°, 650°, 600°, and 550°C, using arc- 
cast alloys. An isotherm at 800°C was determined for the section 
bounded by Ti, TiFe., and TiCr.. Micrographic analysis was em- 
ployed as the principal method of investigation, supplemented by 
X-ray diffraction and incipient melting studies. A ternary eutectoid, 
B=a + TiCr. + TiFe, occurs at approximately 8 wt pct Cr, 13 wt 


pct Fe, and about 540°C. 


MONG the first titanium-base alloys in com- 
mercial production were the Ti-Cr-Fe alloys. 
For this reason, the Materials Laboratory, Wright 
Air Development Center, sponsored an investigation 
of the system. No information on the constitution of 
the titanium-rich corner was available. Vogel and 
Wenderott studied titanium-poor ternary alloys.’ 

As part of this program, the binary systems Ti-Cr 
and Ti-Fe have been determined previously by the 
authors.’ Other investigators have also studied the 
binary systems Ti-Cr,** Ti-Fe.* ~“ Both of the binary 
systems are characterized by the eutectoid decom- 
position of the 8 phase. 

Most of the effort of the present work has been 
concentrated on the titanium-rich corner with com- 
positions of less than 30 pct total chromium and iron 
content. The determination of isothermal sections 
was the experimental approach used to obtain the 
ternary phase diagram. Vertical sections were used 
to check the consistency of the isothermal sections. 

While this investigation was in progress, a study 
of the Ti-Mo-Cr system at Armour Research Foun- 
dation disclosed the existence of a high temperature 
modification of TiCr, above 1300°C." This allotrope 
has a hexagonal structure of the MgZn, type, iso- 
morphous with TiFe., whereas the low temperature 
modification of TiCr, is cubic," of the MgCu, type. 
The existence of allotropy in TiCr, of course means 
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Junior Member AIME, is Supervisor, Nonferrous Metals Research, 
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nology, Chicago. 

Discussion on this paper, TP 3603E, may be sent, 2 copies, to 
AIME by Dec. 1, 1953. Manuscript, April 20, 1953. Cleveland Meet- 
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Table |. Analyses of Impurities in Materials Used 


Iron Chromium 
si 0.0093°% Cc 0.015% 
Ni 0.012 Oo 0.066 
P 0.0023 N 0.0022 
Ss 0.013 
c 0.011 


a more complicated set of phase relationships in this 
general region than if the phase were monomorphic, 
as was first assumed. 

Additional studies were made late in the inves- 
tigation in order to clarify the part that the hex- 
agonal TiCr, phase plays in the ternary phase rela- 
tionships. These will be discussed in a separate sec- 
tion. Because they are of greatest practical signif- 
icance, the phase relationships in the titanium-rich 
corner will be presented first, omitting the equilibria 
involving the hexagonal modification of TiCr, in an 
effort to simplify the presentation somewhat. 


Experimental Procedure 

Materials: The titanium used in the preparation 
of the alloys was iodide crystal bar (99.9 pct pure) 
produced by the New Jersey Zine Co. High purity 
chromium and iron were obtained from the National 
Research Corp. Table I gives the analyses of these 
materials. 

Melting Practice: Over 100 alloy ingots weighing 
10 to 20 g were melted in a nonconsumable electrode 
arc-meiting furnace. As the techniques are identical 
to those reported previously,” ” they will not be 
detailed here. The ingots were melted in the cavity 
of a copper melting block insert under a slight posi- 
tive pressure of helium. No measurable hardness 
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on the annealing times used for various tempera- 
tures is given in Table II. All samples heat-treated 
OMe Puane — TRangromeeo below 800°C were first annealed at 900°C for 2 to 8 
© ene punen-anvamen en7a hr and then slowly cooled to the temperature of 
a final annealing. The furnace temperature control 
was within +3°C of the reported temperatures below 
1100°C, and about +10°C for higher temperatures. ° 
Coring was observed in some alloys containing 
over 5 pct total alloy content of chromium and iron. 
Therefore, these alloys were homogenization an- 
nealed at 1050°C for 24 hr prior to the regular iso- ° 
thermal anneals. 
Melting Range Determinations: Metallographic 
analysis after isothermal annealing was used to out- 
line the solidus surface. The annealing temperatures 
were selected by first determining the temperature of 
* . ’ visible melting upon heating as described earlier.” “ 
The samples for micrographic analysis were sep- 
B+ cr- Rich PHASE — arated with molybdenum sheet during annealing to 


Fig. 1—Partial isothermal section at 900°C of the Ti-Cr-Fe system. prevent contact in case of melting. The accuracy of 
these data is estimated to be +10°C. 


° 


Results and Discussion 

The Phase Diagram: The constitution of the tita- 
nium corner of the Ti-Cr-Fe system is of the ternary 
eutectoid type. Curves of double saturation (B=a 
+ TiCr: and B=a + TiFe) descend into the space 


L y \ 
[on THiFe,cr), | \ PHASE 


Fig. 2—Partial isothermal section at 800°C of the Ti-Cr-Fe system. 


increase was found on remelting small control ingots 
of iodide titanium. To insure homogeneity of com- 
position, each ingot was turned over and remelted 
four times without opening the furnace. [or VB + cr-micn Pnase 

The alloy charges and resultant ingots were 
weighed to the nearest milligram. As the average Fig. 3—Partial isothermal section at 750°C of the Ti-Cr-Fe system. 
weight losses on melting were smal, the actual 
compositions were judged to be very close to the 
nominal compositions. Many check analyses, par- 
ticularly for the binary alloys, substantiated the 
general use of nominal compositions. 

Annealing Treatments: Annealing treatments of 
as-cast specimens were carried out in Vycor (to 
1100°C) and quartz bulbs. The bulbs were sealed 
under vacuum for temperatures up to 1000°C; but 
for higher temperatures a partial pressure of argon 
was necessary to prevent their collapse. Information 


TITANIUM 


Table tl. Annealing Conditions for Ti-Cr-Fe Alloys 


Tempera- | Tempera- 
tere, °C Time, Hr 


for Ti (Fe, Cr), ] \ B+cr-RICH PHASE 


800 144 
Fig. 4—Partial isothermal section at 700°C of the Ti-Cr-Fe system. 
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Fig. 5—Partial isothermal section at 650°C of the Ti-Cr-Fe system. 


model from the two binary eutectoid points at 15 pct 
Cr, 685°C and 16 pct Fe, 585°C, respectively, along 
with that expressing saturation of the two com- 
pounds (8=TiCr: + TiFe). These three space 
curves meet to form a ternary eutectoid point (p= 
a + TiCr, + TiFe) at approximately 8 pct Cr, 13 
pet Fe and 540°C. 

Isothermal Sections: Isothermal sections at tem- 
peratures between 900° and 550°C are presented in 
Figs. 1 to 7. At 900°C, Fig. 1, the £ field extends 
over almost the entire composition area shown. The 
transition from transformed to retained £ after water 
quenching these alloys from the £ state is shown as 
a shaded band. This appears to be a straight line 
joining the similar transition compositions in the 
binary systems; that is, between 3 and 4 pct Fe, 
and 6 and 7 pet Cr. The samples of lower alloy con- 
tent transformed to an acicular product (a’) partially 
or completely during water quenching, and those of 
higher alloy content consisted entirely of retained £. 
The position of the three space curves of double 
saturation have been shown as dotted lines on all of 
the isotherms. 

Sections through the space model at 800°, 750°, 
and 700° C(Figs. 2 to 4) show the enlargement of the 
a + Band B + compound fields. In general, the lim- 
its of the @ field in the isothermal sections were not 
determined by the data points obtained at a par- 
ticular temperature alone. After the data had been 
obtained for all temperature levels (900° to 550°C), 
graphical interpolation, using the isothermal and 
vertical sections, was done, placing emphasis on the 
binary intercepts. Therefore, the isotherms shown 
are an integration of all the data. 

The exact location of the sectional phase bound- 
aries at 650°C and below (Figs. 5 to 7) was greatly 
impeded by the fact that the rate of diffusion at 
these temperatures is extremely low. As a conse- 
quence, the ternary 8 phase remains in a metasta- 
ble state, and only in the alloys rich in chromium 
was microscopic evidence found of the reaction, 

=a + TiCre. 

The isothermal section for 650°C is presented in 
Fig. 5. With the eutectoid decomposition in the Ti- 
Cr system occurring at 685°C, the eutectoid decom- 
position of the ternary 8 phase (f=a + TiCr,) 
would take place within a certain range of compo- 
sitions along the entire Ti-Cr side of the system. 
However, as shown in Fig. 5, most of the hypo- 
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eutectoid alloys in the a + 8 + TiCr, field were 
actually found to be only two-phase (a + £8), even 
after 18 days of annealing. The fact that the eutec- 
toid decomposition did not occur in the hypoeutec- 
toid alloys of low alloy content at annealing tem- 
peratures fairly close to the eutectoid temperature, 
was also observed in the binary systems.” 

Because of the reluctance of the eutectoid to de- 
velop, alloys with less than 12 pct Cr could not be 
used in positioning the boundary between the a + 8B 
and a + £8 + TiCr, fields at 650°C. However, as al- 
loys of compositions near the space curve of double 
saturation showed eutectoid decomposition and the 
boundaries of the adjacent f field have to meet at 
the vertex of the a + 8 + TiCr, triangle, this point 
could be located at approximately 13 pct Cr and 5 
pet Fe. 

The isothermal section at 600°C (Fig. 6) is similar 
to that at 650°C, with changes only in the extent 
of the phase fields. Eutectoid decomposition was 
observed in a greater number of alloys on the chro- 
mium-rich side with falling temperature, although 
the § phase in samples of low alloy content contin- 
ued to be metastable. As at 650°C, the vertex point 
of the a + 8 + TiCr, triangle was positioned using 
the intersection of the sectional phase boundaries 
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Fig. 6—Partial isothermal section at 600°C of the Ti-Cr-Fe system. 
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Fig. 7—Partial isothermal section at 550°C of the Ti-Cr-Fe system. 
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Fig. 8—Isotherms of the lower surfaces of the phase space in 
the Ti-Cr-Fe system. 


B/a + Band B/f + Cr-rich phase in addition to the 
projection of the space curve of double saturation. 

The section at 550°C (Fig. 7) is below the binary 
Ti-Fe eutectoid level, 585°C; therefore, the B + 
TiFe and a + 8 + TiFe fields should now be evi- 
dent. It can be seen from the data points that no 
eutectoid structures were observed in ternary alloys 
on the iron side annealed at 550°C for 31 days al- 
though under similar annealing conditions the £ 
phase of the binary Ti-Fe system started to decom- 
pose eutectoidally.’ In the iron-rich ternary alloys, 
the eutectoid decomposition B=a + TiFe will start 
below the eutectoid temperature of the Ti-Fe sys- 
tem. It is not surprising, therefore, that at these 
low temperatures, equilibrium is approached only 
at a very low rate and that a definite indication of 
eutectoid was not observed. 

The two curves of double saturation extending 
from the binary eutectoid points were positioned by 
the identification of either a or compound constitu- 
ents in the microstructures of alloys lying on either 
side of the line. For example, at 550°C (Fig. 7), 
the microstructures of the 2 pct Cr-14 pct Fe and 
the 4 pct Cr-16 pct Fe samples consist of a + § and 
8B + TiFe, respectively. The 4 pct Cr-14 pct Fe 
alloy is single-phase (8), although the alloy is lo- 
cated in the a + 8 + TiFe phase field. The apparent 
anomaly is explained on the basis that the composi- 
tion lies very close to the space curve of double 
saturation. Thus, no _ proeutectoid constituents 
would be expected in the microstructure, and the 
indicated £ is metastable. 

At 650° and 600°C, the £ field is extensive enough 


Fig. 9—Vertical sections of the Ti-Cr-Fe system at constant 
chromium contents. 
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that data points are available to accurately locate 
the limits of the £ field and hence the other phase 
fields. However, at 550°C, the £ field is very small 
and the data points on the isotherm alone did not 
permit the accurate placement of phase boundaries. 
A number of vertical sections were drawn, some of 
which will be presented later. From the extrapola- 
tion of data from higher temperatures, it was ap- 
parent that the @ field was very restricted at 550°C 
and that the ternary eutectoid temperature occurs 
at approximately 540°C. Therefore, the 8 field has 
been constructed as very small with the limits lo- 
cated at points on the space curves of double satu- 
ration. The lines expressing double saturation in- 
tersect at the ternary eutectoid point; approxi- 
mately 8 pet Cr and 13 pct Fe. 

Although the data are not presented, alloys were 
annealed at 500°C for 30 days. In general, the 
microstructures were very fine and conclusive evi- 
dence of the binary Ti-Fe or ternary eutectoid de- 
composition was not observed in the ternary alloys. 
Several other techniques were tried to obtain the 
ternary eutectoid decomposition. A powder sample 
and a specimen that had been cold pressed were 
prepared. As slight amounts of contamination are 
known to greatly accelerate the reaction, an 8 pct 
Cr-13 pet Fe alloy was prepared using sponge 
titanium. These samples were annealed at 525°C 


ac 


Fig. 10—Vertical sections of the Ti-Cr-Fe system at constant 
chromium and titanium contents. 


for 12 days but no definite evidence of the ternary 
eutectoid decomposition either metallographically 
or by X-ray diffraction was found. 

The solubility of chromium and iron in a titanium 
is less than 1 pct total alloy content. The curve of 
maximum solubility has been arbitrarily drawn at 
equal iron and chromium contents. Only a very 
narrow duplex phase space exists between a and 
TiCr,., because of the restricted solubility of chro- 
mium and iron in a titanium. At equilibrium, the 
eutectoid reaction would be complete in this region, 
and £ is consumed. No attempt was made to locate 
the extent of the a + TiCr. or a + TiFe fields at 
high alloy contents because they apparently are 
very restricted. 

Fig. 8, which is a composite of isotherms of the 
lower surfaces of the 8 phase space, illustrates the 
good correlation obtained on combining the results. 
Although not shown, additional alloys were pre- 
pared and annealed to more accurately locate the 
ternary eutectoid point. However, because of the 
very small size and small amounts of phases pres- 
ent in these microstructures, they could not be 
identified. 

Vertical Sections: Vertical sections at constant 
chromium and titanium contents are illustrated in 
Figs. 9 and 10. The data used in preparing these 
curves were taken from the isothermal sections pre- 
sented earlier. Excellent correlation of data was 
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Fig. 11—Isotherms of the solidus surface of the Ti-Cr-Fe system. 


obtained when plotting these sections and others 
that have been omitted due to space considerations. 

Melting Range Determinations: The results of the 
solidus determinations are presented in Fig. 11; the 
data points shown were determined by metal- 
lographic examination of samples that were iso- 
thermally annealed and water quenched. The iso- 
therms were drawn using previously determined 
solidus temperatures for the binary systems.’ In- 
cipient melting data were obtained for a number of 
alloys by visible sign of melting on heating and, in 
general, substantiated the isotherms illustrated. 
Annealing at 1100°C showed that only the binary 
Ti-Fe alloys were melted. Therefore, chromium 
additions raise the temperature of the binary Ti-Fe 
eutectic (1080°C). 

Alloys Rich in Chromium and Iron: With the dis- 
covery of the hexagonal modification of TiCr., it be- 
came evident that at high temperatures a continu- 


Table II!. X-Ray Diffraction Data for Alloys Lying on the 
Section TiCr,-TiFe, 


Annealing 
Composition, Treat- Lattice Parameters 
Wt Pet ment of Ti(Fe,Cr)» 


Ti Cr Fe °C Hr Phases Observed c(kX) atkX) c/a 


34 «(66 0 1300 % TiCre (Hex.) 7.987 4.919 1.624 
1200 % TiCr, (Hex.) 
1200 15 TiCry (Hex.) 
1100 1 TiCry (Hex.) 
1100 (Hex.) 
1000 TiCre (Hex.) + 


2 
TiCre (Cubic) 
1000 40 TiCr, (Cubic) 
900 TiCr, (Cubic) 


34 «63 3 800 144 TiiFe,Cris + TiCr, 7.976 4.899 1.628 
700 288 Ti(Fe,Cr)> 7.976 4900 1.628 
34 5 800 144 Ti(Fe,Crie + TiCry, 7.983 4.899 1.630 
600 576 Ti(Fe,Cr)» + TiCre 7.971 4.900 1.627 
500 696 Ti(Fe,Cr), 
34 8 1000 30 7.985 4.898 1.630 
800 170 TiiFe,Cr), 7976 4896 1.629 
700 288 TiiFe,Cris 7.967 4.894 1.628 
600 576 Ti(Fe,Cr),» 7.974 4.896 1.629 
33° #47 «#20 «1000 30 7.963 4.861 1.638 
800 170 Ti(Fe,Cr)» 
600 144 Ti(Fe,Cr), 7.968 4862 1.639 
32 36 32 1000 30 Ti(Fe,Cr)s 7.925 4.839 1.628 
800 170 Ti(Fe,Cr)s 
600 144 Ti(Fe,Cr)>. 7.928 4.838 1.639 
31 22 47 144 Ti(Fe,Cr). 7.869 4812 1.635 
30 10 60 600 144 Ti(Fe,Cr)» 7.806 4.780 1.633 
30 0 70 1000 30 7.808 4.783 1.632 
800 170 TiFes 
600 144 TiFes 7.806 4.780 1.633 
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ous series of solid solutions may exist between TiCr, 
and TiFe.,, which are isomorphous. At lower tem- 
peratures the cubic modification of TiCr, is stable. 
If a continuous single-phase field exists between 
TiCr, and TiFe, at high temperatures, it must con- 
tinuously retreat away from TiCr, with falling tem- 
perature. This by itself would not necessarily affect 
the titanium-rich portion of the diagram that had 
been investigated. However, if the hexagonal phase 
extends into the ternary system and enters into 
equilibrium with § phase, the isothermal sections 
would then necessarily contain additional two and 
three phase regions. 

To decide if the phase relationships mentioned 
above do exist, an X-ray pattern was obtained for a 
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Fig. 12—Lattice parameters of the hexagonal Ti(Fe,Cr), phase. 


22 pet Cr-22 pct Fe alloy annealed at 800°C. This 
sample was found to contain £, TiFe, and the hex- 
agonal modification of TiCr,. Therefore, the hex- 
agonal modification does enter into equilibrium 
with f. For this reason, the phase relationships con- 
cerning Ti(Fe,Cr), (the designation Ti(Fe, Cr), 
will be used to describe the ternary phase of hex- 
agonal structure) were studied. 

Over 20 samples of high alloy content, the com- 
positions of which are shown as data points in Fig. 
14, were annealed at several temperature levels be- 
tween 1000° and 500°C. However, the 800°C iso- 
therm will serve to illustrate the equilibria in- 
volved. As there are no metallographic differences 
between TiCr, or Ti(Fe, Cr)., X-ray diffraction was 
the principal method used to identify the phases. 
Micrographic analysis was used where it was help- 
ful, such as for the identification of samples in the 
8 + TiFe + Ti(Fe, Cr), field. 

X-ray diffraction data for the group of alloys 
with compositions spaced along a tie line between 
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TiFe, (70 wt pet Fe) and TiCr, (66 wt pct Cr) were 
obtained. Samples were annealed at temperatures 
between 1300° and 500°C for 30 min to 29 days. All 
alloys treated were found to consist of only the 
hexagonal phase, Ti(Fe, Cr), at elevated tempera- 
tures. A summary of the lattice parameter meas- 
urements is shown in Table III. The polymorphic 
transformation of TiCr, was found to occur between 
1000° and 1100°C. 

The data shown in Table III are plotted in Fig. 12; 
smooth curves were obtained for both lattice pa- 
rameter values at elevated temperatures. This 
proves the existence of a continuous series of solid 
solutions between TiFe, and hexagonal TiCr,. Pa- 
rameter values for a given alloy in the one-phase 
field at different temperature levels were in close 
agreement. A break occurs in the lattice parameter 
curves (particularly curve a) at the chromium-rich 
side with lowered temperature. This is due to the 
appearance of the two-phase field TiCr, 4 
Ti(Fe, Cr),, and hence the composition of the hex- 
agonal phase in equilibrium with the cubic phase 
remains the same. Fig. 13 schematically illustrates 
the vertical section through the two compounds. 

The 800°C isotherm, given in Fig. 14, is based on 
X-ray data (Table IV) and metallographic observa- 
tions. It is evident that the phase relationships are 
more complex than those shown in Fig. 2. They 
indicate that the 8 phase is in equilibrium with both 
TiCr, and Ti(Fe, Cr), at 800°C. However, the loca- 
tion of the a, a + £8, and £ spaces, on which most 
of the effort has been concentrated, is not affected 
by these findings. 

The corners of the phase field 8 + TiFe + 
Ti(Fe, Cr), are located at the saturated phase, 
TiFe, and approximately 58 pct Cr-8 pct Fe, repre- 
senting the Ti(Fe, Cr), phase. The latter value was 
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Fig. 14—Partial isothermal section at 800°C of the Ti-Cr-Fe system. 
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obtained by comparing the lattice parameters of the 
Ti(Fe, Cr), phase of alloys in the three-phase field 
with those of the section TiFe,-TiCr, (Fig. 12). The 
other three-phase field, 8 + TiCr, + Ti(Fe,Cr)., 
was located as shown, as the structure of the 35 pct 
Cr-5 pet Fe alloy was found by X-ray diffraction to 
consist of three phases. 

Upon examination of the 800°C isotherm, it is 
recognized that additional phase relationships will 
occur below this temperature. No attempt was made 
to study these. For simplicity, it was assumed that 
the eutectoid decomposition of the ternary 8 phase 
involves the phases, a, TiFe, and TiCr.. This would 
be true if a four-phase reaction, 8 + Ti(Fe, Cr). = 
TiFe + TiCr., takes place, eliminating equilibria in- 
volving Ti(Fe,Cr), in alloys lying on the high 
titanium side of a tie line extending between TiFe 
and TiCr,. However, it is realized that an alternate 
reaction, 8 + TiCr, = a + Ti(Fe,Cr)., could pro- 
ceed at a temperature between that of binary Ti-Cr 
eutectoid (685°C) and the ternary eutectoid (540°C). 
If this reaction should occur, the ternary eutectoid 
would consist of a + TiFe + Ti(Fe, Cr).. 

Microstructures: Only a limited number of micro- 
graphs are presented as, in general, the microstruc- 


Table 1V. X-Ray Diffraction Identification of Phases Present 
in Ti-Cr-Fe Alloys Annealed at 800°C 


Composition, Lattice Parameters 
Wt Pet of Ti(Fe,Cr)s 
Annealing 
Time, 
Ti Cr Fe ur 


Phases Observed c(kX) atkX) c/a 


34 «O63 3 144 Ti(Fe,Cr), + TiCry 7976 4.899 1.628 
34 «C61 5 144 Ti(Fe,Cr). + TiCre 7.983 4.899 1.630 
60 35 5 144 6B + TiCre + 
Ti(Fe,Cr)s 
34) = 58 8 170 TitFe,Cr)s 7.976 4896 1.629 
60 30 10 144 £B + TilFe,Cr)s 
60 24 16 144 8 + TitFeCr)>. 
68 16 16 144 + Ti(Fe,Cr)s 
43 39 18 170 i(Fe,Cr)s 7.999 4.893 1.635 
33 170 Ti(Fe,Cr)s 
65 14 21 144 6 + TiFe 
56 22 22 144 fp + TiFe + 7.988 4905 1.630 
Ti(Fe,Cr), 
32 36 32 170 Ti(Fe.Cris 
37 21 42 144 TiFe + Ti(Fe,Cri, 7904 4849 1.631 
30 70 170 TiFe, 


tures observed were similar to those for the alloys 
of the binary systems. For typical microstructures 
representative of the various phase fields, the reader 
is referred to the binary systems.* 

The low solubility of chromium and iron in a 
titanium is shown by the duplex structure of Fig. 15. 
Fig. 16 illustrates the a + TiCr, eutectoid structure 
of the a + 8 + TiCr, space. As previously discussed 
in another section, no microstructural evidence of 
eutectoid decomposition in the a + 8 + TiFe space 
was observed. Also, no ternary eutectoid decom- 
position was noted at 500°C, although this tempera- 
ture is below the ternary eutectoid plane. The 
Ti(Fe, Cr), phase is illustrated in Fig. 17. 

Fig. 18 shows the microstructure of an alloy 
annealed at 800°C in the 8 + TiFe + Ti(Fe, Cr). 
space. An X-ray diffraction pattern of this sample 
confirmed the metallographic evidence of the two 
intermediate phases. To differentiate between the 


coexisting intermediate phases, staining etchants 
were tested. A 10 pct aqueous solution of various 
etchants was used. Of the many etchants tried, 
electrolytic etching with a K,Fe(CN), + NaOH 
solution was the most useful. The polished samples 
were etched first with a HNO, + HF + glycerine 
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Fig. 1S—A 0.5 pet Cr, 0.5 pct Fe alloy, 
water-quenched after annealing at 650°C 
for 432 hr. a + retained § (smaller amount). 
Etchant: HNO, + HF + glycerine. X500. 


Area reduced approximately 30 pct for re- 
production. 


4 Ad) . 
Fig. 18—A 22 pct Cr, 22 pct Fe alloy an- 
nealed at 800°C for 144 hr and water- 
quenched. Ti(Fe,Cr), (larger crystals) and 
TiFe in a matrix of 8. Etchant: HNO, + 
HF + glycerine. X750. Area reduced ap- 


Fig. 16—A 12 pct Cr, 2 pct Fe alloy annealed 
at 650°C for 432 hr. Eutectoid (a + TiCr,) 
and a in a matrix of retained 8. Etchant: 
HNO, + HF + glycerine. X500. Area re- 
duced approximately 30 pct for reproduction. 


Fig. 19—The same microstructure as Fig. 18. 
Ti(Fe,Cr). is now stained although TiFe is 
not. Etchant: electrolytic K,Fe(CN, + 
NaOH + H.O superimposed upon the struc- 
ture etched with HNO, + HF + glycerine. 
X750. Area reduced approximately 30 pct 


Fig. 17—A 47 pct Cr, 20 pct Fe alloy, 
water-quenched after annealing at 800°C for 
144 hr. Nearly single phase, Ti(Fe,Cr).. 
Etchant: HNO, + HF + glycerine. X500. 
Area reduced approximately 30 pct for re- 


Fig. 20—A 50 pct Cr alloy, water-quenched 
after 24 hr at 1000°C. # and stained TiCr.. 
Etchant: same as Fig. 19. X250. Area re- 
duced approximately 30 pct for reproduction. 


proximately 30 pct for reproduction. ‘ 
for reproduction. 


solution (Fig. 18) and were then electrolytically 
etched with the K,Fe(CN), + NaOH solution, 
preferentially staining Ti(Fe, Cr). (Fig. 19). 

A size difference may be noted in Fig. 18; 
Ti(Fe, Cr), is larger with the smaller TiFe crystals 
surrounding it. In order to prove that the differen- 
tial staining in Fig. 19 is due to the different phases 
present and not just size variations, binary alloys 
containing either TiCr, or TiFe were stain-etched. 
Both alloys were polished and etched under condi- 
tions identical to those used in the preparation of 
Fig. 19. Figs. 20 and 21 conclusively show that TiCr, 
is heavily stained whereas the TiFe is unaffected by 
the K,Fe(CN), + NaOH + H.O etchant. 

As another technique of differentiating between 
the two compounds, heat tinting was tried. With 
this method a sample previously polished is placed 
in a preheated furnace with an air atmosphere. At 
700°C, the only temperature investigated, 40 sec 
appears to be the best time. Shorter times result in 
little tinting, whereas longer times produce deeper 
tints that mask the true structure. 

Hardness: Vickers hardness data of Ti-Cr-Fe 
alloys annealed at and quenched from temperatures 
between 1000° and 650°C are presented graphically 
in Fig. 22. The alloys used are on the vertical sec- 
tion through the ternary system at the Cr:Fe ratio 
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of 1:1. These alloys exhibit the same trends ob- 
served in the binary systems Ti-Cr and Ti-Fe.’ The 
hardness curves for samples water-quenched from 
above 800°C reach a peak at about 5 pct total alloy 
content, which corresponds to the composition at 
which £ is retained upon water quenching. Hard- 
ness peaks at 7 pet Cr and 4 pet Fe were obtained 
on quenching from the 8 field. 

Annealing the ternary alloys at 650° or 700°C 
resulted in a linear increase in hardness with alloy 
composition up to 10 pet. Such alloys have a + £ 


Fig. 21—A 40 pct 
Fe alloy annealed 
the same as Fig. 20. 
and unstained TiFe. 
Etchant: same 
Fig. 19. X250. Area 
reduced  approxi- 
mately 30 pct for 
reproduction. 
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Fig. 22—Vickers hardness of Ti-Cr-Fe alloys (Fe, Cr ratio = 1:1). 


structures, and are much softer than the product 
(f’) obtained by quenching from above the trans- 
formation temperature. It can be seen from Fig. 22 
that the hardness of alloys in the lower composition 
range, i.e., those in the commercial alloy region, 
may be very greatly changed by heat treatment. 
The hardness of the 5 pct alloy annealed at 650°C 
is 200 DPH, but quenching the same alloy from 
900°C resulted in a hardness of over 500 DPH. 

With very rapid quenching from the £ field, the 
high hardness peak is eliminated. Samples were 
annealed at 1000°C for 15 min and rapidly quenched 
into an iced 10 pet NaOH solution. The specimen 
size was approximately 1/8x1/8x1/16 in. Tem- 
peratures as low as 100°C will age these metastable 
structures to much higher hardness.“ Therefore, the 
hardness readings were obtained on unmounted 
samples. Similar results were obtained with binary 
Ti-Cr alloys. As the hardness peak obtained on 
quenching from the £ field cannot be suppressed in 
samples a little larger than those described above, 
probably no commercial usage will be made of the 
phenomenon. 


Summary 

There is a continuous space of ternary £ solid 
solution ranging from the Ti-Fe to the Ti-Cr sys- 
tem. Under equilibrium conditions, the following 
phase changes will occur with fall in temperature: 
According to the composition of the alloy, the ter- 
nary 8 phase starts to decompose by primary re- 
jection of either one of the three phases, a, TiFe, or 
TiCr,. This is followed by the eutectoid decomposi- 
tion into a + TiCr,, a + TiFe, or TiFe + TiCr.,, re- 
spectively, taking place within a temperature in- 
terval. The phase changes are terminated by the 
formation of the ternary eutectoid a + TiFe + TiCr, 
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at about 540°C. The ternary eutectoid is located at 
approximately 8 pct Cr-13 pct Fe. Whereas the pre- 
cipitation of a, TiFe, and TiCr,, respectively, takes 
place at a high rate, the “binary” and especially the 
ternary eutectoid decompositions, due to their low 
temperature of initiation, are extremely sluggish 
and can be enforced only by very long annealing 
times. Therefore, under ordinary conditions of heat 
treatment, the 8 phase remains metastable, similar 
to the conditions in the binary systems Ti-Fe and 
Ti-Cr. 

A continuous series of solid solutions exists above 
1100°C between TiFe, and the high temperature 
modification of TiCr,. Solidus data are presented 
and show that chromium raises the binary Ti-Fe 
eutectic temperature (1080°C). Hardness data are 
presented and illustrate the pronounced effect of 
heat treatment. 
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Plastic Deformation of Rectangular Zinc Monocrystals 


by John J. Gilman 


The data presented indicate that the critical shear stress and 
strain-hardening rate of a zinc monocrystal depend on the orienta- 


tion of its slip direction with respect to its external boundaries. 
The tendency of a crystal to form deformation bands also depends 


on its shape. 


HE plastic behavior of pairs of zinc monocrystals 

in which both members of the respective pairs 
had the same orientation with respect to the longi- 
tudinal axis, but each had different orientations with 
respect to their rectangular external shapes, were 
compared in this investigation. The purpose of the 
investigation was to see what influence the shape or 
surface of a zinc crystal has on its mechanical prop- 
erties. In a previous investigation of triangular zinc 
monocrystals,* anomalous axial twisting was ob- 
served which seemed to be related to the triangular 
shape of the crystals. 

Wolff,’ in 400°C tensile tests of rectangular rock- 
salt crystals bounded by cubic cleavage planes, found 
that, of the four equivalent slip systems, the two 
with the “shorter” slip directions yielded and pro- 
duced slip lines at lower stresses than the other two. 
This observation and the work of Dommerich’® was 
formulated by Smekal' as a “new slip condition” for 
rock-salt: “among two or more slip systems per- 
mitted by the shear stress law, with reference to the 
formation of visible slip lines by large individual 
glides, that slip system is preferred which has the 
shortest effective slip direction.” 

More recently, Wu and Smoluchowski’ reported 
essentially the same effect for ribbon-like (20x2x0.2 
mm) aluminum crystals at room temperature. 


Experimental 


Chemically pure zine (99.999 pet Zn), purchased 
from the New Jersey Zinc Co., was the raw mate- 
rial. Glass envelopes, containing graphite molds and 
zine, were evacuated while hot enough to outgas the 
graphite but not melt the zinc. At a vacuum of about 
0.2 micron the envelopes were sealed off and then 
lowered through a furnace at 1 in. per hr so as to 
melt and resolidify the zinc and produce mono- 
crystals. 

One-half of one of the molds is shown in Fig. la. 
Each mold consisted of four pieces from a cylindrical 
graphite rod that was split longitudinally and trans- 
versely at its midpoints. Rectangular milled grooves 
0.050 in. deep and % in. wide formed the mold 
cavity when the split halves were assembled with 
twisted wires. Fig. 1b shows the specimen shape 
obtained when the top and bottom mold-halves 
were rotated 90° with respect to each other. Good 
fits prevented leakage and excess zinc was necessary 
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Fig. la (top)—Schematic drawing of one-half of the split graphite 
mold. 

Fig. 1b (bottom)—Shape of monocrystalline specimens produced in 
molds like Fig. la. 


to provide enough liquid head to fill the mold com- 
pletely. 

In removing soft crystals from the molds it was 
impossible to avoid small amounts of bending. How- 
ever, manipulations were carried out whenever pos- 
sible with the crystals protected by grooved brass 
blocks. All specimens were annealed prior to test- 
ing. 

From the top and bottom sections of each crystal, 
X-ray specimens and tensile specimens 7 to 8 cm 
long were sawed. The tensile specimens were an- 
nealed inside evacuated tubes for. 1 hr at 375°C. 
Next the crystals were cleaned and polished by 
2-min dips in a solution of 22 pet chromic acid, 74 
pet water, 2.5 pct sulphuric acid, and 1.5 pet glacial 
acetic acid.° Cleaning was followed by a 10-sec dip 
in a 10 pet caustic solution, then washed in water 
and alcohol, and dried. This treatment results in a 
bright surface covered by an invisible oxide film. 

The testing grips were a slotted type with set 
screws and were supported in a V-block during the 
mounting operations in order to avoid bending the 
crystals. A schematic diagram of the recording 
tensile-testing machine is shown in Fig. 2. The 
machine has been described elsewhere.’ The head 
speed was 0.3 mm per sec for all tests. 

The crystal orientations were determined by the 
Greninger X-ray back-reflection method with an 
estimated accuracy of +1°. 


Description of Crystal Geometry 

A schematic picture of a rectangular zinc mono- 
crystal is shown in Fig. 3. ABD designates the front 
edge of a basal plane (0001) of the crystal, the only 
active slip plane for zinc at room temperature. Of 
the three possible (2110) slip directions, the active 
one is indicated by an arrow. Cartesian coordinates 
are taken parallel to the specimen edges. The normal, 
n, to the basal plane (n is parallel to the hexagonal 
axis) has the direction cosines a, 8, and y. x, 90 
— y is the angle between the longitudinal axis and 
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Fig. 2—Schematic drawing of the automatic recording tensile 
machine used for testing the specimens. 


the basal plane, and A, is the angle between the 
longitudinal axis and the slip direction. The breadth 
and thickness of the specimen are b and t, respec- 
tively. @ is the angle between the projection of the 
slip direction into the cross-sectional plane and the 
normal to the wide side of the crystal. € and »n are 
the angles between the surface traces of the slip 
plane and the x and y axes, respectively. w is the 
angle between the slip direction and a line lying in 
the slip plane and perpendicular to AB, its inter- 
section with the side. 4 is the angle between AB 
and BD. sg is the “length” of the slip direction and 
is the length of a unit slip (equal to the distance 
between atoms in the slip direction). 

If a, p, y, and A, are known, the other angular 
parameters, 5, @, w, €, A, and », may be calculated. 
However, they may be quickly measured on a stereo- 
graphic plot of the specimen, so this was the method 
used here; a few calculations were made as checks. 

The “length” of the slip direction, s, is found as 
follows: 

GH t b 


{1} 


8 


SIN A, cos @ sina, sin @ sina, 


whichever is smaller. The area of the slip plane is: 
a, AB (BD 


Since d, is very small compared with b and t, the 


“a 


increase in surface area of the crystal per unit slip 
is 


2cAB+2eBD 
( cb et ) 
2 + 
cos € COs 7 


sin w 


COS w 
2d,\ b +t 
cos & 


cos 
The perimeter of the slip plane is just 


t 


cos 


b 
P = 2(AB + BD) 2( 
cos € 


Fig. 3—Schematic geometry of a rectangular zinc monocrystal. 


and the component of the perimeter perpendicular 
to the slip direction is twice the quantity in the 
brackets of Eq. 2. The quantities in Eq. 3 will be 
used in the discussion of the results. 


Results 
About thirty-five pairs of crystals were grown 
and tested. The growth technique yielded a majority 


Table |. Reproducibility of the Stress-Strain Data for Pairs of Rectangular Zinc Monocrystals, with 
Zero Mold Rotation 


Ortentation Angles 


Resolved Shear Twinning 
Stresses, 

Elongation, Pct Stress, 
10 Sq Mm 
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16T 64 66 15 20 59 60 78 348 45.2 86.8 
34.0 42.1 80.0 
/ 18T 12 12 52 78 16 4 7.7 38.7 54.1 156 0.91 16 
38.3 51.5 154 0.97 
20T 4 26 -- 8.3 _ 1.07 <0.1 
B 1.03 


of crystals with low x, values, however, which 
slipped very little before they began to twin. For 
crystals which deformed by slip, it was considered 
that x, must be about 14° to 15°, if the orientation 
effects were not to be obscured by end effects. Crys- 
tals for which x, was less than 5° were considered 
to have deformed entirely by twinning. Crystals of 
intermediate orientations were not considered. 

Slip: A major difficulty in experiments on the 
mechanical properties of monocrystals is that of ob- 
taining reproducible results. In order to see how 
much reproducibility might be expected of the pres- 
ent crystals, four pairs were grown for which the 
top and bottom halves of the mold were given zero 
rotation. Data for these pairs are presented in 
Table I. For both slip and twinning the reproduci- 
bility was good. On the basis of Table I, the experi- 
mental error in stress-strain data is estimated to be 
5 pet between two crystals of any pair. However, 
the differences between pairs of crystals were con- 
siderably larger, amounting to as much as 15 pet. 

Table II lists data for pairs of crystals that were 
rotated 30° and 90° relative to each other in the 
mold. In most cases the @ values differ by just about 
this amount, but in some cases the difference is less 
than this because symmetry makes (64 90) the 
same as @. The resolved shear stresses are given at 
various percentages of elongations. These were cal- 
culated from the usual expression, 


T = osiny cosa 


where o is the tensile stress; x, the instantaneous 
angle between axis and slip plane; and A, the in- 
stantaneous angle between axis and slip direction. 

The resolved shear stresses at 0.1 and 1.0 pct 
elongation are given as indices of the yield be- 
haviors of the crystals. The difference between the 
shear stresses at 10 and 1 pct elongation, T,, — T,, 
divided by the difference in corresponding shear 
strains, y.— y,, is a measure of the strain-hardening 
rate of a crystal. These values are listed in Table II 
after the critical shear stresses. Table II also lists 
the geometric parameters, s and a’. 
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§ 
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Fig. 4—Plot of 0.1 pct offset yield stress data listed in Table II. 


The values of the resolved shear stresses differ 
considerably among crystals and pairs. This is 
shown graphically in Fig. 4 where the data are 
scattered about the curve calculated for the average 
resolved shear stress at 0.1 pct elongation; 37.0 g 
per sq mm. The reason for the scatter between 
castings is not known. Part of the cause was the 


Table Il. Tensile Test Data for Slip of Zinc Crystal Pairs 


Orientation Angles 


Geometric 
Parameters 


Strain- 
Hardening 
Tw-Ti 


10 


Resolved Shear Stress 
(G per Sq Mm) 
Elongation, Pct 


a' 
Sq Mm x 107 
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Fig. 5—Pair of rectangular zinc monocrystals which deformed by 
slip. x, =e 3°. A, 
a (top) = 58°. b (bottom) = 26°. 


variable average @ values among the castings, but 
some of the scatter seems to have originated in the 
casting process. 

The average value, 37.0 g per sq mm, of the criti- 
cal resolved shear stress is not inconsistent with the 
value found by Jillson,” 18.4 g per sq mm. Jillson 
made his measurements at constant load-rate in- 
stead of constant elongation-rate so no direct com- 
parison is possible, but, since his rate of resolved 
stress increase was 0.1 g per sq mm per min, the 
strain-rate must have been much lower than it was 
in the present tests. Furthermore, if the present 
data is extrapolated to 0 pct elongation, the extra- 
polated value falls between 15 and 20 g per sq mm 
in approximate agreement with Jillson’s data. 

There are several instances among the data of 
Table Il where the shear stress values for a crystal 
pair differ by more than the 5 pct experimental 
error, Therefore, a shape or surface effect seems to 
exist for these crystals. Study of the data has in- 
dicated the following: 

1—The harder crystal of a pair came from the top 
half of the mold about 50 pct of the time and from 
the bottom half about 50 pct of the time. Thus, the 
observed differences cannot be attributed to mold 
conditions. 

2—Relatively large differences in the critical 
stresses for a pair of crystals were always associated 
with marked differences in the cross-sectional shape 
changes upon deformation. The shape changes are 
closely related to the @ values for the crystals. The 
relations may be simply expressed for the case of 
Xo as follows: 


Al 
b’ (1 t t{l + 


where b’ and t’ are the breadth and thickness after 
deformation. Thus, if @ 0 a crystal thins without 
changing in breadth and if @ 90° it narrows with- 
out changing in thickness. For all other @ values, the 
rectangular crystal becomes parallelepiped. A typi- 
cal case is shown in Fig. 5 which is a photograph of 
pair 7. The top part (the right side in the figure) of 
this crystal pair thinned without changing much in 
breadth, while the bottom crystal (the left side in 
the figure) narrowed and thinned to form a paral- 
lelpiped. 

Crystals which thinned more than they narrowed 
were harder than those which narrowed more than 
they thinned. Thus, the crystal in Fig. 5b was harder 
than the one in Fig. 5a. 

3—For crystals free of end effects, the strain- 
hardening rate was greater for the crystal of a pair 
which was initially the hardest. The difference in 
strain-hardening rate was not great for any of the 
crystals. Short crystals (3 to 4 cm) did not adhere 
to this rule because more material is constrained at 
the ends of a crystal if @ is large than if @ is small. 
For a short crystal, this results in rapid apparent 
hardening. 
4—The geometric parameters, s (slip length) and 
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a’ (slip plane area exposed) correlate fairly well 
with the tensile test data. The correlation with the 
slip plane perimeter is not as good. In general, it is 
found that the crystal of a pair which has the highest 
yield strength has a “shorter” slip direction, s, and 
forms more new surface area per unit slip, a’, than 
the softer crystal. This is true for 13 out of 17 crys- 
tals of Table II (76 pct). In the exceptional cases, 
(crystals No. 11, 14, 25, 39), it is found that: first, 
all of the differences in the various quantities are 
small so that they may be attributed to experimental 
error; second, the crystal with small s and large a’ 
strain-hardens more than its partner. This is sig- 
nificant because the strain-hardening rates are 
found from relative data and hence are subject to 
much smaller accidental errors than the shear 
stresses. 

Although the data show too much scatter to allow 
a determination of the functional relations between 
the geometric parameters and the tensile data, large 
critical stress differences are associated qualita- 
tively with large differences in s and a’. 

Thus, for these zinc monocrystals at room tem- 
perature, crystals with small s and large a’ had 
higher critical shear stresses and strain-hardened 
more rapidly than crystals of the same orientation 
but large s and small a’. 

5—Examination of the deformed crystals has 
shown that those which have small @ values, and 
therefore tend to thin during deformation, have a 


Fig. 6—Crystal pair No. 8 after deformation by twinning. (,, = 2°. 
ho = 17°.) X15. Area reduced approximately 60 pct for repro- 
duction. 

a (top)—¢ = 28°, twinning stress = 1.19 kg per sq mm. 

b (bottom) —0) = 1°, twinning stress = 1.45 kg per sq mm. 


greater tendency to form tensile kink bands than 
their opposites. In fact, crystals with @ near 90° 
often deform without forming any tensile kink 
bands, but those with @ near 0° seem never to de- 
form without the formation of some kink bands. 
This may be one reason why the latter strain-harden 
more rapidly than the former. The crystals in Fig. 
5 illustrate this point. Fig. 5b has a wavy surface 
because it contains many kink bands while the sur- 
face of the softer one, Fig. 5a, is smooth except for 
slip bands. 

Twinning: Nine specimens were grown for which 
x.» was 5° or less. These deformed primarily by 
twinning. The crystal orientations and twinning 
stresses are listed in Table III and Fig. 6 shows the 
appearance of one of the crystal pairs after deforma- 
tion. It may be seen in Fig. 6a that twinning some- 
times (and in fact, usually) occurred on two sets of 
planes almost simultaneously. Therefore the value 
of calculations of resolved shear stresses is doubtful 
and these are not reported; rather, the tensile stress 
at first twinning is reported. 

Twinning seems to be influenced by specimen 
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shape according to the data of Table III. Both 
halves of crystal-pair No. 20, which was grown in 
an unrotated mold, had nearly the same twinning 
stress, whereas marked differences are shown for 
most of the other pairs. These differences seem to 
correlate with the directions of twinning with re- 
spect to the external sides. When the twinning di- 
rections lay in a plane roughly perpendicular to the 
flat face of a crystal (as in Fig. 6b), the crystal 
showed a higher twinning stress than its mate with 
twinning directions lying more nearly parallel to its 
flat faces (as in Fig. 6a). This held true in six out 
of eight cases. In the exceptional cases (pairs No. 19 
and 28) both crystals of each pair had nearly the 
same appearance after deformation so it could not 
be determined whether the above correlation is 
valid for them. However, the fact that no contradic- 
tions to the correlation were found tends to support 
its validity. 

Although the crystal in Fig. 6b appears to have 
only one set of twin bands, actually it has two as 
shown by the appearance of its edges. 


Discussion 

It must be noted that the conclusions stated in 
paragraph 5 above appear to be in direct contradic- 
tion with the results of previous work on rock salt* 
at 400°C and aluminum at room temperature.’ In 
these earlier studies it was found that “short” slip 
directions favored easy slip. In this investigation it 
was found that “long” slip directions favored easy 
slip. The reason for this contradiction is not known 
at present, but perhaps it is only apparent. Rock 
salt, aluminum, and zinc can hardly be called similar 
materials and there are other marked differences in 
their plastic behaviors. 

On the other hand, the present results agree with 
what would be expected for a surface effect: That is, 
the crystals of each pair which led to larger increases 
in surface area during deformation, hence larger in- 
creases in surface energy, were more difficult to 
deform than their partners. The effect may not have 
been intrinsic, but the result of a surface film. From 
this point of view, the present results are comple- 
mentary to the results of Roscoe,” Lichtmann and 
Rehbinder,” Ono," and Makin and Andrade.” The 
last named authors found a marked increase in the 
strength of cadmium crystals with decreasing speci- 
men diameters for diameters below about 0.5 mm. 
Ono found the same effect, but less marked, for 
aluminum crystals with diameters in the range 3 to 
8 mm. The results of these authors contradict the 
observations on rock salt by Smekal and on alumi- 


Table Ill. Twinning of Pairs of Zinc Monocrystals 


Gage Twinning 
Length, Stress, Kg 
Cm per Sq Mm 
8.8 
8.7 
76 
8.3 
8.1 
75 
66 
5.8 
6.9 
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num by Wu and Smoluchowski, but they agree with 
the present results. 

The interpretation of all of the known size or 
shape effects is difficult because they may either be 
bulk effects which depend on s or surface effects 
which depend on a’ or some other surface parameter. 
Since s and a’ are almost inversely proportional to 
each other it has not yet been possible to make an 
unambiguous distinction. Surface effect studies 
similar to those of Pfutzenreuter and Masing” may 
help to resolve the dilemma. They found that both 
anodic and cathodic polarization of metals in elec- 
trolytes may increase the flow rates. They interpret 
their results in terms of a’. 

The observation that zinc crystals with small s 
tend more to form tensile kink bands than do those 
of the same orientation but large s is of some in- 
terest. Perhaps this means that aluminum crystals, 
which seem to form kink bands spontaneously, 
would not do so if they were tested in large sections. 


Summary 

By means of a special casting technique, it has 
been shown that zinc monocrystals, which have the 
same orientation with respect to the tension axis 
but different orientations with respect to their ex- 
ternal sides, differ significantly in their plastic 
properties. 

Rectangular monocrystals, having orientations 
such that they thin during a tensile test without 
changing in breadth, have higher critical shear 
stresses at room temperature and _ strain-harden 
more rapidly than crystals which become narrow 
during deformation without changing in thickness. 

The geometric parameters, s, the “length” of the 
slip direction, and a’, the ideal increase in surface 
area per unit slip, seem to correlate with the stress- 
strain data. Crystals with small s and large a’ are 
harder initially and strain-harden more rapidly than 
crystals of the same orientation with respect to the 
tension axis but large s and small a’. 

Zinc monocrystals with small s values tend to 
form tensile kink bands more rapidly than those 
with larger s values. 

Crystals of twinning orientation twin at lower 
stresses when the twinning direction is roughly 
parallel to the flat faces of a rectangular crystal 
than when it is nearly perpendicular to the flat faces. 
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Technical Note 


Detection of Microcracks in Steel 


by W. L. Jensen and R. F. Campbell 


T is not uncommon for martensitic high carbon 
steels having a coarse austenite grain size to 
exhibit microcracks when polished and etched and 
examined with a microscope, as described by Daven- 
port, Roff, and Bain.’ Whether such cracks exist be- 
fore etching or are the result of acid attack during 
etching has been debated from time to time. Fig. 1 
illustrates the effect of electrolytic polishing, me- 
chanical polishing and etching subsequent to each 
polish on microcracks produced by oil quenching 
from 1800°F a steel containing 1.14 pct C, 0.23 pct 
Mn, 0.33 pct Si, and 0.45 pet Mo. The austenite grain 
size was 3-4 on the ASTM scale. 

Grinding on lead laps followed by either electro- 
lytic polishing with acetic anhydride-perchloric acid 
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c—Same field as Fig. la. Picral etch. 
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Fig. 1—Microcracks as revealed by electrolytic and mechanical polishing and by subsequent etching. X750. 


solution’ or mechanical polishing with Linde “B” 
alumina on “microcloth” (sometimes referred to as 
Gamal cloth) revealed microcracks without conven- 
tional etching, as shown in Fig. la and b, respec- 
tively. These same fields, after subsequent etching 
with saturated picral, are shown in Fig. lc and d, 
and the cracks are seen to be typical microcracks; 
moreover, the cracks appear to be broader and 
longer than before etching. Although the micro- 
cracks were revealed by electrolytic polishing alone, 
the possibility of acid attack was present; however, 
the mechanical polish was accomplished without any 
intermediate etching to remove disturbed metal, 
hence this is regarded as definite evidence that 
microcracks are present before etching. 

: E. S. Davenport, E. L. Roff, and E. C. Bain: Microscopic Cracks 
in Hardened Steel, Their Effects and Elimination. Trans. ASM 


(1934) 22, pp. 289-310. 
*G. F. Meyer, G. D. Rahrer, and J. Vilella: Electrolytic Pol- 


ishing of Steel Specimens. Metals and Alloys (1941) 13, Pp. 424-430. 


b—Mechanical polish. Unetched. 


d—Same field as Fig. 1b. Picral etch. 
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o—Electrolytic polish. Unetched. 


Variation of Plastic Properties with Annealing Procedure 


In Zinc Single Crystals 


by Choh Hsien Li, J. Washburn, and Earl R. Parker 


Yield stress in single crystals of zinc was shown to be dependent 
on prior annealing temperature and rate of cooling after annealing. 
Rate of strain hardening beyond the yield was not sensitive to an- 
nealing procedure. A tentative mechanism for the effect was dis- 


cussed. 


OMPARATIVE mechanical tests of metal single 

crystals generally show a large scatter of re- 
sults. Many factors may contribute to this varia- 
tion. The present investigation was undertaken to 
evaluate the influence of two factors not ordinarily 
considered of major importance—annealing tem- 
perature and cooling rate after annealing. 

Since plastic properties of crystals are thought to 
depend on the presence of lattice imperfections, it 
follows that a variation in properties should result 
from differences in the distribution and density of 
these imperfections. Furthermore, in the light of 
current theories of interaction between edge dis- 
locations and lattice vacancies,’ it seems possible 
that annealing temperature and subsequent rate of 
cooling might play a part in this distribution. 
Analysis of the effect of these variables on plastic 
properties may lead to a better understanding of 
the annealed state. 

Single crystals of zinc which have been strained 
in simple shear undergo complete recovery of me- 
chanical properties upon subsequent annealing. 
This behavior is useful because a single specimen 
can be used repeatedly, thus eliminating the un- 
controllable variables introduced by the use of 
many crystals. The test section of the crystals used 
for these experiments was a cylinder % in. thick 
with a cross-sectional area of about 1/3 sq in. The 
specimens were acid-machined spherical 
single crystals 1 in. in diameter in such a way that 
the slip plane (0001) was at right angles to the axis 
of the cylinder. In testing, a shear stress was ap- 
plied along one of the slip directions, [2110] in the 
(0001) plane.’ All crystals, unless otherwise noted, 
were grown in a helium atmosphere from molten 
99.99 pct pure Horse Head Special Zinc. 

Fig. 1 is a family of curves obtained from one 
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Fig. 1—Nine successive stress-strain curves from the same speci- 
men showing complete recovery of mechanical properties—annealed 
1 hr at 260°C before each test. 


crystal. Each curve was obtained by deforming the 
crystal to 10 pct strain at a rate of 3 pet per min, 
following an anneal of 1 hr at 260°C. The strain 
direction was reversed every other time so that no 
progressive change in shape of the specimen took 
place during the series of tests. Since the stress- 
strain curve was reproducible within a fairly nar- 
row range under the same conditions of annealing, 
it was then possible to determine the effect of 
changes in annealing conditions. A crystal was 
tested repeatedly as previously described but the 
annealing temperature and rate of cooling preced- 
ing each test were varied (Fig. 2). Two cooling 
rates were used, approximately 30°C per min and 
3°C per min. Annealing was conducted at three 
temperatures, 200°, 300°, and 400°C. For a given 
annealing time and rate of cooling the room tem- 
perature flow stress was higher the higher the an- 
nealing temperature. The increase in flow stress 
was small as the annealing temperature was in- 
creased from 200° to 300°C but rose rapidly when 
the annealing temperature was raised from 300° to 
400°C. Faster cooling from the high temperature 
produced an even greater strengthening of the 
crystal. The curves were obtained in the order in- 
dicated by the numbers. The stress level associated 
with a certain annealing treatment was, within the 
limits of scatter, always the same regardless of the 
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Fig. 2—Effect of annealing temperature and cooling rate on the 
initial port of the stress-strain curve of a zinc single crystal. 
Numbers indicate order of test. 


penultimate treatment. This indicated that no con- 
tinuous change in state of the crystal had occurred 
during the series of tests. Apparently the state at 
room temperature was characteristic of the anneal- 
ing procedure. The two important differences ob- 
served in the stress-strain curve were: 1—change 
in the “yield stress’’ (or break in the stress strain 
curve), and 2—a change in amount of plastic flow 
prior to the break, 

It seemed possible that these effects might be 
associated with the presence of impurities. This 
was a difficult question to settle because the effect 
might have been caused by a specific impurity. 
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Fig. 3—Stress-strain curves after various annealing treatments 
of a zine crystal containing 0.02 pct Cu in solid solution. 
Note change in shear stress scale for comparison with other 
figures. 
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Nevertheless, as a partial check on this possibility, 
some crystals were prepared containing a small 
amount of copper in solid solution while others 
were grown in a nitrogen atmosphere to introduce 
dissolved nitrogen. Results from one of the copper 
alloy crystals are shown in Fig. 3. The presence of 
copper in solid solution increased the “yield point” 
and the slope of the strain-hardening curve after 
the yield point by a factor of five, but the effect due 
to annealing temperature and cooling rate was no 
greater than for high purity crystals. Results from 
one of the crystals grown in nitrogen are shown in 
Fig. 4. The stress-strain curves for all annealing 
treatments were about the same as those for crys- 
tals grown in helium. Strain-aging characteristics 
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Fig. 4—Stress-strain curves after various annealing treatments 
of a zinc crystal grown in nitrogen atmosphere. 
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Fig. 5—Stress-strain curves of a 99.99 pct pure zinc crystal 
showing the effect of introducing a substructure of small 
angle boundaries. Specimen was cooled to room temperature 
in 15 min after each anneal. 


were observed for the nitrogen-bearing crystals, as 
previously reported by Cottrell... However, no in- 
crease in the annealing temperature effect was 
produced by the presence of nitrogen. 

Thermal stresses as a possible cause of the an- 
nealing effect were excluded from consideration 
because no significant temperature gradients were 
found during furnace cooling. 

The magnitude of the annealing temperature ef- 
fect was found to vary considerably for different 
crystals. The first crystal (Fig. 2) showed a larger 
effect than any subsequently tested. It seemed 
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Fig. 6—Photograph of cleavage face show- 
ing system of small angle boundaries intro- 
duced during experiment of Fig. 5. 


possible that this specimen might have been acci- 
dently damaged in such a way as to produce poly- 
gonized regions in the test section. Therefore, a 
substructure of small angle boundaries was inten- 
tionally introduced in a test specimen to investigate 
its influence on annealing characteristics. A series 
of curves was obtained from a single specimen 
both before and after introducing a substructure. 
The results are shown in Fig. 5. The system of 
small angle boundaries was made by applying a 
concentrated load acting in a direction parallel to 
the C axis. The specimen was at 350°C during this 
operation. After the subsequent anneals and tests, 
the specimen was cleaved through the gage section. 
Fig. 6 is a photograph of this cleavage face showing 
the network of boundaries introduced by the con- 
centrated load. The presence of this substructure 
raised the yield stress of the crystal under all con- 
ditions of heat treatment and furthermore, greatly 
exaggerated the effect produced by the high tem- 
perature anneal. It caused little if any change in 
the rate of work hardening beyond the yield point. 


Discussion 

All crystals contain to a greater or lesser degree, 
regions of relatively perfect lattice which are 
slightly disoriented relative to one another. Sub- 
structures of macroscopic, microscopic, and sub- 
microscopic proportions may be present. The nature 
of the boundaries between disoriented regions may 
be the same regardless of the scale of the sub- 
structure. Arrays of dislocations satisfy the geo- 
metrical conditions of the transition across boun- 
daries. Furthermore, there is now direct evidence 
that small angle boundaries consist of arrays of 
dislocations." 

If most of the dislocations in an annealed crystal 
exist in the substructure boundaries, then the ex- 
periments described above suggest that the nature 
of these boundary regions between volumes of rela- 
tively perfect crystal may be extremely important 
in determining the stress at which slip is able to 
propagate entirely across the specimen. As shown 
in Fig. 5, the introduction of a network of disloca- 
tion boundaries of macroscopic proportions raised 
the stress at which the “yield-point” or break in 
the stress-strain curve occurred and also increased 
the amount of plastic strain which took place before 
the break. The rate of hardening or slope of the 
curve remained approximately the same both be- 
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fore and after the “yield-point” for the two con- 
ditions. In a recent photoelastic study of slip in 
sodium chloride crystals," it was shown that plastic 
flow before the break in the stress-strain curve is 
associated with local slip processes which are not 
able to cross substructure boundaries. Thus it be- 
comes evident that substructure boundaries play an 
important role in governing plastic properties of 
metals. Furthermore, the fact that annealing tem- 
perature and cooling rate become more important 
when a pronounced substructure is introduced sug- 
gests that the annealing effect is associated with 
subboundaries. 

The results reported herein might be interpreted 
to mean that fairly rapid cooling from a high an- 
nealing temperature causes the boundaries to be- 
come more effective as barriers to slip. Just how 
this happens is not known but the following is a 
tentative suggestion: Huntington and Seitz have 
estimated that the equilibrium concentration of 
vacancies (in copper) at the melting point is of the 
order of 10° atomic pet." The following possible 
disposition of these vacancies on cooling has been 
discussed by Seitz:' 1—condensation of vacancies 
on existing dislocations, and 2—condensation of 
vacancies to form new dislocation loops. The choice 
between these two alternatives was considered to 
depend on the density of existing dislocations. 

If, near the melting point the equilibrium con- 
centration of vacancies is as high as estimated, then 
on cooling, a large number of vacancies recombine 
with edge dislocations. It is conceivable that fairly 
rapid cooling may not allow time for recombination 
of vacancies in such a way that long segments of 
straight dislocation lines in the slip planes are re- 
tained. Rapid cooling may result in freezing in of 
numerous steps in the dislocation lines. Dislocation 
lines containing many segments which do not lie 
in the slip plane would be harder to move under 
stress than those which are wholly contained in a 
single slip plane. Therefore, a small angle boundary 
composed of such wavy dislocations might form a 
more effective barrier to the passage of other dis- 
locations. 
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Recovery in Single Crystals of Zinc 
by R. Drouard, J. Washburn, and Earl R. Parker 


Temperature dependence of the rate of recovery in zinc single 
crystals after a simple shear deformation at low temperature was 


investigated. Some tentative suggestions regarding the annealed 


ECOVERY may be defined as the gradual return 
of the mechanical and physical properties of 
strain-hardened metal to those characteristic of the 
annealed material; an increase in temperature in- 
creases the rate of recovery. The annealing process 
in strain-hardened polycrystalline metals is com- 
plicated by the inhomogeneity of strain which al- 
ways exists in aggregates. Polygonization in bent 
regions of the crystals and growth of new almost 
strain-free grains starting at points of severe local 
distortion’ * make it almost impossible to isolate and 
study the recovery process. Homogeneously strained 
single crystals, however, do not polygonize or re- 
crystallize and hence they can be used advantage- 
ously to study recovery. In such crystals strain 
hardening is completely removed by recovery alone. 

Since recovery is a process whereby certain lat- 
tice disturbances introduced by plastic flow are 
gradually reduced, a knowledge of the rate and 
temperature dependence of this process for various 
conditions of prestrain might be helpful in formu- 
lating a model of the strain-hardened state. For 
simplicity it seemed desirable to limit the type of 
prestrain to the simplest obtainable, i.e., simple 
shear strain. 

In the experiments to be described, recovery was 
studied by observing changes in the stress-strain 
curve of prestrained zinc single crystals held for 
various times at temperatures above that employed 
for straining. Single crystals were grown from the 
melt by a modified Bridgeman technique from 
Horse Head Special zinc 99.99 pct pure, and from 
spectrographically pure zinc 99.999 pct pure. They 
were grown as | in. diameter spheres and acid- 
machined’ to the final specimen contour. The test 
section was a cylinder about '% in. high and % in. 
in diameter. The conical sections adjacent to the 
test section were cemented into the grips so the 
load could be transmitted to the crystal as uni- 
formly as possible. The specimens were oriented so 
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and strain-hardened states of a crystal are discussed. 


that in testing the maximum shear stress was ap- 
plied along one of the slip directions, [2110], in the 
(0001) plane. Details of the production and testing 
of such specimens have been presented.’ 

Each test was carried out according to the follow- 
ing schedule: 

1—The crystal was strained at —50°C until it 
reached a maximum shear stress, o,,. The strain 
rate was approximately 5 pct per min in all cases. 

2—-After straining, the crystal was unloaded be- 
fore the temperature was changed. Unloading re- 
quired about 3 min. 

3—The temperature of the specimen was then in- 
creased from —50°C to the temperature, T, of re- 
covery. This change in temperature was completed 
in a time of less than 2 min. The specimen remained 
at temperature, T, for a time, t, which differed for 
the various specimens. 

4—Thereafter the temperature was again reduced 
to —50°C in approximately 3 min. 

5—While at —50°C, the stress-strain curve after 
recovery was obtained. 

6—The specimen was then unloaded and annealed 
for 1 hr at 375°C in a helium atmosphere to bring 
about complete recovery. Cooling to room tempera- 
ture after anneal required 90 min. 

7—The same crystal could be re-used for another 
test because the plastic properties after annealing 
closely duplicated those of the original crystal. 

The specimen was immersed during the test in a 
bath of methyl alcohol which, through a system of 
tubes, could be pumped through either of two heat 
exchangers to regulate the temperature; this was 
accomplished by circulating the liquid through coils 
immersed in a bath of acetone and dry ice for cool- 
ing or in a bath of warm water for heating. Test 
temperatures were thus maintained constant within 
+1°C. The —50°C temperature was low enough so 
that no measurable recovery occurred during un- 
loading and reloading. 

The stress-strain curve continued after recovery 
along a path below, but approximately parallel to, 
the path of a curve obtained in an uninterrupted 
test. Fig. 1 shows some of the results from a speci- 
men of 99.999 pct Zn. The amount of downward 
displacement of the curve due to recovery was a 
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Fig. 1—Stress strain-curves at —50°C for a 99.999 pct Zn crystal 
showing drop in flow stress due to recovery for various times 
at higher temperatures. 
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function of both time and temperature. The quanti- 
tative measure of recovery which was adopted for 
comparison is illustrated in Fig. 2. R = nba A is 
Cu Ge 
the ratio of the reduction in flow stress due to re- 
covery to the total increase in flow stress due to 
strain hardening. The values of o and o«, were ob- 
tained by extrapolation of the linear part of the 
curve to the corresponding value of the stress for 
zero strain. This extrapolation avoided some sec- 
ondary effects which caused changes in the shape of 
the initial portion of the curve. The sharpness of 
the yield after recovery varied considerably, being 
fairly sharp for the short times and low tempera- 
tures and somewhat rounded for high temperatures 
and long recovery times. Since this transient re- 
covery effect became pronounced only at large 
values of R, it differed from the meta-recovery ob- 
served by Dorn et al.’ in their studies of polycrys- 
talline aluminum. 

An attempt was made to reproduce exactly the 
prestrain portion of the stress-strain curve so that 
the recovery process could always be started with 
the crystal in the same state. However, small vari- 
ations in the yield stress after annealing did occur. 
This made necessary the use of the above definition 
of recovery as a fraction of the amount of strain 
hardening. In addition to correcting for variations 
in stress, this definition was found to have validity 
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over a large range of prestrains, and for both 99.99 
and 99.999 pct pure zinc. Most of the tests were 
made with a prestrain of about 8 pct but a few tests 
were made with 4 pct prestrain and others with 25 
pct prestrain. The recovery as defined by R was ap- 
parently independent of the amount of prestrain 
because the points obtained in these tests were con- 
sistent with the data obtained for 8 pct prestrain. 
Large variations in yield stress o, were also pro- 
duced by changing the temperature at which the 
crystal was annealed prior to some of the tests. The 
effect of annealing temperature on the stress-strain 
curve of zinc shear specimens is a complicated phe- 
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Fig. 3—Recovery of strain hardening as a function of time at va- 

rious temperatures. Figures opposite experimental points indicate 

different specimens. 
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Fig. 4—Temperature dependence of the time required for 
various amounts of recovery. 


nomena and will be discussed in detail in a separate 
publication.” Briefly, raising the annealing tem- 
perature above 200°C resulted in a raising of the 
yield point for the annealed crystal. However, the 
slope of the strain-hardening curve was not appre- 
ciably altered by change in annealing temperature. 
Recovery was found to be independent of stress 
level produced by these changes in annealing treat- 
ment. It seems, therefore, that recovery defined by 


R “n° is dependent only upon time and tem- 
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perature and is independent of o,, and o,. Results 
of tests for six different recovery temperatures are 
given in Fig. 3, where (1-R) is plotted against re- 
covery time. 

Fig. 4 shows the temperature dependence of the 
time required to reach a given percentage of recov- 
ery. By plotting the natural logarithm of the recov- 
ery time against the reciprocal of the absolute tem- 
perature a series of straight lines was obtained cor- 
responding to different fixed values of R. No con- 
sistent change in slope of the lines was detected 
with change in R from 10 to 40 pet. The average 
value of the slope or activation energy for the proc- 
ess was 20,000 cal per mol. The equivalence of tem- 
perature and time is further illustrated by Fig. 5 
where recovery, R, for all the experimental points, 
including those tests where yield stress or prestrain 
was varied, is plotted as a function of temperature 


compensated time (In t Q/RT). (Note: the R at 
the end of the preceding sentence and the last R in 
the caption for Fig. 5 refer to the gas constant rather 
than recovery as otherwise used in this paper.) By 
using the value of 20,000 cal per mol for Q all the 
points scatter fairly closely about a single curve. 


Discussion 

Since the activation energy for recovery after a 
simple shear deformation corresponds closely to 
that found by Miller and Banks’ for self-diffusion 
in the C-axis direction in zine ([20.4 + 0.9] x 10° 
cal per mol) the results suggest that motion of lat- 
tice vacancies in the C-axis direction may be the 
rate-controlling factor during recovery. 

The fact that recovery was independent of the 
yield strength apparently means that only those im- 
perfections introduced by the strain are removed 
during this low temperature recovery. Although 
none of the tests were carried beyond 80 pct re- 
covery, in most cases the crystal appeared to be 
approaching it immediately preceding the strain. 
Since both the initial yield strength of a crystal 
and the increase in strength attending strain 
are probably due to the presence of dislocations, it 
becomes important to consider the possible ways in 
which dislocations may be distributed. 

Stress-strain curves for zinc single crystals de- 
formed in simple shear (easy glide) show nearly the 
same rate of strain hardening beyond the yield re- 
gardless of the stress level at which yielding oc- 
curs.” The yield stress on the other hand is greatly 
affected by temperature of testing, prior annealing 
conditions, and geometrical perfection of the crystal. 
Therefore the shear strength of a crystal appears to 
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be governed by two factors. 1—the initial structure 
of the crystal, and 2—the strain. The yield strength 
is characteristic of the annealed crystal. It is a 
reproducible value, determined for a given crystal 
largely by the annealing temperature. There seems 
to be little doubt that yielding depends to a great 
extent upon the nature of the substructure in the 
crystal,“ whether it be macroscopic dislocation 
boundaries or submicroscopic mosaic blocks. Slip 
presumably increases the free energy of the struc- 
ture by increasing the elastic strain energy in the 
system. Thus the altered structure is thermally less 
stable and tends to return to the lower energy state. 
The extent to which such strain-induced structural 
changes can be removed by recovery depends upon 
the test conditions, complete recovery at low tem- 
peratures being possible for simple shear but not 
for bending or for multiple slip such as usually 
occurs in cubic metals. 

When a shear stress is applied to a crystal by a 
gradually increasing load, the process of slip is 
thought to begin by local shear displacements at 
many points throughout the crystal. When the 
yield stress is reached, the structural barriers pro- 
vided by dislocation boundaries are penetrated. 
Slip on some of the slip planes then traverses the 
entire specimen and observable slip steps are 
formed at the surface. The growth of each ele- 
mentary slip line presumably takes place in a short 
time and over a very narrow range of applied 
stress.” Once flow has ceased on a given slip plane 
it does not again become active in spite of consid- 
erable increase in applied stress. The reason for 
cessation of slip in an active slip line after a fairly 
definite amount of shear is still not clear. The most 
likely explanation seems to be that large numbers 
of lattice vacancies are produced by moving dis- 
locations which, along with interactions between 


Fig. 6—Annihilation of edge dislocations. 
Condensation of lattice vacancies on the 
three dislocations shown would cause the 
central negative dislocation and the lower 
positive dislocation to move together by 
elimination of the extra partial plane of 
atoms between them. Escape of vacan- 
cies would cause the negative disloca- 
tion and the upper positive dislocation 
to annihilate each other in a similar way. 
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dislocations, bring slip to a halt.” The measured 
strain hardening should not be confused with this 
local hardening occurring in the immediate neigh- 
borhood of a slip line. Macroscopic strain hardening 
must be interpreted to mean that growth of each 
group of slip lines (slip band) across the crystal 
makes the next increment of slip a little more diffi- 
cult. Therefore, measured strain hardening and 
the capacity of the strain-hardened crystal for re- 
covery would seem to be greatly affected by the 
distribution of dislocations which became _ stuck 
primarily within the previously formed slip bands. 

In the case where the shear stress acting in a 
crystal is uniform, i.e., where there are no shear 
stress gradients, it is to be expected that equal 
numbers of positive and negative dislocations 
would become trapped in each small volume of 
crystal. Elastic strain energy in the material be- 
tween bands would be small and rate of strain 
hardening would be a minimum, On the other 
hand, when the stress system is such that local 
bending moments develop during deformation, pos- 
itive dislocations tend to group themselves in some 
regions of the slip bands whereas negative dislo- 
cations collect in other parts. Groups of dislocations 
of like sign on neighboring slip bands tend to align 
themselves in an array at right angles to the active 
slip direction, thus forming small angle boundaries. 
The difference between simple shear deformation 
and other more complex deformations (for which 
the rate of strain hardening is greater) may be that 
in the former there is less tendency for groups of 
like dislocations to form. 

The recovery characteristics are quite different 
for the two cases. If it is assumed that recovery is 
a return of the crystal to the structure it possessed 
before the deformation, then it involves a removal 
of lattice vacancies and bound dislocations in- 
troduced by the strain. Since it is not reasonable 
to suppose for the times and temperatures of these 
experiments that migration of vacancies over long 
distances can occur, then the changes taking place 
must be due to short range diffusion. For example, 
segments of edge dislocation lines having opposite 
signs, but existing on different parallel slip planes, 
can, by interaction with lattice vacancies, move 
onto the same slip plane and annihilate each other 
as illustrated in Fig. 6. Where each small volume 
of crystal within a slip band contains an equal 
number of positive and negative dislocations, this 
process for elimination of stuck dislocations during 
recovery seems reasonable. However, if disloca- 
tions are segregated into groups of like sign, low 
temperature recovery might be expected to cause 
some rearrangements (polygonization) but could 


not be expected to eliminate the dislocations intro- 
duced by the inhomogeneous strain. 

The annealed or fully recovered state of a crys- 
tal then, is one in which all the existing dislocations 
are segregated into fairly widely spaced arrays of 
dislocations of like sign. Simple shear strain intro- 
duces equal numbers of positive and negative dis- 
locations which may also concentrate at the existing 
substructure boundaries. Recovery returns the 
crystal toward its initial state by recombination of 
nearby positive and negative dislocation segments. 
Recovery after a nonhomogeneous strain, such as 
that occurring during deformation of a polycrystal- 
line aggregate, would not be expected to return the 
crystal to its initial state since new widely sepa- 
rated arrays of dislocations of like sign are intro- 
duced by the strain. 

The fact that zine crystals subjected to simple 
shear do not show asterism even after large strains 
and that they recover completely at low tempera- 
tures suggests that both positive and negative 
dislocations are introduced by strain and that they 
are not concentrated into large widely separated 
groups of like sign. 
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Technical Note 


Relation Between Initial Creep Rate and Resolved Shear Stress 
In Zinc Single Crystals 
by N. Brown, J. Washburn, and Earl R. Parker 


OST previous quantitative work on creep of 
single crystals has been concerned primarily 
with developing empirical equations for the creep 
curve. Although the equations used by Cottrell and 
N. BROWN is Assistant Professor, University of Pennsylvania, 
Philadelphia, J. WASHBURN is Instructor, and E. R. PARKER, 
Member AIME, is Professor, Dept. of Metallurgy, University of 
California, Berkeley, Calif. 
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Aytekin' and Tyndall’ represented the data quite 
well, it was often necessary to use different values 
of the constants for different specimens even though 
they were apparently tested under identical condi- 
tions. In the course of previous work on the effect 
of surface coatings on creep of zine single crystals,’ 
it was found that equal resolved shear stress fre- 
quently did not produce equal creep rates in differ- 
ent specimens. The work of Chalmers‘ in the very 
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SHEAR STRAIN in/in 
Fig. 1—Nine successive stress-strain curves from the same speci- 
men showing complete recovery of mechanical properties. An- 
nealed | hr at 260°C before each test. 


low stress range appears to be the only data which 
shows a definite relation between initial creep rate 
and stress. In the microcreep range, where the creep 
process apparently consists only of a transient stage, 
initial creep rate was found to be directly propor- 
tional to stress. 

The present work was undertaken in an attempt 
to establish some reproducible relation between 
initial creep rate and resolved shear stress at higher 
stress levels where the total creep strain is not lim- 
ited. Many of the difficulties encountered when test- 
ing single crystals in tension’’ were avoided by the 
use of shear specimens. The production, mounting, 
and testing techniques used for achieving an essen- 
tially pure shear strain in these crystals have been 
discussed.’ The purity of the zinc was 99.999. Fig. 1 
shows a series of nine stress-strain curves from a 
single shear specimen. An anneal of 1 hr at 260°C 
prior to each deformation resulted in complete re- 
covery of mechanical properties. No upward trend 
in the level of the curves was found since the ninth 
test was among the lowest of the series. The curves 
were essentially parallel, all the scatter being in the 
yield stress. From the results of another investiga- 
tion, the variation in yield stress has been found to 
be due to variations in annealing procedure. Even 
though reasonable care was taken in this case to 
keep the annealing conditions constant, a significant 
amount of scatter occurred. 

Since single crystals creep at appreciable rates 
only for stresses above the yield stress, it seemed 
possible that the creep rate might correlate better 
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Fig. 2—Initial creep rate vs initial strain. 
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with the increment of stress above the yield stress 
than with the total stress. 


=f [1] 


where y, is initial creep rate, o is total stress, and 
a, is the yield stress. Consequently a method of 
applying the creep load was adopted which per- 
mitted recording of the stress-strain curve during 
loading. o. was difficult to establish experimentally, 
because of the curvature of the initial portion of the 
stress-strain curve. However, as shown in Fig. 1, 
the increment of stress above the yield stress is 
approximately proportional to the total strain, 


y ~ —<a,). 


Thus it follows that a criterion nearly equivalent to 
that of Eq. 1 is 


= [2] 


where Yo is initial creep rate and y, is the strain at 
the instant loading is completed. 

The results of a number of tests on two different 
specimens are shown in Fig. 2, where initial creep 
rate is plotted as a function of initial strain, y.. 
Although large variations in o, resulted from an- 
nealing at widely different temperatures prior to 
testing, all of the experimental points fell along the 
same curve. Initial creep rate was found to increase 
linearly with initial strain and consequently with 
the increment of stress above the yield stress. 

The yield stress 7, may be the stress at which dis- 
locations are able to break through substructure 
boundaries in a manner analogous to that recently 
observed for sodium chloride crystals.” This picture 
also seems to be consistent with the rather sharp 
transition from microcreep to macrocreep which 
occurred when a critical stress level was reached in 
Chalmers experiments.‘ 
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Plastic Deformation of Single Crystals of Copper 


by J. J. Becker and J. N. Hobstetter 


Slip lines in deformed copper single crystals exhibit very pro- 


nounced cross-slip and clustering if the stress axes are not too far 


- 100) ~ 
<100>. 


from 


This orientation dependence seems to persist 


whether or not attempts are made to reduce the bending constraints 


of ordinary mechanical tests. 


HE purpose of this paper is to report some micro- 
scopic features of the plastic deformation of 
copper single crystals. 

The material used was OFHC copper obtained 
from the American Brass Co. Single crystals about 
3 in. long and 5/16 in. in diameter were made by 
lowering graphite crucibles containing this copper 
out of the hot zone of a vertical tubular furnace at 
a rate of 1% in. per hr. The furnace atmosphere was 
nitrogen. The orientations of the crystals were de- 
termined by the back-reflection Laue technique.’ The 
X-ray spots usually indicated a slight lineage struc- 
ture of not more than a degree or two. 

The crystallography of slip is discussed in Schmid 
and Boas.’ The terms classical slip, cross-slip, and 
conjugate slip are used here with the same mean- 
ings as in ref. 3. 


Compression 
Specimen 17 (Fig. 1) was selected because the 
resolved shearing stresses on eight slip systems dif- 
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Fig. 1—Orientations of all specimens deformed. Triangles, 
specimens showing pronounced cross-slip. 


fered at most by a factor of 1.2. It was hoped that 
in this situation such effects as cross-slip might be 
made more prominent. 

Two intersecting planes parallel to the stress axis 
were ground on the crystal, using optical abrasive 
on a lead lap. The large plane was approximately 
perpendicular to the plane of the axis and the pri- 
mary slip direction. Its exact orientation was deter- 
mined by X-ray. The smaller made an angle of 49° 
with the larger, measured by reflecting a small light 
source. The specimen was etched with nitric acid 
until its diameter had been reduced 0.010 in., and 
then was given a metallographic polish and very 
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Fig. 2—Slip and cross-slip on specimen 17-A. Compressed | pct. 
Stress axis horizontal. X21. Area reduced approximately 50 pct 
for reproduction. 
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Fig. 3—Cross-slip on specimen 17-A. Compressed 1 pct. Stress 
axis horizontal. X75. Area reduced approximately 50 pct for 
reproduction. 
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Fig. 4—Specimen 17-C after 1 pct compression. Stress axis hori- 
zontal. X21. Area reduced approximately 50 pct for reproduction. 


heavily etched. The crystal was cut in thirds with 
a jeweler’s saw and the ends faced on a lathe to the 
same length, 0.909 in. The flat surfaces were again 
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Fig. 5—Specimen 17-C after 5 pct compression. Stress axis hori- 
zontal. X21. Area reduced approximately 50 pct for reproduction. 


Fig. 6—Specimen 17-C after 10 pct compression. Stress axis hori- 
zontal. X21. Area reduced approximately 50 pct for reproduction. 


polished and etched, the faced ends being protected 
from the etchant by paraffin which was then re- 
moved with xylol. This entire procedure did not 
change the nature of the X-ray diffraction spots. 

The three specimens, 17-A, 17-B, and 17-C, were 
compressed 0.009 in., or 1 pet. 17-B and 17-C were 
then compressed to a total of 5 pet, and 17-C toa 
total of 10 pct. The strain rate was approximately 
constant and equal to about 0.001 in. per in. per 
min. 

All three specimens showed very similar patterns 
of slip lines. A representative area from one of them 
is shown in Fig. 2, which shows about one quarter 
of the polished surface. Here, as in all the illustra- 
tions, the observation plane is perpendicular to the 
plane of the specimen axis and primary slip direc- 
tion. A portion of this specimen, Fig. 3, shows many 
examples of the joining of slip and cross-slip lines 
at a corner. The cross-slip shown in these specimens 
is on an extremely large scale, compared with pre- 
vious illustrations of the phenomenon. 

Figs. 4 to 6 show the same region after 1, 5, and 
10 pet compression. The most striking feature of 
these pictures is the accuracy with which the pat- 
tern of slip lines of the smaller deformation is pre- 
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Fig. 7—Slip on specimen 20. Deformed in shearing machine. Shear 


0.5. Elongation, 27 pct. Stress axis horizontal. X75. Area reduced 
approximately 50 pct for reproduction. 


served. Increasing the deformation by a factor of 
10 results in the formation of heavy clusters of slip 
and cross-slip lines at the original slip and cross- 
slip lines. Regions which were practically free from 
slip lines remain conspicuously so. These figures also 
illustrate the very characteristic avalanching of slip 
lines, and avalanching of cross-slip lines as well. 
The boundaries of the clusters of slip lines go off 
at a slight angle to the lines themselves. Many 
examples could be seen of two slip lines which over- 


tical. X7.3. 


vertical. 
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Fig. 8 (left)—Specimen 28 af- 
ter 8 pct extension in rotating- 
grip machine. Stress axis ver- 


Fig. 9 (right)—Specimen 31 
after 11.8 pct extension in ro- 
tating-grip machine. Stress axis 
X7.3. 


lap for a considerable distance but are not con- 
nected by cross-slip. Deformations of single crystals 
are often specified in terms of “amount of shear” 
computed from geometry or from reorientation 
measured by X-ray. This computation assumes uni- 
form shear on only one slip system, and is thus 
hardly applicable to complex cases such as specimen 
17. 


Attempts to Produce Slip on a Single System 

The bending constraints imposed in the simple 
tensile test of a single crystal make such a test dif- 
ficult to interpret. Attempts to eliminate these con- 
straints were made by two methods, both of which 
have subsequently been described in the literature. 
One was to deform the specimen in a shearing ma- 
chine essentially like that devised by Rohm.’ The 
other was to use a tensile machine in which knife- 
edges at the grips provided a rotation axis through 
the midpoint of the first completely free glide ellipse 
at each end, the specimen being appropriately 
oriented about its own axis, precisely as described 
by Diehl and Kochendorfer.’ Rosi® has also built a 
rotating-grip machine which provides two rotation 
axes instead of one. 

Specimen 20 (Fig. 1) was tested in the shearing 
machine. It was given a deformation corresponding 
to an extension of 27 pet. This gives a geometrically 
computed overall shear of 0.5. The shear computed 
from the change in orientation of the center part of 
the crystal measured by X-ray was less than this. 
Since the specimen showed some bending at the 
ends, the reorientation of the center portion was 
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Fig. 10—Slip in specimen 31 after 11.8 pct extension in rotating- 
grip machine. Stress axis vertical. The faint vertical striations were 
present before deformation. X75. Area reduced approximately 50 
pet for reproduction. 


less than that deduced from simply measuring the 
angle from the new specimen axis to the original. 
Incidentally, since measurement of this angle was 
the method used by Réhm to find his shear strains, 
it is possible that the lowering of the shear stress- 
strain curves reported by him is due to the same 
cause. 

Classical primary slip lines appeared very even 
and uniform during the process of deformation. None 
of the clustering, cross-slip, or other irregularities 
that specimen 17 showed could be seen in the center 
portion of the specimen. Premature conjugate slip 
was absent. 

Fig. 7 shows the microscopic appearance of a 
typical portion of the center of the specimen. At the 
very ends of the specimen, where the bending was 
greatest, a little cross-slip could be seen. X-ray pic- 
tures showed no change in the nature of the diffrac- 
tion spots. 

Although the rotating-grip machine appears to 
accomplish the same results as the shearing machine, 
they are not entirely equivalent. The load applied 


Table |. Deformation and General Appearance of Specimens 


Specimen 
Ne. Description 


2 Slightly compressed. No cross-slip 

3 Slightly compressed. No cross-slip 

4 Heavily compressed. Two intersecting slip systems, heavy 
clustering but no cross-slip 

5 Sheared perpendicular to specimen axis. Three intersecting 
systems but no cross-slip as such. 

6 Compressed. No cross-slip 

8 Compressed. No cross-slip. 

10 Compressed, one end free to move transversely. Much over- 
lapping of primary slip lines, but no cross-slip 

1l Deformed in shearing machine. Slipped out of lower grip. 
Overlapping primary slip lines but no cross-slip. 

13 Deformed in shearing machine. Slipped out of upper grip. 
No cross-slip 

14 Rough tensile test. No cross-slip 

16 Sheared nearly perpendicular to axis. Three intersecting 
slip systems but no cross-slip 

17 Compressed (Section 3.2). Very pronounced cross-slip and 
clustering 

20 Deformed in shearing machine. No cross-slip 

21 Deformed in rotating-grip machine. Slight cross-slip. 

25 Deformed in earlier model of rotating-grip machine. Some 
cross-slip 

26 Deformed in rotating-grip machine. Very prominent cross- 
slip 

28 Deformed in rotating-grip machine. Very prominent cross- 


slip 
31 Deformed in rotating-grip machine. Very slight cross-slip. 


1234—JOURNAL OF METALS, SEPTEMBER 1953 


by the rotating-grip machine is always axial. There 
is no externally applied bending moment. In prin- 
ciple, then, it might appear to be superior to the 
shearing machine. In practice, it was found difficult 
to use. Axiality of the knife edges was of the utmost 
importance. Although the machine was built with 
considerable care, the alignment of the specimens 
was not easy. After a number of trials, two tests 
were made which will be described here. 

In the first test specimen 28 (Fig. 1) was used. It 
was given an extension in the machine of 8 pct. The 
grips rotated in the predicted direction, although 
one grip rotated somewhat more than the other. The 
unexpected appearance of the slip lines is shown in 
Fig. 8. The similarity of this to the specimen de- 
formed in compression is striking. It shows exactly 
the same clustering of primary slip lines and cross- 
slip lines, and is the very opposite of what the ma- 
chine was intended to do. An X-ray picture taken 
after the deformation showed a distinct spot struc- 
ture but no asterism. 

Another test was conducted on specimen 31 (Fig. 
1). It was extended 11.8 pct, with quite different 
results. The overall appearance of its slip lines is 
shown in Fig. 9. Fig. 10 shows a region practically 
free from cross-slip at higher magnification. In gen- 
eral, there was very little cross-slip to be seen. 

The completely different behavior of these two 
specimens led to a re-examination of all the speci- 
mens deformed during the course of this work. Their 
orientations are given in Fig. 1. A brief description 
of their deformation is given in Table I. Specimens 
17, 26, and 28 showed similar patterns of very con- 
spicuous cross-slip and clustering, and all have orien- 
tations near [100]. For the most part, specimens 
with orientations far from [100] did not show cross- 
slip, or showed it on a smaller scale. It seems as 
though the detailed nature of plastic deformation 
might depend more strongly on the orientation of 
the specimen than on the exact means of deforming 
it. 

Conclusions 

1—Plastic deformation in copper single crystals is 
complicated far beyond the naive idea of a “glide 
ellipse” on the classical slip plane. Clustering and 
avalanching are prevalent. Cross-slip and other un- 
predicted slips are frequent. 

2—The occurrence of large-scale cross-slip seems 
to be favored by an orientation near [100] regard- 
less of the way in which the crystals are deformed. 

3—Large-scale cross-slip and severe clustering 
seem to be associated with each other. 
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Orientation Relationships in the Recrystallization 
Of Deformed Copper Single Crystals 


by J. J. Becker and J. N. Hobstetter 


Deformed copper single crystals exhibited, upon annealing, a 


recrystallized twinned grain with a twin plane parallel to an active 
deformation plane, rotated approximately 22° about its pole, or else 
did not recrystallize at all. If extraneous deformation was not care- 


ECRYSTALLIZATION textures have been a 

subject of practical interest for many years, 
but any real understanding of their formation will 
have to start with a study of the recrystallization of 
carefully deformed single crystals. Some efforts 
have been made in this direction,’* but much more 
experimental information is needed before a satis- 
factory picture of the crystallography of recrystal- 
lization can be formed. This paper reports a few 
results in copper single crystals. 

The crystals studied in this investigation were 
grown by the Bridgman method,* and their orien- 
tations determined by the back-reflection Laue tech- 
nique.” Some specimens were simply deformed in 
compression, others were sheared, and still others 
tested in a rotating-grip device, in attempts to re- 
move end constraints. The details of their deforma- 
tion behavior are described elsewhere.’ The deformed 
specimens were annealed and the orientations of the 
recrystallized grains were determined optically, as 
described by Barrett and Levenson.” 


Compressed Specimens 

Specimen 17-A, whose orientation is given in Fig. 
1, was compressed to a total of 19 pct. As observed 
before,’ increasing deformation took place by in- 
creasing density of slip lines in initially formed 
clusters, with little if any formation of new slip 
clusters in unslipped areas. The specimen was then 
etched in nitric acid until its length had been re- 
duced from 0.766 to 0.735 in. It was annealed at 
1000°C, in increments of a few minutes. After 63 
min, two small grains had appeared in the center, 
Fig. 2. They were found to be twinned with respect 
to each other (AB, Fig. 4). After 30 min more, the 
specimen was completely recrystallized. A typical 
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fully removed, no simple orientation relationship was found. 


°28 


Fig. 1—Orientations of single crystals. 


Fig. 2—Recrystallized grains beginning to form in specimen 17-A. 
X7.3. Area reduced slightly for reproduction. 


Fig. 3—Specimen 17-A after complete recrystallization. X7.3. Area 
reduced approximately 50 pct for reproduction. 


view of it is given in Fig. 3. A summary of all orien- 
tations found is given in Fig. 4, in which the prom- 
inent grain G is in (001) standard projection, and 
the poles of the active slip planes after deformation 
are indicated by SP (primary slip plane), CrSP 
(cross-slip plane), and CnSP (conjugate slip plane). 
All the orientations found were related through 
seven orders of twinning. A “family tree” of these 
twins is given in Fig. 5. Furthermore, the BG twin 
composition plane lies close to the cross-slip plane 
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Fig. 4—Orientations of recrystallized grains in specimen 17-A. 


P Cc K J 


H—-F 


s M 
Fig. 5—Twin relationships of recrystallized grains in speci- 
men 17-A. 


Fig. 6—BG twins in specimen 17-A. X48. Area reduced slightly 
for reproduction. 


and the orientation of grain G is rotated approxi- 
mately 24° in this plane. Fig. 6 was taken to show 
BG twins prominently. The dark grains are B, and 
the twins along the bottom of the picture are G. 


Specimen Deformed in Shearing Machine 

Specimen 20 (Fig. 1) was deformed 27 pct in a 
device designed to shear the specimen in such a way 
as to minimize the end constraints. It showed rela- 
tively uniform classical slip lines only. A piece about 
% in. long was removed from the center of this 
specimen with a jeweler’s saw. This piece was etched 
until its thickness had been reduced 0.007 in. After 
6 min at 1020°C, it showed no sign of recrystallizing. 
After another 15 min, it was entirely recrystallized. 
Figs. 7 and 8 show its appearance on opposite sides. 
Note that the orientations X and D, which are twins, 
occupy roughly the center two-thirds of the speci- 
men. The orientations of these various grains are 
given in Fig. 9, in which the deformed crystal is in 
(001) standard projection. The XD composition plane 
is very close to the primary slip plane of the crystal. 
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Fig. 7—Specimen 20 after recrystallization. X7.3. Area reduced 
slightly for reproduction. 


Fig. 8—Specimen 20 after recrystallization. X7.3. Area reduced 
slightly for reproduction. 


Fig. 9—Orientations of recrystallized grains in specimen 20. 
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Fig. 10 


No other close correlation appears. Furthermore, the 
orientation of X is related to the deformed crystal 
by a rotation of 22° about the pole of the classical 
slip plane. 


Specimens Deformed in Rotating-Grip Machine 


Specimen 28 was extended 8 pct in the rotating- 
grip machine, and specimen 31 was extended 11.8 
pet. Their orientations are given in Fig. 1. Pieces 
about % in. long were cut from their centers with 
a jeweler’s saw. The ends of these center pieces were 
ground with optical abrasive on a lead lap until 
their length had been reduced 0.050 in. They were 
etched in nitric acid until their lengths had been re- 
duced another 0.016 in. The center of specimen 28 
did not recrystallize after 75 min at 1000°C. 

The center portion of specimen 31 was carefully 
placed in a copper foil capsule and annealed a total 
of 80 min at 1000°C plus 70 min at 1020°C. It did 
not recrystallize. 

Gross recrystallization did not occur in either of 
the specimens deformed in the rotating-grip ma- 
chine, even though one of them showed cross-slip 
and clustering and the other did not. 


Effects of Random Nuclei 


In all the instances that have been described here, 
in which distinctive orientation relationships were 
observed or recrystallization did not take place at 
all, the specimens had been considerably etched 
down after deformation and before annealing. This 
was done to remove the nuclei which might have 
been produced by saw cuts or by grips. A number of 
other specimens were annealed without this pre- 
liminary etch. 

Specimen 17-C, with the same orientation as 17-A, 
was compressed 10 pct and recrystallized. The orien- 
tations of the recrystallized grains bore no obvious 
relationship to that of the deformed matrix. The end 
pieces of specimens 20 (deformed in the shearing 
machine) and 28 (deformed in the rotating-grip 
machine) were recrystallized as cut. In all cases 
recrystallization started under the grips and at the 
saw cut. No simple orientation relationship was 
found. 

The ends of specimen 31 (deformed in the rotating- 
grip machine) were recrystallized without further 
treatment for 3 min at 1000°C. Both partially re- 
crystallized. Two views of one of the recrystallized 
ends are given in Figs. 10 and 11. It would be ex- 
pected that cutting a crystal with a saw would pro- 
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(left) —Recrystallized 
grains at end of specimen 31. 
X11.9. Area reduced slightly 
for reproduction. 


Fig. 11 (right)—Recrystallized 
grains at end of specimen 31. 
X11.9. Area reduced slightly 
for reproduction. 


vide a multitude of nuclei in many orientations, 
among which those of certain orientations would 
grow most rapidly.” The large twinned grain in Fig. 
11 corresponds to the conspicuous twinned grain at 
the bottom of Fig. 10, and illustrates this preferential 
growth. However, this does not result in a <111> 
rotation, or any other simple relationship. The orien- 
tations of these twins and of the deformed grain are 
given in Fig. 12. Selective growth, in this instance, 
does not lead to recognizable relationships. 


Summary and Conclusions 


Experiments are still needed in which geomet- 
rically simple deformation can be directly related 
to recrystallized orientations. The experiments re- 
ported here illustrate the following phenomena: 

1—Whenever extraneous deformation was re- 
moved from the ends of deformed copper single 
crystal specimens, either they did not recrystallize 
at all, or else they exhibited a recrystallized twin 
plane parallel to one of the active deformation 
planes, with a rotation of about 22° about its pole. 
This same rotational relationship was found by 
Kronberg and Wilson” in the secondary recrystal- 
lization of copper. The identity of the twin plane 


Fig. 12—Orientation of large grain in Figs. 10 and 11. 
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and the active slip planes was also found by Maddin, 
Mathewson, and Hibbard in the primary recrystal- 
lization of single crystals of a brass.‘ 

2—-When extraneous deformation was left in the 
specimens, and they recrystallized from grip marks 
or saw cuts, orrented growth could be observed, but 
it never resulted in a simple orientation relationship 
to the matrix. 
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Technical Note 


HE physical properties of uranium have been 
reviewed by Katz and Rabinowitch.’ Their re- 
view includes thermal conductivity data for tem- 
peratures above 375°K. Recently, Mendelssohn and 
Rosenberg’ have published data on the thermal con- 
ductivity of uranium from 2° to 20°K. Our measure- 
ments indicate the temperature dependence of the 
thermal conductivity in the temperature interval 
from 20° to 300°K. Electrical resistivity and thermo- 
electric power were measured on the same sample. 

The material studied was normal uranium which 
had been heated at 700°C in a lead bath for 10 min 
and then quenched in a water bath held at 50°C. 
From this material a rod % in. in diameter and 2% 
in. long was machined. Two 0.040 in. holes were 
drilled into the rod 1%4 in. apart. Copper-constantan 
thermocouples for temperature and potential meas- 
urements were soldered to copper pins which were 
pressed tightly into these holes. Details of the equip- 
ment and experimental techniques used in making 
the measurements have been described elsewhere.’ 

Fig. 1 shows micrographs of a section of the sam- 
ple studied. Fig. la was taken with unpolarized light 
and shows impurity inclusions, probably uranium 
carbide. Fig. 1b, showing the same field, was taken 
with polarized light and gives some indication of 
the grain size and twinning within the grains. 


Experimental Results 
Thermal conductivity and electrical resistivity 
data are shown in Fig. 2. Table I shows values of 
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Thermal Conductivity, Electrical Resistivity, And 


Thermoelectric Power of Uranium 


by W. W. Tyler, A. C. Wilson, Jr, and G. J. Wolga 


q- 
ly 50 pct for repro- ; ae | 
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b (left)—Same field 
as in Fig. la but 
illuminated with po- 
larized light showing 
microstructure. X100. 
Area reduced ap- 
proximately 50 pct 
for reproduction. 


Fig. 1—Micrographs of uranium. 
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Fig. 2—Thermal conductivity and electrical resistivity of uranium. 


the Wiedemann-Franz ratio calculated from the 
smoothed curves of Fig. 2. Fig. 3 shows values of 
the absolute thermoelectric power of uranium ob- 
tained from measurements of thermoelectric power 
of a uranium-copper couple using data of Borelius‘ 
for the absolute thermoelectric power of copper. 

The uncertainty in the magnitude of thermal con- 
ductivity data is estimated to be £5 pct. Heat loss 
by heater and thermocouple leads was at the most 
2 pct of the heat conducted by the specimen. Correc- 
tion for this loss was made in a manner which has 
been described." Errors due to thermal drift and 
radiation losses were at most 1 pct. A temperature- 
independent geometric error of about 2 pct resulted 
from the finite dimensions of the thermocouple con- 
tacts. 

The accuracy of the electrical resistivity meas- 
urements was limited by the geometry of the sample. 
Due to the low values of the potential measured, 
the relative values of the resistivity data are un- 
certain by several percent in addition to the tem- 
perature-independent error due to form factor. Data 
points for electrical resistivity shown in Fig. 2 are 
averages of several points taken at approximately 
the same temperature. Assuming that the data of 
Borelius are applicable to the copper used in our 
couples, the thermoelectric power data are accurate 
to within 0.5 microvolts. 


Discussion of Results 


The values of the observed Wiedemann-Franz 
ratio vary from slightly below the free electron 
theoretical value of 2.45x10° (volts per degree)’ at 
20°K to slightly above the theoretical value at 300°K. 
The lattice does not contribute appreciably to ther- 


Table |. Calculated Values 


Wiedemann Franz Ratio 
(Volts/Degree)® 


Temperature, 
°K 
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Fig. 3—Absolute thermoelectric power of uranium. 


mal conductivity. This is in agreement with obser- 
vations of Mendelssohn and Rosenberg’ in the lower 
temperature range. 

No maximum in the thermal conductivity char- 
acteristic of good electronic conductors’ is observed 
for uranium. Extrapolation of our data gives some- 
what higher conductivity at 350°K than indicated 
by data reported by Katz and Rabinowitch.' At 20°K, 
the conductivity of our sample is about 70 pct of 
that reported by Mendelssohn and Rosenberg. These 
differences, somewhat greater than experimental un- 
certainties, are probably due to differences in purity. 
The chemical purity of our sample is not accurately 
known and is not quoted for the other samples. 
Electrical resistivity data for our sample agree well 
with data quoted by Katz and Rabinowitch.' Their 
survey of available data indicates that the resistivity 
values depend upon purity and previous heat treat- 
ment. 

Our value of absolute thermoelectric power at 
room temperature is in approximate agreement with 
values deduced from the data on thermoelectric 
power of uranium against copper and against plat- 
inum given by Ebert and Schulze." The positive sign 
of the absolute thermoelectric power implies that 
conduction is predominantly due to holes. 

The measurements reported were made at the 
General Electric Low Temperature Laboratory. We 
are indebted to J. E. Burke for his suggestion of this 
study and for his helpful discussion related to the 
interpretation of the micrographs. 
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Age Softening of Beta Brass 


by Harry Green and Norman Brown 


The effect of quenching temperature and of aging temperature 
and time on compression stress-strain curves of 2 brass was investi- 


gated. Age softening occurs at a rate which decreases with decrease 
of quenching temperature below the critical temperature for order- 


O matter how rapidly £8 brass is quenched or 
what the temperature from which it is 
quenched, practically complete order is obtained at 
room temperature. It has been demonstrated that 
with respect to the specific heat,’’ electrical resis- 
tivity,” X-ray diffraction,‘ microstructure, the 
slowly cooled and rapidly quenched specimens are 
the same and that complete long range order ex- 
ists in both cases. However, Smith" showed that the 
hardness of 8 brass depended upon the cooling rate 
and the temperature from which £ brass is quenched. 
Smith showed that the hardness was a maximum 
for specimens quenched from about 445°C and that 
the as-quenched structure softened at room tem- 
perature at a rate depending upon the temperature 
prior to quenching. This softening after quenching 
is in this paper referred to as age softening. 

The results of this investigation are qualitatively 
the same as the findings of Smith. However, a 
more detailed analysis of these phenomena has 
been possible since the stress-strain curve offers a 
more sensitive index of the state of the metal than 
hardness. It is the purpose of this paper to show 
how the mechanical properties are related to the 
ordering of 8 brass. 

A 200-lb ingot made from electrolytic copper and 
electrolytic zinc was extruded to %-in. rod. Chem- 
ical analyses at frequent intervals along the rod 
showed that the alloy contained 51.5 pet Cu with 
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ing. The activation energy for softening is 15,400 cal per mol. 


Strese pet 
5 


3 


1 2 3 u 5 6 7 
strain 


Fig. 1—Typical stress-strain curves showing effect of quenching 
temperature. 


the greatest impurity being iron, at 0.01 to 0.001 
pet. To obtain a constant test material, the %-in. 
extruded rod was warm-rolled to *% in. diameter at 
200°C and then recrystallized to a grain size of 
2.0 mm. 

The specimens for the compression test were 
%3 in. high and % in. in diameter. The specimen 
ends were polished on 600 metallographic paper 
and coated with Molykote for a lubricant. The 
compression rig consisted of an anvil resting on the 
machined table of the Baldwin Southwark testing 
machine and a plunger fixed to the movable cross 
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head. For strains up to 7 pct, practically no barrel- 
ing was observed. 

The rate of strain for all tests was about 0.01 
in. per in. per min. The change in length of the 
specimen was recorded automatically with the 
load upon a drum recorder. The change in length 
was indicated by a microformer unit placed along 
side the specimen under the cross head. 


Experimental Results 

All specimens were originally slowly cooled from 
500°C to room temperature, putting them in a 
standard state of complete order. They were then 
reheated to various temperatures up to 500°C, and 
held 15 min at temperature prior to quenching in 
water. In order to determine whether equilibrium 
was achieved prior to quenching, a _ series of 
specimens were reheated to 500°C, rapidly cooled to 
a lower temperature, and then after 15 min water- 
quenched to room temperature. These different 
methods of approaching the quenching temperature 
had no effect upon the resulting mechanical proper- 
ties. 

Typical stress-strain curves for the states im- 
mediately after quenching are given in Fig. 1. 
Those states that exhibited higher flow stresses at 
low strains also work hardened at a slower rate so 
that all flow curves tend to converge at large 
strains. 

The way in which the flow stress and the rate of 
work hardening depend on the quenching temper- 
ature is given in Fig. 2. The structure prior to 
quenching was shown to be at equilibrium with 
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Fig. 2—Flow stress and rate of strain hardening vs quenching 
temperature. 


respect to the resulting mechanical properties. 
Thus, the prequenched structure as represented by 
the degree of long range order prior to quenching 
has also been plotted along with the quenching tem- 
perature, Fig. 2. The data for the degree of order 
as a function of temperature was taken from the 
X-ray investigation by Warren and Chipman.‘ The 
maximum in the flow stress occurs when about 0.5 
order existed prior to quenching. When the rate of 
work hardening as measured by the linear portion of 
the stress-strain curve is plotted against quenching 
temperature, the curve has a minimum at the same 
degree of order that the flow stress is at a maxi- 
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Fig. 3—Flow stress at 4.5 pct strain as a function of time at 
various aging temperatures for indicated quenching temperatures. 


mum, Fig. 2. This behavior correlates with the 
rates of recovery to be presented later. 

The as-quenched structure is unstable in the 
vicinity of room temperature and changes with 
time. The strength of all states decreases to the 
value characteristic of specimens slowly cooled to 
room temperature. This phenomenon will be called 
age softening. The way in which the age softening 
depends on time, aging temperature, and the tem- 
perature prior to quenching is shown in Fig. 3. The 
rate of softening as a function of the aging tem- 
perature was investigated by plotting the loga- 
rithm of the time against the reciprocal of the 
absolute temperature at which a given degree of 
softening was produced, Fig. 4. The slope of the 
resulting straight line was independent of the de- 
gree of softening and indicates that the age-soften- 
ing phenomenon is a thermally activated process. 
An activation energy of 15,400 cal per mol is in- 
dicated by the slope of the straight line. This 
activation energy was found to be independent of 
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Fig. 4—Curves for determining activation energy for age 
softening. 
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Fig. 5—Composite effect of time in hours and temperature in °K 
on aging of § brass quenched from indicated temperatures. 


the temperature prior to quenching. The softening 
process is better described by using a temperature- 
modified time as shown in Fig. 5. 

It was observed that the softening process follow- 
ing quenching displayed the following general char- 
acteristics: 

1—The equilibrium value of the stress was the 
same for all quenching temperatures. 

2—All curves had a delay time or incubation 
period before the softening was measurable. 

3—The greater the delay time, the slower the 
rate of softening. 

4—The softening curves were identical for 
specimens quenched from varied temperatures 
above the critical temperature of ordering. 

5—-For quenching temperatures below the criti- 
cal temperature the rate of softening decreased 
as the quenching temperature decreased. These ob- 
servations are based on Fig. 6, representing quench- 
ing temperatures ranging from 500° to 300°C. The 
aging temperatures ranged from 25° to 120°C and 
were chosen so that the aging times could be accu- 
rately measured and were not inconveniently long. 
Because it appeared to be more significant, the per- 
centage of change in stress between the as-quenched 
and equilibrium state was plotted against the tem- 
perature-modified time. 

It is to be noted that for quenching temperatures 
above 464°C, the critical temperature, the softening 
curves are identical. For a quenching temperature 
of 460°C, the rate of softening decreases abruptly 
and at the same time there is a pronounced scatter 
in the data. This scatter is significant because it 
means that in the range of temperature immediately 
below the critical it is difficult to reproduce the 
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Fig. 6—The effect of quenching temperature on the age softening 
process. The aging temperatures ranged from 25° to 120°C. 
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same structure. This is attributed to the fact that 
the degree of long range order changes very rapidly 
just below the critical temperature, and thus, very 
small differences in temperature produce very large 
differences in the degree of order. Similarly, since 
the critical temperature depends on composition, 
small differences in composition will produce large 
differences in the degree of order even if the dif- 
ference between the quenching temperature was 
exceedingly small. 

As the quenching temperature is further de- 
creased below the critical, the excessive scatter dis- 
appears, and the rate of softening decreases uni- 
formly. Within the limits of the experimental error, 
all the curves in Fig. 6 have the same shape and the 
essential difference is based on their relative dis- 
placements along the time axis. This means that all 
the curves may be represented by a single empirical 
equation of the form 


— = F(Int — 15,400/RT + In K) [1] 


— 


where ao, is the initial stress; o,, equilibrium stress; 
o,, the instantaneous stress; t, the time; T, the ab- 


Temperature prior te Quenching (°C) 


Fig. 7—Rate of age softening and degree of order prior to quench- 
ing as related to the quenching temperature. 


solute temperature; R, the gas constant; In K the 
relative displacement of the curves along the time 
axis in Fig. 6; and F is a function describing the 
shape of the curve. The value of K is a measure of 
the relative rates of age softening and is also a 
measure of the relative lengths of the delay times 
before any softening is measurable. 

The relationship between K and the quenching 
temperature is given in Fig. 7 where it is demon- 
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Fig. 8—Change in yield stress with time after prestraining. The 
recovery temperatures are indicated. 
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Fig. 9—Recovery of strain hardening as a function of time at va- 
rious temperatures for slowly cooled 8 brass and for zinc crystals.” 


strated that the rate of softening is constant down 
to the critical temperature, decreases sharply just 
below the critical temperature, and then appears to 
approach an equilibrium value. The functional re- 
lationship between the rate of age softening and the 
quenching temperature bears a strong resemblance 
to the functional relationship between the degree of 
long range order* prior to quenching and the 

* The degree of order as a function of temperature was measured 
by Warren and Chipman‘ by means of a high temperature X-ray 
method. 
quenching temperature, Fig. 7. The scatter in the 
data for the 460° quench is readily appreciated in 
the light of Fig. 7. The K values are such that a 
specimen quenched from above the critical softens 
about 200 times faster than one quenched from 
300°C where the degree of order prior to quenching 
is about 0.92. 

The age-softening process was further investi- 
gated by giving the specimens a deformation prior 
to age softening. In order to determine the recovery 
effect without the presence of age softening, slowly 
cooled specimens were also used. The rate of soften- 
ing after prior deformation is shown in Fig. 8. The 
recovery curves for the slowly cooled specimens 
have a different shape than those obtained from 
specimens quenched from 445°C. The slowly cooled 
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Fig. 10—Determination of activation energy for recovery after 


prestraining slowly cooled § brass. 
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specimens exhibit a recovery curve which is similar 
to the recovery of zinc’ as shown in Fig. 9. In the 
case of the slowly cooled specimens, an activation 
energy of the recovery process was determined by 
plotting In t against the reciprocal of the recovery 
temperature for a given degree of recovery. The 
slope of the straight line obtained in Fig. 10 corre- 
sponds to an activation of about 20,000 cal per mol 
for the recovery process. It should be pointed out 
that recovery of the strained 8 brass presumably 
involves a reordering of the lattice disordered by 
strain as well as the phenomena ordinarily associ- 
ated with “recovery.” 

When the same procedure was used to obtain an 
activation energy for the recovery of specimens 
quenched from 445°C, a linear relationship was not 
obtained between In t and the reciprocal of the re- 
covery temperature as shown in Fig. 11. This is 
attributed to the age-softening process having a 
delay time whereas the.maximum rate of recovery 
occurs at zero time. Thus age softening and recov- 
ery presumably are different processes. 


Discussion 

Although studies of the specific heat,’ micro- 
structure,* electrical resistivity, and X-ray diffrac- 
tion showed no difference among specimens in the 
different mechanical states, some type of boundaries 
or crystal imperfections must be responsible for the 
variations in the mechanical properties. In accord- 
ance with current views by Barrett,” Smith, and 
Cottrell’ it is postulated that the difference in me- 
chanical properties is caused by various configura- 
tions of the out-of-phase domains. 

Warren and Chipman‘ attempted to determine 
whether there was any difference between a slowly 
cooled specimen and one quenched from 500°C. 
They decided that there was no difference with re- 
spect to out-of-phase domains, but their results are 
not conclusive because they polished and etched 
the specimen after quenching and they do not state 
what time elapsed between the quench and the 
X-ray examination. From the age-softening curves 
of Fig. 3, it is readily apparent that after such a his- 
tory the specimen could have age-softened almost 
completely before the X-ray examination was 
made. 

During the quench, the centers of short range 
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Fig. 11—Same as Fig. 10 except specimens were quenched 
from 445°C. 
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order nucleate the domains of long range order. If 
these domains are nucleated independently, then 
the superlattice sites occupied by the copper atoms 
in one domain will not always be the same sites 
occupied by copper atoms in the adjoining domains. 
This gives rise to out-of-phase domains in each of 
which complete long range order exists. During the 
age-softening process, these domains grow to a size 
limited by the grain boundaries. In the light of the 
low activation energy for age softening it is not 
surprising that 8 brass orders so rapidly. The ob- 
served value for age softening agrees closely with 
the activation energy for diffusion of 17,600 cal per 
mol.” 

If the age-softening process is one of out-of- 
phase domain growth then some relationship must 
exist between the size of the domain and the per- 
centage of change in stress. Although this relation- 
ship is not known, a general function may be as- 
sumed. Thus, Eq. 1 transforms to 


dD 
g(D) Ke [2] 


where D is the domain size; g, the function of do- 
main size; and Q, the activation energy. In general 
a growth process such as grain growth may be rep- 
resented by 

dD 

dt 
where N is a function related to the number of do- 
mains and M is a function of the rate of boundary 
migration. If the interfacial energy of the bound- 
aries do not vary with domain size, then it may be 
assumed that M is independent of the quenching 
temperature. The differences in the rates of growth 
are attributed to differences in N. Therefore Eqs. 2 
and 3 give the result that 


K=N [4] 


In Fig. 7 it is indicated that K depends upon the 
degree of order prior to quenching. This means 
that the degree of order prior to quenching deter- 
mines the number of out-of-phase domains formed 
immediately after quenching. The relationship be- 
tween K and the degree of order prior to quenching 
is given by the empirical equation 


In K = 5.6(1 — S) [5] 


where S is the degree of order prior to quenching. 
For all states the rate of age softening may be de- 
scribed by 


NxM [3] 


(6) 


— 


where H is a function related to the shape of the 
age-softening curve. 

The nature of the interaction between the out-of- 
phase domain boundaries and dislocations is not 
certain. This effect is quite large as evidenced by 
the flow stress at 0.9 pct strain in the specimen 
quenched from 445°C, which is about three times 
the flow stress for the slowly cooled specimens. It 
is proposed that the density of trapped vacant lat- 
tice sites may be the cause. The aging process would 
then consist of the migration of vacancies to dis- 
locations. This process would increase the length of 
dislocations and at the same time tend to remove 
jogs in the dislocations loop. It would be expected 
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that such a process would produce a decrease in 
density during age softening. Since such a change 
in density is expected to be very small, the change 
in density is difficult to measure. A method has 
been devised using an electrical strain gage which 
detects changes in density on the order of 10°. An 
SR-4 strain gage was cemented on a specimen 
quenched from 445°C and the compensating gage 
was cemented in identical fashion on a slowly 
cooled specimen. The gages were balanced with an 
SR-4 type K strain indicator. After aging for two 
weeks at room temperature about a 10° change in 
strain was measured. Any drift in the indicator was 
minimized by using it only for the short time neces- 
sary to take a reading. The correlation between 
this density change and the change in mechanical 
properties is not definite because the rates are not 
the same. The change in density is slower and ex- 
tends over a somewhat longer period of time. Fur- 
ther studies are being made of this density change. 
The presence of a large concentration of vacancies 
is consistent with the observation of a large Kirken- 
dall effect in £ brass. 


Conclusions 

1—The stress-strain curve of 8 brass depends on 
the temperature from which it is quenched. The 
greater the flow stress observed, the less is the rate 
of work hardening. 

2—When about 50 pct order exists prior to 
quenching, a maximum in flow stress is obtained in 
the as-quenched state. 

3—The as-quenched state is unstable and age- 
softens by a thermally activated process governed 
by an activation energy of 15,400 cal per mol. 

4—tThe rate of age softening varies inversely with 
the degree of long range order existing prior to the 
quench. 

5—Slowly cooled specimens of § brass recover 
after prior deformation with an activation energy of 
about 20,000 cal per mol. 
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Plastic Deformation of Iron Between 300° and 77.2°K 


by Donald F. Gibbons 


HIS investigation was undertaken in order to 
gain further information on the mechanism of 
plastic deformation of iron at temperatures between 
room temperature and 77.2°K, and also to con- 
tribute to our understanding of the low temperature 
brittleness phenomenon that occurs in both the 
tensile and impact tests. It was decided to study as 
pure an iron as possible and to use the tensile test 
in order to simplify the problem as much as possible. 
Two series of iron were used throughout the in- 
vestigation: iron A, obtained from the National Re- 
search Corp. and supplied as gas-free, high purity 
iron; and iron B, obtained from Fast' and produced 
by melting iron under purified hydrogen. Typical 
analyses of samples of both irons, after fabrication, 
are given in Table I. 

The main difference in composition of these irons 
is in their nickel and oxygen contents. Nickel has a 
very large solid solubility in iron. However, oxygen 
has an extremely smail solid solubility. An attempt 
was made to reduce the oxygen content still further 
by remelting under purified hydrogen. This was suc- 
cessful in reducing the oxygen content to ~0.0006 
pet. However, no results on tests of this iron are in- 
cluded, since difficulty was encountered in fabricat- 
ing the ingot. 

Wire specimens 1 mm in diameter were used for 
the investigation. The wires were produced from the 
ingots, as supplied, by cold rolling and swaging, 
with intermediate vacuum anneals at 700°C. Care 
was taken to reduce preferred orientation in the 
wires to a minimum by keeping the percentage of 
reduction in area between anneals of 30 to 40 pct. 
X-ray transmission photographs showed no indica- 
tion of preferred orientation. The final grain size 
of iron A was 20 to 24 grains per linear mm and of 
iron B, 16 to 18 grains per linear mm. 

All specimens were tested in the decarburized and 
denitrided condition unless otherwise stated. The 
procedure was to pass hydrogen, saturated with 
water vapor at 26°C, over the specimens at 730°C 
for 2 hr. The specimens were quenched in iced water 
and then annealed in a vacuum of ~ 5x10° mm Hg 
for one day at 560°C to remove hydrogen. Higher 
temperatures were used for the vacuum anneal but 
this temperature was found to be quite satisfactory 
in removing hydrogen. The specimens were slow- 
cooled after the vacuum anneal. Where it is stated 
that the specimens were carburized, the specimens 
were given an identical decarburizing treatment 
and then carburized by passing hydrogen, saturated 
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Fig. 1—Arrangement 
of the tensile ap- 
parotus and cooling 
coil for the low tem- 
perature tests. 


with pure n-heptane vapor at 0°C, over the speci- 
mens at 730°C. The specimens were then homo- 
genized at 730°C for 2 hr in dry hydrogen. After 
the carburizing treatment the specimens were given 
the same vacuum anneal as for the decarburized 
specimens. The carbon content was determined from 
the maximum value of the internal friction carbon 
peak.’ 


Apparatus 

Fig. 1 shows a diagram of the tensile apparatus, 
with half the cooling coil removed. The cooling coil 
enabled temperatures from 200° to 77.2°K to be 
obtained. The apparatus was designed to fit a stand- 
ard Tinius Olsen Universal tensile machine. 

The apparatus consisted of the rigid plate A which 
carried two carefully machined hooks H. These hooks 
attached the plate firmly to the moving crosshead 
of the tensile machine. The lower grip B was rigidly 
suspended from the plate A by three stainless steel 
rods. The upper grip C was joined to the upper grip 
of the tensile machine by the stainless steel rod E. 
The lower part of the apparatus was surrounded by 
a Dewar vessel, which was made a sliding fit inside 
the brass collar D. The specimen was held in a clamp 
which fitted into the grip, forming a ball and socket 
joint (see inset a). This was to attain as nearly pure 
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Fig. 2—Variation of the percentage of reduction in area at fracture 
with temperature of test. 
Curve A—For specimens of iron A. Curve B—For specimens of iron B. 


tension in the specimen as possible. The stress was 
applied to the specimen by lowering the crosshead, 
and so the lower grip B, at a constant speed of 0.05 
in. per min. 

The temperature of the specimen was controlled 
by the coil assembly shown in inset b. This was a 
split brass cylinder onto which % in. ID copper 
tube was soldered as shown. Cold evaporated nitrogen 
gas was passed through the assembly by immersing 
one end of the tube (this section of the tube was 
lagged) in liquid nitrogen. The other end of the coil 
was joined to the laboratory vacuum line by a Hooke 
valve. By setting this valve, the rate of gas flow and 
therefore the temperature could be controlled man- 
ually to within +%°K with ease. 

The temperature gradient along the specimen was 
checked by placing a dummy specimen in position, 
which had copper-constantan thermocouples soldered 
to it at l-in. intervals. The gradient along the speci- 
men was found to be 3°K with a maximum devia- 
tion from the mean of 1.75°K. This was regarded as 
being satisfactory for this investigation. 


Experimental Results 

Ductility: As the testing temperature of iron A 
specimens was decreased, the ductility, as measured 
by the percentage of reduction in area of fracture, 
remained nearly constant, until between 127° and 
119°K it suddenly dropped to zero. Curve A, Fig. 2 
shows the plot of the percentage of reduction of area 
vs testing temperature in this temperature range. 
Direct observation of the fractured surface on a 
specimen deformed below 124°K showed apparently 
a wholly cleavage type of fracture. However, if a 
longitudinal section was taken through the fracture, 
grain boundary failure as well as the cleavage failure 
could be seen. Fig. 3a shows the region adjoining a 


fractured surface in which fracture also started, it 
can be seen to follow the grain boundary. Fig. 3b 
shows a section through a fracture, which was nickel 
plated before sectioning, the intercrystalline as well 
as cleavage nature of the fracture can be seen clearly. 
This sudden onset of brittleness also occurred if the 
specimens were quenched from 700°C after the 
vacuum anneal instead of being slowly cooled. 

As the testing temperature of iron B specimens 
was decreased there was no sudden loss in ductility 
corresponding to that in specimens of iron A. How- 
ever, at approximately the same temperature the 
ductility started to decrease steadily. Curve B, Fig. 
2 shows a plot of the percentage of reduction in area 
vs temperature of deformation for iron B. 

Neumann Lamellae: Below 125°K the stress- 
strain curve became serrated and the deformation 
in this serrated region was accompanied by a series 
of characteristic “sharp” sounds, similar to a sharp 
rifle “crack.” Curves a, b, and c of Fig. 4 show 
typical stress-strain curves in this temperature re- 
gion. Metallographic examination of specimens af- 
ter deformation revealed that below 125°K decreas- 
ing the temperature of deformation increased the 
number of Neumann lamellae. The end of the ser- 
rated region of the stress-strain curve was found 
to coincide with the cessation of the characteristic 
sound of deformation and there was no discernible 
increase in the number of Neumann lamellae present 
in the specimen after the end of the serrated region 
of the stress-strain curve. 

The rate of work hardening of a specimen was 
affected quite markedly by the temperature of 
deformation below 125°K. Fig. 4, curves a, b, and c, 
shows stress-strain curves for specimens deformed 
at 77.2°, 96.5°, and 124°K, respectively. It can be 
seen that the lower the deformation temperature, 
and so the greater the amount of deformation oc- 
curring by the formation of Neumann lamellae, the 
greater is the rate of work hardening. It can also 
be seen from these curves that there is a change in 
the rate of work hardening coincident with the end 
of the serrated region. This change is more marked 
the lower the deformation temperature. 

Fig. 5 shows a plot of yield stress, as defined by 
a 0.1 pct proof stress, vs temperature of deforma- 
tion. The curve shows a definite approach to a con- 
stant value of the yield stress below 120°K. 

If iron A was carburized to a value as little as 
0.004 pct C, it no longer exhibited the sudden loss 
of ductility at 125°K. The curve of the percentage 
of reduction in area vs temperature of deformation 
followed that for iron B (curve B, Fig. 2). The 
curve for lower yield stress vs temperature of defor- 
mation was of the same form as for iron B. How- 
ever, the curve was displaced along the stress axis 
toward higher stress due to the carbon content. The 


Al 


A 0.001 
B 0.005 0.0008 


* Wet analysis. 


N.D. Not determined 


Table |. Analyses of Iron Used 


Analysis, Wt Pet 


t Vacuum fusion analysis. All other determinations spectrographic. 


These analyses were made on specimens as tested, after all heat treatments were carried out. 
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Fig. 3a—Area near fracture in specimen of iron A tested at 105°K. 
X60. Area reduced approximately 60 pct for reproduction. 


Fig. 3b—Section through fracture in specimen of iron A tested at 
109°K. X200. Area reduced approximately 60 pct for reproduction. 


removal of the sudden loss in ductility by carburiz- 
ing occurred whether the carbon was retained in 


solid solution by quenching from 730°C, or precipi- 
tated as carbide, as determined by the disappearance 
of the carbon internal friction peak. 

Liiders Bands: After complete decarburization a 
small yield point and yield point elongation could 
still be observed in specimens of both iron A and B 
tested at temperatures above 125°K, see Fig. 4 curve 
d for iron B. However, the yield point elongation 
was small, only ~ 1 pct, as compared with the car- 
burized specimens which had a yield point elonga- 
tion of 7 to 8 pct in this temperature range. This 
small yield point is attributed to oxygen in solid 
solution and confirms the observations of Boulanger.’ 
Boulanger’ has since shown the existence of an in- 
ternal friction peak in iron due to oxygen which 
would also indicate that this yield point is due to 
oxygen in solid solution. No Liiders bands were de- 
tected in these specimens. 

In specimens of iron A carburized to 0.006 pct C, 
the Liiders bands were very pronounced. Examina- 
tion of specimens deformed above 125°K showed 
that a Liiders band was always initiated at each 
grip, the boundary between the deformed and un- 
deformed regions being propagated toward the cen- 
ter of the specimen. However, during deformation 
below 125°K (the temperature for the onset of 
Neumann lamellae formation) the number of Liiders 
bands formed increased. Many Liiders bands were 
formed along the length of the specimen, in addi- 
tion to those initiating at each grip. The stress- 
strain curve during the yield point elongation was 
also serrated, as was the case in the initial part of 
the stress-strain curves of iron B tested in this 
temperature range. 

All the Neumann lamellae were found to be pro- 
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duced during the yield point elongation; there was 
no change in the number of Neumann lamellae 
present in specimens whose deformation was 
stopped at the end of the yield point elongation and 
those which were deformed until fracture occurred. 
Secondary evidence to support this conclusion is that 
the characteristic sound accompanying Neumann 
lamellae formation also ceased at the end of the 
yield point elongation. 

Below 125°K the magnitude of the yield point 
elongation of carburized wires was found to de- 
crease with decreasing temperature of deformation. 
The percentage of yield point elongation vs tempera- 
ture of deformation is shown in Fig. 6. The form of 
this curve is similar to that of Fig. 2 (curve B) 
where the percentage of reduction in area vs tem- 
perature of deformation is plotted. 

The yield point and yield point elongation occur- 
ring in decarburized specimens of iron B when test- 
ed above 125°K was completely removed when the 
specimens were tested below this temperature. This 
is illustrated by the stress-strain curves of Fig. 4. 

Deformation of Single Crystals: A number of 
single crystals, 3 to 4 cm long, were grown in speci- 
mens of iron A by the strain-anneal method. The 
specimens tested, therefore, consisted of a number 
of single crystals in a “bamboo” type structure. In 
some cases the single crystals were separated by a 
large grained polycrystalline region approximately 
1% cm in length. 

After a standard decarburizing treatment the 
single crystals were found to be quite ductile down 
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Fig. 4—True stress-strain curves for specimens of iron B tested as 
follows: a—77.2°K, b—96.5°K, c—124°K, d—150°K. 
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Fig. 5—Variation of yield stress with tempercture of deformation 
for iron B. 


SEPTEMBER 1953, JOURNAL OF METALS—1247 


\ 
| 
\\1 
\\ 
7 
| 
~ 
i 
9, 1 3 { 
. 
79) 
™ 


@ 
T T T 
| 


YIELD POINT ELONGATION % 


i 


i i 
70 90 no 130 
TEMPERATURE OF DEFORMATION °K 


Fig. 6—Variation of percentage of yield point elongation with tem- 
perature of deformation for carburized specimens of iron A. 


to 77.2°K and the stress-strain curve showed no 
evidence of a yield point. The fracture was a typi- 
cal, single-crystal wedge-type fracture, the percent- 
age of reduction in area at the fracture being ~ 95 
pet. The stress-strain curve was serrated and the 
characteristic sound was emitted during the early 
stages of the deformation, as was the case in the 
polycrystalline specimens of iron B. Fig. 7 is a 
longitudinal section through a single crystal after 
deformation showing the Neumann lamellae. 

Crystallographic Relations of the Neumann 
Lamellae: The orientation and crystallographic re- 
lationship of Neumann lamellae has been studied in 
silicon ferrite by Harnecker and Rassow’ and 
Mathewson and Edmunds" by microscopic and X-ray 
reflection methods, respectively. However, it was 
felt that their evidence was inconclusive. 

The crystallographic plane and direction of shear 
of the lamellae was determined from single-crystal 
wires and found to be the {112} + %° and <1ll> 
+ 4°, respectively. A technique similar to that used 
by Bowles,’ to determine the crystallographic rela- 
tionship of martensite, was used to determine the 
angle of shear and decide if the lamellae were twins. 
The angle was found to coincide within + 3°, the 
angle predicted by twinning theory.* 

* After this work was completed, Paxton* reported on a similar 
analysis which agrees with results given here. 

Effect of Prior Deformation at Room Tempera- 
ture: A specimen of iron B was elongated by 4 pct 
at 300°K and then tested immediately at 109°K. The 
stress-strain curve was quite smooth with no serra- 
tions and the noise during deformation was absent. 
A micrograph of such a specimen showed complete 
absence ef Neumann lamellae. This phenomenon 
has been observed previously by Pfeil.” After an- 
nealing such a specimen for several days at room 


-- 


Fig. 7—Micrograph of Newmann lamellae in a single crystal of 
iron A tested at 77.2°K. X60. Area reduced approximately 60 pct 
for reproduction. 
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temperature, no Neumann lamellae were produced 
on deformation below 125°K. However, if the speci- 
men was annealed at 100°C for 14 hr, after 4 pct 
elongation at 300°K, and then tested below 125°K, 
the Neumann lamellae formation partially returned. 
The serrations on the stress-strain curve and noise 
during deformation also returned. 

A specimen of iron A was deformed at 300°K 
prior to testing at 109°K and the specimen exhibited 
some ductility ~ 45 pct, as measured by the per- 
centage of reduction in area at the fracture. As in 
the case of iron B there was no evidence of Neu- 
mann lamellae formation. 


Discussion 

In iron A, which exhibits the sudden onset of brit- 
tleness, fracture occurs by rupture, at least in part, 
along the grain boundaries. It has also been shown 
that a single crystal is completely ductile. It is evi- 
dent, therefore, that the brittleness is intimately 
associated with the grain boundaries. As the two 
series of iron used only differ in their oxygen con- 
tent, it seems justifiable to correlate the removal of 
this low temperature brittleness, in iron B, with the 
decrease in oxygen content. This agrees with the 
recent work of Rees and Hopkins” who found that 
intercrystalline failure started to occur if the oxygen 
concentration was greater than ~0.003 pct. This leads 
to the conclusion that the oxygen must be asso- 
ciated with the grain boundaries and in some man- 
ner cause failure along these boundaries. One ques- 
tion to be decided, therefore, is whether the oxygen 
at the grain boundary is in solid solution or present 
as a second phase. 

The most recent value for the solid solubility of 
oxygen in a iron at 700°C is given as ~ 0.01 pct by 
Ziegler." This value may be expected to be an over 
estimate, however, because it was near the limit of 
accuracy of his experimental procedure. This value 
for the oxygen solubility indicates that the oxygen 
concentration in iron B is below and that in iron A 
above the solubility limit. Oxygen may be expected 
to be present at the grain boundary as an oxide 
phase, therefore, in iron A. 

Examination of metallographic specimens by the 
light or electron microscope showed no evidence of 
the existence of a second phase at the grain boun- 
dary. This, however, cannot be regarded as positive 
evidence that it was not present. An examination 
under the microscope of the fractured surfaces with 
polarized light, showed regions, on exposed grain 
boundaries, which exhibited bi-refrigence. These 
regions showed extinction at 90° intervals, which 
would correspond to Fe,O,.” However, since it was 
impossible to view a relatively large flat field, this 
extinction could have been spurious and due to 
geometric factors. 

Positive evidence of a difference in the grain 
boundary behavior between the two irons was, 
however, given by internal friction measurements. 
The internal friction of the wires was determined 
using the torsion pendulum developed by Ke.” 
Curve A, Fig. 8 shows the grain boundary peak for 
a specimen of iron A which had been quenched 
from the decarburizing treatment. Curve B, Fig. 8 
shows the peak obtained for iron B after an identical 
treatment. The temperature at which the maximum 
of the peak occurs has been shifted from 580°C in 
iron A to 460°C in iron B, and the magnitude of the 
peak lowered in the case of iron B. Due to the differ- 
ence in grain size of the two irons, a small difference 
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in the temperature at which the maximum of the 
peak occurs would be expected.“ However, this 
change should only be ~ 20° to 30°C and in the op- 
posite direction to that in which it occurred. 

The shift in the temperature at which the peak 
maximum occurs means that the time of relaxation 
for a shear stress across the grain boundary has been 
markedly altered. There is no way of calculating 
whether the shear stress relaxation time for an 
oxide-iron interface would be greater or less than 
that for an iron-iron interface; therefore, no quanti- 
tative deductions can be made from these internal 
friction measurements. 

If the oxygen is present as an oxide at the grain 
boundary, there is no reason why the oxide alone 
should be responsible for the brittleness, because at 
temperatures down to 125°K the grain boundary has 
deformed “normally.” The sudden onset of brittle- 
ness is, however, coincident with the beginning of 
deformation by twinning. It is suggested, therefore, 
that the combination of an oxide at the grain boun- 
dary and deformation by twinning may be necessary 
for the brittleness. A possible reason for this may 
be the rapid rate of formation of the twins, which 
would involve a rapid rate of deformation at the 
oxide-iron interface and so permit the formation of 
“microcracks.” Whereas, when deformation occurs 
by glide there may be sufficient time for the stresses 
at the interface to be accommodated in the iron ma- 
trix. There is some indication that this may be the 
case, since when twin formation is suppressed by 
prior deformation at room temperature, specimens 
of iron A do exhibit some ductility below 120°K. 

The mechanism by which carburizing iron A re- 
moves the brittleness is uncertain. If an oxide is 
either directly or indirectly, the cause of brittleness, 
there would have to be a solid state reaction be- 
tween carbon and oxygen at the grain boundary at 
730°C, the carburizing temperature. Whatever the 
mechanism, however, it must be reversible, since 
decarburizing the specimen makes it brittle again. 

It has been suggested” ” that, because of the sim- 
ilarity between the atom movements in slip and 
twinning, it is logical to expect twinning during de- 
formation to occur by a dislocation mechanism also, 
for the same reasons that they were proposed for 
slip. Cottrell and Bilby” have postulated a disloca- 
tion mechanism for the growth of twins during de- 
formation which involves the dissociation of a unit 
dislocation into two partial dislocations. This mech- 
anism predicts that there should be a constant stress 
for the onset of twinning, being that stress required 
to form the initial interface. This has been shown 
to be the case, see Fig. 5, which shows that below 
the temperature at which twinning starts the yield 
stress becomes constant. In the case of one single 
crystal, which after deformation of about 1 pct ex- 
hibited only one active twinning system, it was 
possible to calculate the lower resolved critical shear 
stress for twinning, which was 37x10* lb per sq in. 

The mechanism of Cottrell and Bilby also shows 
that twins could form in the order of microseconds, 
which has been shown to be the case experimentally 
for tin.” The serrations on the stress-strain curve 


and the “sound” during deformation are considered 
to be caused by bursts of twins forming rapidly 
within the specimen. 

The dislocation mechanism also gives an explana- 
tion for prior deformation at room temperature sup- 
pressing the formation of twins. During plastic de- 
formation at room temperature many dislocation 
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Curve A—For specimen of iron A. Curve B—For specimen of iron B. 


5 


lines will intersect each other, forming “jogs” in 
the dislocation line.” Also, as is evident from the 
wavy nature of visible slip lines, dislocations move 
out of one glide plane into a neighboring plane. 
Both of these factors inhibit the dissociation of a 
unit dislocation into partial dislocations. Therefore, 
the formation of twins, which requires this disso- 
ciation into partial dislocations, would be stopped. 
Annealing for 14 hr at 100°C would allow some 
recovery to occur and so permit the dislocations to 
dissociate once more. Since an anneal at 100°C for 
14 hr only allows a partial return of twin formation 
it indicates that the activation energy for the process 
is much greater than would be expected by an 
interstitial atom diffusion, such as carbon. 


Summary 

A study was made of the tensile deformation, be- 
tween 300° and 77.2°K, of two samples of iron, con- 
taining 0.0034 and 0.021 pct O, respectively. 

Iron containing 0.021 pct O becomes completely 
brittle below 120°K, the fracture being a combined 
intercrystalline and cleavage type. Ductility can be 
restored by carburizing to 0.006 pet C. 

Iron containing 0.0034 pet O remained ductile 
down to 77.2°K; however, the ductility slowly de- 
creases between 125° and 77.2°K. At 125°K defor- 
mation starts to occur by the formation of Neumann 
lamellae, the number of lamellae produced increases 
with decreasing temperature. 

Single crystals of iron containing 0.021 pct O are 
completely ductile down to 77.2°K. 

Internal friction measurements on the grain boun- 
dary peak indicate a marked difference between iron 
containing 0.021 pct O and that containing 0.0034 
pet O. 

Deformation at 300°K prior to deformation below 
125°K suppresses the formation of Neumann 
lamellae and restores ductility to iron containing 
0.021 pet O. 

The Neumann lamellae produced by deformation 
below 125°K are shown to be deformation twins. 

It is considered that the brittle failure of iron con- 
taining 0.021 pct O is caused by a combination of the 
grain boundary oxide phase and deformation by 
twinning. The removal of twin formation by prior 
deformation can be explained by considering Cot- 
trell and Bilby’s mechanism for growth of deforma- 
tion twins. 
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Technical Note 


HE marker movements observed by Davies, 
Simnad, and Birchenall' during the growth of 
magnetite on wiistite have been misinterpreted. It 
is the purpose of this note to correct the original 
interpretation. 

In that investigation wustite specimens were pre- 
pared by oxidizing pure iron disks in water vapor 
until the iron was consumed. Argon was used as a 
carrier gas for the water vapor and on the complete 
conversion of the metal to its oxides (‘FeO’ plus a 
small amount (10 pet) of surface Fe,O,) the water 
supply was bypassed and the specimens were an- 
nealed in argon alone in order to equilibrate the 
wistite with the overlying magnetite. 

After cooling, the magnetite was ground off, a 
crude magnetic test being employed to determine 
its complete removal. Radioactive silver streaks 
were then applied to the surface and the specimen 
was oxidized completely in water vapor to prevent 
hematite formation. After complete oxidation the 
markers were found to enclose about 80 pct of the 
magnetite with the other 20 pct lying outside the 
markers. This observation was interpreted to mean 
that oxygen transport was four times as great as 
iron transport during the growth of the magnetite. 
The conclusion would have been correct if, as in the 
case of wiistite growing on iron, all the iron had 
started from one side of the marker and all the oxy- 
gen from the other side initially. 

Actually a material balance is required. For sim- 
plicity, take wiistite to be exactly FeO, and mag- 
netite to be Fe,O,. Then at the start of the reaction 


3FeO + O > Fe,O, 


All of the iron and three-fourths of the oxygen of 
the final product will be within the marker inter- 
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A Corrected Interpretation of the Mechanism of Growth 
Of Magnetite During Oxidation 


by M. H. Davies, M. T. Simnad, and C. E. Birchenall 


faces. The other fourth of the oxygen is in the gas 
phase outside the marker. 

From the experimentally determined final posi- 
tion of the markers simple calculation shows that 
one-fifth of the total iron has crossed the marker 
interface, while one-twentieth of the total oxygen 
has crossed in the reverse direction. The simplified 
result favors iron transport in the ratio four to one. 

However wiistite is not stoichiometric FeO. At 
900°C, the temperature of the measurement, the 
composition is about FeO,,,. When the material 
balance for the same experimental result is repeat- 
ed, assuming the product will be 1 mol of Fe,O,, it 
is found that 0.6 gram atoms of iron and 0.19 gram 
atoms of oxygen must have passed the marker in 
the same direction. (This is readily apparent from 
the reaction to form 1 mol of Fe,O, 


3FeO, Fe,O, 


The total oxygen supplied from the atmosphere is 
0.61 gram atoms, but the iron which passes the 
marker interface, i.e., 0.6 gram atoms, requires 0.8 
gram atoms of oxygen to convert it to Fe,O,.) 

If all the transport during magnetite growth is 
due to iron ion diffusion, then the marker would 
enclose about 85 pct of the final magnetite and the 
original measurement is in error by about 5 pct. This 
error is probably less than the uncertainty in locat- 
ing the markers by autoradiography. The possi- 
bility also exists that the starting wistite was not 
quite saturated with oxygen and underwent further 
enrichment with consequent envelopment of the 
marker before magnetite caught up with the marker 
interface. 

In any case it appears that these measurements 
actually favor iron ion diffusion in magnetite over- 
whelmingly as the factor controlling its growth, al- 
though further experimental measurements are 
needed to eliminate the error in material balance 
described. Such studies are planned. 


'M. H. Davies, M. T. Simnad, and C. E. Birchenall: Trans. AIME 
(1951) 191, p. 889; Journat or Merats (October 1951). 
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Rate of Propagation of Martensite 


by R. F. Bunshah and R. F. Mehl 


A fast amplifier technique has been developed for the measure- 
ment of the rate of propagation of martensite in an Fe-29.5 pct Ni 
alloy. The time of formation of one plate of martensite is 3x10‘ 
sec and the rate of propagation is 3300 ft per sec approximately. 


T has been known for some time that the plate- 

like structural unit of martensite forms from 
austenite with great rapidity. Wiester' and Hane- 
mann, Hofmann, and Wiester* took motion-pictures 
of the transformation as it occurs in a 1.65 pet C 
steel; they demonstrated that a single plate formed 
fully in the time interval between successive 
frames, viz., 1/20 sec, thus setting an upper limit. 
Forster and Scheil,” using an Fe-Ni alloy with 29 
pet Ni, recorded the sonic characteristics of the 
process electrically, upon an oscillograph, setting 
the upper time limit at 0.002 sec. Forster and Scheil,’ 
measuring the change in electrical resistance in the 
same alloy upon a cardiograph, set a limit of 0.02 
sec. Forster and Scheil® later, employing the same 
alloy, improved their technique, reporting an up- 
per limit of 7.10° sec. In studying signals of such 
short duration, it is an important question whether 
the frequency response of the electrical system used 
is high enough compared to frequency of the pulse 
measured, or, put differently, whether the system 
is able to reproduce without distortion the signal 
arising, in this case, from the formation of a single 
martensite plate. Forster and Scheil (referring 
only to their last paper) obtained signals of a fre- 
quency of 30 kilocycles (hereinafter kc); this was 
about the frequency response of the equipment 
used; thus, if the signal had a frequency higher 
than 30 ke, it would still appear as a signal of fre- 
quency 30 ke. All of these results thus provided 
upper limits only. 

Recent developments in electronics have made 
available equipment with very high frequency re- 
sponse, very high sweep-speeds, high gain, etc. 
The electrical characteristics of such equipment, 
used in the present study, are given in Table I. Such 
equipment offers obvious attraction in the study of 


R. F. BUNSHAH, Junior Member AIME, is Research Associate, 
Metals Research Laboratory, and R. F. MEHL, Member AIME, is 
Head of Dept. of Metallurgical Engineering and Director, Metals 
Research Laboratory, Carnegie Institute of Technology, Pittsburgh. 

Discussion on this paper, TP 3604E, may be sent, 2 copies, to 
AIME by Dec. 1, 1953. Manuscript, April 13, 1953. Cleveland Meet- 
ing, October 1953. 

This paper is based on a thesis by R. F. Bunshah submitted in 
partial fulfillment of requirements for the degree of Doctor of 
Science to Carnegie Institute of Technology, June 1952. 


TRANSACTIONS AIME 


the rate of propagation of a martensite structural 
unit—and perhaps of other structural alterations 
proceeding at a very high rate. 

This paper reports an attempt to develop a tech- 
nique employing such equipment to measure the 
time of propagation of a martensite structural unit 
and the variation of this with temperature, with the 
mode of formation—athermal and isothermal—in 
both polycrystalline and single-crystal samples; 
and from such measurements to obtain the rate of 
propagation. As will be seen, the results obtained 
are useful theoretically. 


Materials 

All data presented here are for an Fe-Ni alloy 
of the following analysis: 29.5 pct Ni, 0.027 pct C, 
0.135 pet Mn, 0.094 pct Si, balance Fe. There were 
several reasons for choosing this alloy: 1—it is sub- 
stantially the one used by previous investigators; 
2—it exhibits both the athermal’ and the _ iso- 
thermal’ mode of formation of martensite, both 
studied in detail by Machlin and Cohen; 3—the 
subzero temperatures of transformation in this alloy 
are experimentally very convenient; 4—it exhibits 
the “burst phenomenon”;’ 5—the change in elec- 
trical resistance upon the formation of martensite, 
a decrease, is great, approximately 50 pct.” 

The polycrystalline specimens were in the form 
of wires of 0.025 in. diameter; the single crystals 
were in. 


Experimental Methods 

Electrical Apparatus: Fig. 1 is a schematic draw- 
ing of the electrical circuit used. The principle used 
in these measurements is the same as that used by 
Forster and Scheil.” A small direct current, about 
1 to 2 amp, is passed through the sample. When a 
martensite plate forms, the resistance of the sample 
changes and a high frequency signal is generated. 
This signal is picked up by the probes attached to 
the sample, fed into the bank of amplifiers and 
thence to the vertical deflection plates of a cathode- 
ray oscilloscope. The signal itself triggers the 
oscilloscope trace which flashes across the tube face 
and is photographed by means of a 35 mm movie 
camera at the end of a light-tight hood. The 
camera has no shutter. As soon as the signal flashes 
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Fig. 1—Schematic representation of the electrical circuit. 


BATTERY 


across the screen, it is photographically recorded, 
and the film is moved one frame forward by the 
experimenter, so that the set-up is ready for re- 
cording the next signal. The movie camera used in 
this single-shot fashion is very convenient for the 
purpose of recording transient signals occurring in 
very rapid succession. Appendix I deals with the 
electrical apparatus and its workings in greater 
detail. 

Metallurgical Apparatus and Procedure: The 
temperature range for the formation of martensite 
in this alloy is —20° to —200°C. Athermal marten- 
site was formed in the apparatus shown in Fig. 2. 
The sample resting in one of the lucite holders was 
lowered gradually toward liquid nitrogen in the 
bottom of a Dewar flask. The temperature of this 
sample could not be measured directly, since a 
thermocouple circuit attached to the sample would 
completely upset the electrical circuit; accordingly, 
an identical dummy sample, resting in the twin 
lucite holder, positioned similarly with respect to 
the bath served this purpose, with the temperature 
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Fig. 2—Apparatus for subzero temperature experiments. 


measured by a copper-constantan thermocouple; a 
check experiment showed the temperatures of the 
two samples to differ by no more than 3°C. The 
apparatus used to study the formation of isothermal 
martensite was similar to that employed by Das 


Table I!. Austenitizing Treatments and Resulting Grain Diameters 
in an Fe-30 Pct Ni Alloy 


Resultant 
Average 
Austenitizing Grain 
Time, Austenitizing Diameters, 
Time, Hr In. 
A 1300 18 0.01 
B 1100 2 0.005-0.007 
Cc 900 % 0.001 


Gupta and Lement;” it is essentially a nichrome- 
wound furnace with liquid nitrogen on the outside, 
maintaining the outside temperature at —196°C; 
the specimen was inserted in an inner tube contain- 
ing iso-pentane (melting point —155°C); the gen- 
eration of heat by the nichrome winding is thus set 
against the loss of heat to the liquid nitrogen; the 
temperature can be raised, or lowered, or main- 
tained constant. 


Chain Pulse Amplifier 
Type 202 


Spencer-Kennedy Labs. 


Manufacturer 
Cambridge, Mass. 


Band-width 


(frequency response) 40 ke to 80 mc 


30 db + 215 db 


Gain 


Sweep speeds 


Accelerating potential 


Definitions of Symbols: 


ke kilocycle; me megacycle 10 cycles 1000 cycles 


db — decibels 


1 microsecond = 10-* second; 1 millimicrosecond = 10-* second 


Table |. Electrical Characteristics of the Equipment Used 


Oscilloscope 


Chain Pulse Amplifier 
Type 517 


Type 214 


Tektronix, Inc. 


Spencer-Kennedy Labs. 
Portland, Oregon 


Cambridge, Mass. 


100 ke to 200 me 200 cycles 75 me 


20 db + 1 db 


20 microseconds per cm to 
10 millimicroseconds per cm 


24,000 v 
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Fig. 3—Idealized picture of an oscilloscope trace during the 
martensite transformation. 


Samples of the alloy wire were cut into 2-in. 
lengths and sealed in Vycor tubes in purified argon. 
These samples were austenitized at the tempera- 
tures and at the times shown in Table II; they were 
then water-quenched, and were found to be com- 
pletely austenitic. The diameters of the austenite 
grains were measured, and are recorded in Table II. 


Experimental Results 

General Observations: The resistance of the mar- 
tensite is lower than that of the austenite in an 
Fe-30 pct Ni alloy. The signal resulting from the 
unit martensitic transformation should thus be 
negative, as shown in Fig. 3, i.e., the resistance de- 
creases with time. Strangely enough, this was 
never observed. Fig. 4 shows a photograph of the 
signal resulting with the sweep-speed set at 50 
millimicroseconds per cm and the trigger on “posi- 
tive signal.” It is seen that the resistance of the 
sample first increases to a maximum and then de- 
creases to a value lower than the initial ambient 
level. In order to determine whether this initial 
increase in resistance during the transformation is 
actually a part of the process of formation of a 
structural unit of martensite or is some other effect 
not connected with the martensitic transformation, 


Fig. 4—Photograph of the oscilloscope screen during the marten- 
site transformation. Each division corresponds to 50 millimicro- 
seconds. Positive signal trigger. 


Fig. 5—Photograph of the oscilloscope screen during the marten- 
site transformation. Each division corresponds to 100 millimicro- 
seconds. Negative signal trigger. 
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the following experiment was performed: The 
oscilloscope was set to trigger on “negative signal” 
and the signals resulting from the martensitic 
transformation photographed, an example of which 
is shown in Fig. 5, which shows two consecutive 
traces on one frame of the film. It may be noted 
that the initial part of the signal consisting of the 
increase to the maximum and the subsequent de- 
crease to the initial ambient level is missing. The 
signal triggered the sweep only on going negative. 
Thus the initial increase is not a characteristic of 
the apparatus per se. 

It may be concluded that the signal resulting 
from the formation of a martensite plate in an Fe- 
30 pct Ni alloy consists of an initial increase in 
resistance of the sample up to a maximum value 
and a subsequent decrease to a value below its 
initial ambient level. Hereinafter, the term “pulse 
cycle” will refer to the complex signal described 
above. 

The time of formation of a plate of martensite 
corresponding to one pulse cycle is 1.10° see from 
Fig. 4. 

Figs. 6, 7, and 8 show signals resulting from the 
martensitic transformation with sweep speeds vary- 
ing from 50 to 200 millimicroseconds per cm and 
“positive signal” trigger setting. These figures show a 
large number of pulse cycles following each other; 


Fig. 6—Photograph of the oscilloscope screen during the marten- 
site transformation. Each division corresponds to 50 millimicro- 
seconds. Positive signal trigger. 


Fig. 7—Photograph of the oscilloscope screen during the marten- 
site transformation. Each division corresponds to 100 millimicro- 
seconds. Positive signal trigger. 


Fig. 8—Photograph of the oscilloscope screen during the marten- 
site transformation. Each division corresponds to 200 millimicro- 
seconds. Positive signal trigger. 
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Fig. 9—Plot of first generation martensite plates vs their 
time of formation. 


in most cases, the pulse cycle due to one martensite 
plate is superimposed in time on the one from the 
previously formed plate. The error due to this 
superposition is about +0.3 x10" sec, as can be seen 
from the fairly steep slopes of the traces. From an 
analysis of about 200 such oscilloscope traces, the 
time of formation of a plate of martensite varies 
from 5.0 10° to 0.510" sec depending on the size 
of the martensite plate formed, as will be seen. 

These signals correspond to a frequency of 10 
megacycles. From Table I, it can be seen that the 
system responds to frequencies up to 75 megacycles. 
Thus, the signals resulting from the martensitic 
transformation are well within the frequency re- 
sponse of the apparatus used and represent an un- 
distorted or true value for the time of formation 
of martensite, i.e., this is the first measurement of 
the lower limit in time. The experimental error in 
measurement due to the electrical measuring sys- 
tem is +5 pct. 

Thus far, it has been tacitly assumed that each 
pulse cycle corresponds to the formation of one 
structural unit of martensite. The large number of 
pulse cycles observed and their superposition in 
time may be considered as indirect evidence of this. 
The following type of critical experiment was per- 
formed to check the validity of this assumption. 
The martensite transformation in a large-grained 
austenitic sample was allowed to proceed until only 
a very small amount of martensite had formed, 
with further transformation prevented by “up- 
quenching” to room temperature. The entire sam- 
ple (1 in. long and 0.025 in. in diameter) was pol- 
ished across the medial longitudinal section and 
etched and the number of martensite plates count- 
ed. A count of the number of pulse cycles in the 
oscilloscope photographs taken was also made. The 
two counts ‘differed by about 3 to 4 in a total of 
about 20. This appears to be fairly satisfactory 
evidence that each pulse cycle corresponds to a 
single martensite plate. More direct proof though 
possible would be unwarrantedly laborious. 


1254—JOURNAL OF METALS, SEPTEMBER 1953 


Interrelationship Between Size of Martensite 
Plates, Their Time of Formation, and Signal 
Strength: As is well known, the first generation of 
martensite plates traverse the entire austenite grain 
(provided it is not large) until their growth is 
stopped at discontinuities of the lattice-like grain 
boundaries, twin interfaces, and inclusions, etc. 


Fig. 10—Photograph of the oscilloscope screen during the marten- 


site transformation. Each division corresponds to 100 millimicro- 
seconds. Positive signal trigger. Isothermal run at —90°C. 


Fig. 11—Photograph of the oscilloscope screen during a “burst” in 


polycrystalline and single crystal specimens. Each division corre- 
sponds to 100 millimicroseconds. Positive signal trigger. 


Fig. 12—Photograph of the oscilloscope screen during a “burst” in 
polycrystalline and single crystal specimens. Each division corre- 
sponds to 200 millimicroseconds. Positive signal trigger. 


Thus, it may be assumed that the length of the 
martensite plate is approximately the same as the 
diameter of the austenite grain for the first genera- 
tion of martensite plates. Austenitic samples of this 
alloy with grain diameters varying from 0.001 to 
0.01 in. were prepared by the heat-treatments given 
in Table II. They were transformed to martensite 
and the time of formation of the first generation 
martensite plates measured. Single-crystal aus- 
tenite specimens were also transformed and the 
time of formation of first generation plates meas- 
ured. (It may be noted that there appears to be a 
limiting size to the martensite plates formed in a 
single crystal of austenite, as has been also ob- 
served by Kurdjmow”™ and Machlin and Cohen.” Fig. 
9 shows a plot of length of first generation mar- 
tensite plates vs their time of formation. It may 
be noted that the plot is linear, thus indicating 
that the overall process of the propagation of mar- 
tensite is a constant velocity process. The experi- 
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Fig. 13—Resistivity of a 71 pct Fe-29 pct Ni alloy as a func- 
tion of temperature. 


mental scatter is +0.25*10" sec on the time scale 
and 1.10° in. on the length scale, as may be seen 
from Fig. 9. 

The average slope of the straight line drawn 
through the data which is a measure of the rate of 
propagation of martensite is 3300 ft per sec or 100,- 
000 cm per sec, approximately. The maximum 
error in the rate of propagation due to the scatter 
in data is about +20 pct. 

It was also observed that the signal strength re- 
sulting from the martensite transformation varies 
directly with the size of the martensite plate 
formed. 

Influence of Temperature on the Athermal 
Transformation: The time of formation of a mar- 
tensite structural unit was measured from —20° to 
—195°C and was found to be of the order of 10° sec 
throughout this temperature range. The variation 
was from about 3.10% sec at —20°C to 0.510" sec 
at about —195°C for specimens with initial aus- 
tenite grain size 0.01 in. This does not represent a 
change in the velocity of propagation however. It 
may be seen from Fig. 9 that this decrease in the 
time of formation at lower temperatures can be 
accounted for by the decrease in size of the mar- 
tensite structural units with decrease in tempera- 
ture as a result of the partitioning of the parent 
austenite by the prior formation of martensite. 
Thus the velocity of martensite propagation is in- 
dependent of the temperature of transformation 
within the temperature range —20° to —195°C; the 
maximum error due to the scatter in experimental 
data is +20 pct. 

Isothermal Transformaticn: The tirne of forma- 
tion of isothermal martensite at four different re- 
action temperatures, —60°, —90°, 105°, and 
—195°C was measured, and found to be of the order 
of 10° sec. About 10 runs were made at each tem- 
perature. Fig. 10 shows a photograph of the oscillo- 
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scope trace during an isothermal run at —90°C. 
The pulse cycle has identical characteristics with 
those occurring during the athermal transformation. 

The Burst Phenomenon: Machlin and Cohen" de- 
fine the burst phenomenon as a large amount of 
martensite (>% pct) forming in the time interval 
of an audible click. This phenomenon was observed 
and photographs of the oscilloscope screen taken 
during a “burst” are shown in Figs. 11 and 12. The 
very large number of pulse cycles on one frame of 
the movie film show very graphically that the 
“burst” consists of a large number of martensite 
structural units forming in a very small period of 
time, the reaction occurring in a cataclysmic or 
autocatalytic fashion; presumably the stresses 
caused by the formation of one plate nucleate the 
succeeding ones. 


Discussion 

On the Nature of the Pulse Cycle: The pulse 
cycle corresponding to the formation of a plate of 
martensite consists of an initial increase of the re- 
sistance to a maximum followed by a subsequent 
decrease to below the initial level. The initial in- 
crease is new. The overall decrease in resistivity 
is in accord with expectations for this alloy. Sev- 
eral explanations may be advanced for the initial 
anomalous increase: 

1—The austenite-martensite transformation is 
accompanied by the evolution of heat. The resis- 
tance of a metal characteristically increases with 
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Fig. 14—Representation of boundary condi- 
tions for problem considered in Appendix II. 


increasing temperature; thus, the sudden release 
of the latent heat in the localized region of the 
specimen transformed to martensite might account 
for this initial increase in the resistance of the 
sample. 

This argument would be valid only if the amount 
of heat liberated would be sufficient to cause the 
observed increase in resistance, and if the flow of 
heat from the localized region was rapid enough 
to account for the subsequent decrease in re- 
sistivity. 

Smithells” gives the latent heat of transformation 
of austenite to martensite in a 0.9 pct C steel as 500 
cal per gram-atom, and that of the transformation 
of ya iron at 720 cal per gram-atom. For an 
Fe-30 pct Ni alloy, it will be assumed that the 
latent heat of transformation is 720 cal per gram- 
atom or 13 cal per gram as an upper limiting value. 
The specific heat of this alloy is 0.119 cal per gram 
per °C." Thus, the temperature rise corresponding 
to the liberation of 13 cal per gram-atom is 
13/0.119, or roughly 110°C, 

Fig. 13 shows the resistivity vs temperature 
curves for samples of Fe-30 pct Ni alloys in the 
100 pct austenitic and martensitic (about 90 pct 
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Fig. 15—Magnetization curves for a 71 pct Fe-29 pct Ni alloy. 


martensite) states.” It will be assumed that a mar- 
tensite plate forms completely across the cross sec- 
tion of the wire as shown in Fig. 14. This assump- 
tion is obviously biased to favor the argument. 
From Fig. 13, it may be seen that the increment in 
resistance of the newly formed martensite struc- 
tural unit on being raised in temperature by 110°C 
would not even increase its resistance to a value 
corresponding to that of the same volume of the 
austenite, whereas an overall increase in resistivity 
is observed. A rough calculation based on the slope 
of the plots in Fig. 13 and the pulse cycle shows 
that a heating of about 1500°C would be required 
to validate the argument. Thus, the localized lib- 
eration of latent heat of transformation to the 
martensite unit alone cannot account for the initial 
increment of resistance observed. 

It may be argued that the flow of heat from 
martensite to austenite would account for the sub- 
sequent decrease observed in the pulse cycle, since 
the temperature coefficient of resistance of austenite 
is one-third that of martensite. However, as the 
slopes of the resistivity vs temperature plots for 
austenite and martensite and their relative specific 
heats are almost the same, the decrement in the 
resistance of the sample due to a fraction of the 
heat flowing from the martensite to the austenite 
would approximately balance the increment of the 
resistance of the austenite caused by this heat 
transfer. Thus, the decrease in resistance observed 
in the pulse cycle cannot be explained as due to the 
flow of heat from martensite to austenite, even in 
the very small time observed for this decrease, viz., 
10° sec. The calculation illustrated in Appendix II 
shows that the decay time, r, for one-half of the 
initial quantity of heat to flow past the probes is 41 
sec which is much too long for the time observed 
for the decrease in resistance, viz., 10° sec. 

Thus the localized heating of the martensite 
structural unit formed cannot account for the pulse 
cycle observed for the formation of this structural 
unit of martensite. 
2—Stresses increase the electrical resistance of 
metals and alloys. Wheeler and Jaswon” have 
estimated an average value of 93 tons per sq in. for 
the microstresses in a structure consisting of mar- 
tensite and retained austenite in Fe-C alloys. It 
might be argued that the very high microstresses 
occurring during the formation of martensite cause 
the initial “anomalous” increase in resistance of the 
sample, and that these stresses are subsequently 
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relieved by the plastic flow of the matrix thus per- 
mitting the resistance to decrease to the level for 
martensite. 

From Fig. 13, it is seen that the resistance of aus- 
tenite is 2 to 3 times greater than that of mar- 
tensite, the variation depending upon the tempera- 
ture. From the pulse cycle, it may be observed that 
the initial increment in resistance is roughly of the 
same order of magnitude. Thus it appears rather 
unlikely that the stresses due to the formation of 
one structural unit of martensite could increase the 
resistance of the sample by 4 to 6 times the value 
of the resistance of martensite. 

3—It has been suggested, on the basis of rough 
calculations, that this initial increase may be due 
to a part of the sample going from a very low 
ferromagnetic state (austenite) to one which is 
highly ferromagnetic (martensite). As this trans- 
formation occurs in a very short time interval, the 
sudden change in the distribution of the magnetic 
lines of force causes a temporary apparent increase 
in the resistance of the sample, which may account 
for the initial increase in resistance observed in the 
pulse cycle. The following critical experiments led 
to the abandonment of this possibility: 

Fig. 15 shows the B-H curves of fully austenitic 
and fully martensitic (90 pct martensite approxi- 
mately) for an Fe-30 pct Ni alloy as obtained in 
this laboratory by the use of a Koepsal permeame- 
ter.” It may be noted that the curves cross each 
other, i.e., below a field strength of about 15 oer- 
steds austenite has a greater permeability (, 
B/H) than martensite and above 15 oersteds the 
reverse is true. Thus, the conditions necessary for 
the effect postulated would exist in the latter situa- 
tion (above 15 oersteds) and not for the former. 
The field strength within the sample can be varied 
by varying the current passing through the sample. 
Thus, for wire specimens (diameter of 0.025 in.) a 
current of 1 amp produces a field strength of 4 oer- 
steds and a current of 10 amp produces a field strength 
of 40 oersteds. The pulse cycles resulting from the 
martensite transformation at field strengths 4 and 40 
oersteds in the samples show identical character- 
istics. Pulse cycles observed at intermediate values 
of field strengths also showed the same character- 
istics. Thus this possibility is excluded. 

4—Of the many publications on the crystal- 
lographic nature of the transformation of the face- 
centered cubic (austenite) lattice to the body- 
centered cubic (or body-centered tetragonal mar- 
tensite) lattice, all have found it necessary to as- 
sume the process to occur as a result of two shear- 
ing or distortion processes. Since other possibilities 
seem excluded above, it appears that the form of 
the pulse cycle observed is experimental confirma- 
tion of such a two-stage distortion process. The 
form of the pulse cycle cannot be taken as evidence 
for a complete separation in time of the two distor- 
tions; though the two distortions are sequential in 
time, there is doubtless overlap; indeed the round- 
ness of the maximum suggests overlap; the absence 
of a truly horizontal plateau at the maximum would 
appear to demonstrate that the two stages are not 
separated in time; Machlin and Cohen" have specu- 
lated on the sequence and the overlap of two dis- 
tortions.* 


* It may be possible to explain the nature of the pulse cycle on 
the basis of a shear-like distortion and subsequent stress-relieving 
slip or twinning mechanism proposed by Geisler (Acta Metallurgica 
(1953) Vol. 1, No. 3); whether this mechanism can account for the 
very small times observed awaits further consideration. 
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Correlation of the Velocity of Martensite Propaga- 
tion and Elastic Wave Propagation: The slope of 
the plot in Fig. 12 gives the velocity of martensite 
propagation, estimated to be 3300 ft per sec. The 
velocity of elastic wave propagation in a solid is 


given by 
G 
v= 
d 


where v is the velocity of elastic wave propagation 
in the solid; G, the modulus of rigidity; and, d, the 
density of solid. The values of G and d for an Fe- 
30 pet Ni alloy are” 

G = 8,600,000 psi 

d = 510 lb per cu ft. 


This gives a value of 9925 ft per sec as the velocity 
of propagation of elastic waves in an Fe-30 pct Ni 
alloy. 

McReynolds* has shown that for an Fe-30 pct Ni 
the value of G and d are invariant with tempera- 
ture at subzero temperatures. Thus the velocity of 
elastic wave propagation in this alloy should also 
be invariant with temperature below room tem- 
perature. The results of this investigation show 
that the velocity of martensite propagation is con- 
stant in the temperature range —20° to —195°C. 

Thus, it may be concluded that the martensite 
transformation is an elastic-wave-like propagation 
in the solid. The apparent discrepancy between the 
velocity of martensite propagation (3300 ft per sec) 
and that of elastic wave propagation (9925 ft per 
sec) may be reconciled if it is considered that the 
martensite transformation consists of two stages 
sequential in time, but each proceeding possibly 
with the velocity of elastic waves, thus decreasing 
the overall velocity of martensite propagation from 
9925 to 3300 ft per sec. This is in good accord with 
the strain-wave model of martensite propagation. 

Concerning Theories on the Martensite Trans- 
formation: During the past five years, two theories 
have been proposed for the martensite transforma- 
tion. Kurdjmow and coworkers””” and Fisher, 
Hollomon, and Turnbull” have applied a modified 
version of regular nucleation and growth? kinetics 

tIn this discussion, the term “growth” refers exclusively to the 
conventional atom-by-atom growth process across the interface 
to the martensite transformation. Scheil” in 1929 
proposed that the transformation occurs by nuclea- 
tion and a subsequent very rapid propagation of 
the martensite phase into the parent austenite in 
the manner of a strain-wave, to form a fully grown 
martensite plate. Machlin and Cohen’ have put this 
theory on a more quantitative footing. The two 
theories essentially differ in one important respect; 
i.e., the rate equation for the nucleation and growth 
theory contains a term 


ewer 


where Q is the activation energy for growth, which 
is absent from the rate equation of the propagation 
theory. This difference has fundamental signifi- 
cance however. The term Q represents the activa- 
tion energy for the growth of a nucleus to the final 
martensite plate by a process of atom-by-atom 
transfer across the austenite-martensite interface. 
For transformation propagated as a strain-wave, 
the activation energy for growth should be virtual- 
ly zero.” Machlin and Cohen’ in an elegant critical 
experiment showed that martensite formed with its 
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characteristic high velocity of propagation even at 
4°K on deforming a specimen of an Fe-29 pct Ni 
alloy, as evidenced by the audible clicks. This 
would be impossible according to the nucleation 
and growth theories, as, even if new nuclei are 
formed as a result of the deformation, their growth 
rate would be inappreciable. On the other hand, 
the strain-wave propagation theory would predict 
that as soon as the nuclei are formed by the applied 
stress, they grow to full-size plates. 

According to the nucleation and growth theories, 
the activation energy for growth of martensite is 
500 to 2000 cal per mol. For an activation energy 
of 500 cal per mol,” the ratio of the velocity of 
propagation at 250°K to that at 80°K is calculated 
to be about 8. For an activation energy of 2000 cal 
per mol this ratio is 3000.” 

The results of this investigation demonstrate that 
this ratio is unity with the maximum possible de- 
viation due to experimental scatter raising this 
ratio to about 2. Thus the activation energy for the 
propagation of martensite is very small, virtually 
zero, neglecting frictional effects. 

The strain-wave propagation theory does not dis- 
tinguish between the athermal and_ isothermal 
modes of the martensite propagation. The results 
of this investigation show that the characteristics 
of the pulse cycle are identical for both modes of 
transformation. 

In general, this investigation has yielded results 
which are in excellent agreement with the strain- 
wave propagation theory and differ with the con- 
cept of growth of martensite plates by an atom- 
by-atom transfer across the moving interface. 


Summary 

1—An experimental technique has been estab- 
lished capable of measuring accurately phenomena 
of very short duration occurring in metals and 
alloys. 

2—The time of formation of a plate of martensite 
0.01 in. long in an Fe-30 pct Ni alloy is 3.10" sec; 
this represents perhaps the most accurate value re- 
ported for the propagation of martensite. 

3—The rate of propagation of martensite is 3300 
ft per sec or 100,000 cm per sec approximately, and 
is independent of temperature in the range —20° 
to —195°C in this alloy. 

4—Thus, the “activation energy” for the propa- 
gation of martensite is virtually zero. 

5—It may be concluded from 3 and 4 that the con- 
cept of martensite formation by a process of atom- 
by-atom growth is incorrect. On the other hand, 
these results are in very good accord with the 
strain-wave propagation theory proposed for the 
martensite transformation. 

6—The characteristics of the transformation, viz., 
the time of formation of martensite units, and the 
general nature of the pulse cycle resulting from the 
martensite transformation are independent of 
whether the transformation occurs athermally or 
isothermally. 

7—The time of formation and the signal strength 
vary directly with the size of the plate formed. 

8—The velocity of martensite propagation is of 
the same order of magnitude as the velocity of 
elastic wave propagation in the solid. 

9—From considerations on the nature of the 
pulse cycle, it may be concluded that the martensite 
propagation consists of two stages proceeding with 
the velocity of elastic wave propagation in the solid. 
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10—-This technique is ideally suited for the study 
of rapidly occurring phenomena in metals and al- 
loys such as slip, twinning, cleavage, etc. Such in- 
vestigations are underway in this laboratory. 
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Appendix | 

The following major pieces of electrical equipment 
were used in this investigation: Two of Type 202P 
Spencer-Kennedy Chain-Pulse amplifiers; one of Type 
214 Spencer-Kennedy Chain-Pulse amplifier; and a 
Cathode Ray Oscilloscope, Tektronix, Type 517. Some 
of the characteristics of these apparatus are given in 
Table I. A 160-ohm impedence cable, No. K 109 of the 
Federal Telephone and Radio Corp. is used to connect 
the various parts of the circuit, excluding the battery 
loop. 

The following special characteristics of the cathode- 
ray oscilloscope should be noted: 

1—Accelerating potential of 24,000 v. In making a 
photographic record of very fast transient signals 
flashing across the face of a cathode-ray tube (of the 
order of 0.1 microsecond), it is obvious that there is no 
control over the exposure time of the film. Thus the 
intensity of the light emanating from the face of the 
tube must be very high. This is accomplished by hav- 
ing a very high accelerating potential of 24,000 v on 
the cathode-ray beam, since the intensity of the light 
varies better than linearly as the velocity of the elec- 
tron beam or the accelerating potential on the tube. 
A metallized 5XP cathode-ray tube with a P11 phos- 
phor (which emits blue light) in conjunction with 
Eastman Linagraph Pan 35 mm Film developed in 
Developer SD 19 (a) (Ref. Kodak Formulary) permits 
a satisfactory photographic record of the oscilloscope 
trace. 

2—The oscilloscope can be set to trigger on either a 
positive or negative signal. 


Appendix II 


The problem under consideration is the time neces- 
sary for the latent heat liberated in a martensite plate 
to flow out of the entire sample past the probes, see 
Fig. 14. 

The specific resistivity of a homogeneous sample is 
linear with temperature. Moreover, at the tempera- 
tures under consideration the specific heat is nearly 
independent of temperature. Therefore, if a quantity 
of heat is suddenly generated within the sample, the 
decay time of the voltage signal due to this heating is 
determined by the time needed for the heat to flow 
out of the sample. 

It is assumed that at time t 0, an amount of heat 
» is generated instantaneously in a thin cross section 
of a long cylindrical wire and is distributed uniformly 
in that cross section. Neglecting radial heat transfer, 
the problem reduces to a simple one-dimensional case, 
whose solution is 

1 


T = e 
\ 4nat 


4at 


where T is the absolute temperature at time t and 
position 2, a is the thermal diffusivity of the material; 
x is measured from the cross section at which » was 
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generated. The integral 


is proportional to the heat remaining between points 

x and 2’ at any given instant t. Since erf (x) a 
the interval t during which »/2 flows beyond —.’ and 
x’ is determined by the condition 


ot 
4at 


From tables of the error function, this is the case when 


2’ 
0.477 


\/4et 


If the leads of the signal circuit are attached sym- 
metrically at x — L/2 and x L/2, (see Fig. 14), 
the decay time is 


L 
0.477 —— 


a 


For a = 0.027 sq cm sec’ and L 2cm 


Tt 41 sec 


It is thus seen that decay times of this order of mag- 
nitude are very much longer than the observed time 
interval corresponding to the decrease, viz., 10° sec. 
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Decay of Lattice Defects Frozen into an Alloy by Quenching 


by A. E. Roswell and A. S. Nowick 


Anelastic measurements of atomic mobility in an Ag-Zn 
substitutional solid solution, make possible a study of the 


rate of decay of lattice defects frozen into the alloy by 


quenching. 


WIDE variety of experimental evidence has 
accumulated recently in support of the belief 
that atomic mobility or diffusion in face-centered 
cubic lattices occurs principally through the move- 
ment of lattice defects, as contrasted to a mechanism 
by which two or more atoms directly exchange lat- 
tice positions. The most direct evidence, summar- 
ized in a recent review,’ includes the Kirkendall- 
effect measurements and anelastic measurements on 
quenched alloys. Theoretical calculations’ have fo- 
cused attention on the lattice vacancy as the defect 
probably responsible for diffusion in the common 
metals. Later calculations® have also shown the pos- 
sible importance of combined pairs of vacancies in 
producing diffusion. The only defect that has been 
considered seriously, in addition to the vacancy and 
combination of vacancies, is the “interstitialey” (an 
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atom which has left its normal lattice position and 
entered an interstitial position); the calculated en- 
ergy of formation of an interstitialey in a close- 
packed lattice is too large to permit a reasonable 
probability for the occurrence of this defect.’ In 
view of these calculations it may be tentatively 
concluded that the defects producing atomic move- 
ments are single or multiple vacancies. 

Anelastic measurements of atomic mobility in 
substitutional solid solutions provide a_ valuable 
method for the study of lattice defects. By means 
of this method it was first demonstrated‘ that defects 
may be frozen into a lattice by rapid quenching from 
high temperatures. (It was subsequently shown’ 
that resistivity measurements may also be capable 
of detecting the presence of frozen-in defects.) A 
summary of the principles involved in these an- 
elastic measurements will now be presented. 

The anelastic method is based on a relaxation 
phenomenon in substitutional solid solutions, first 
discovered by Zener’ in a brass and subsequently 
investigated extensively in a series of Ag-Zn solid 
solutions.’ This relaxation effect may be observed 
in the usual way’ either dynamically, as a peak in 
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the curve of internal friction vs temperature, or sta- 
tically as a stress relaxation or elastic after-effect 
phenomenon. A simple interpretation of these an- 
elastic effects is suggested by Zener, who focuses 
attention on pairs of solute atoms in the substitu- 
tional solid solution. Thus, suppose that the solute 
atoms have a larger atomic diameter than the sol- 
vent atoms. The application of a tensile stress to the 
solid solution will then result in a_ preferential 
alignment of pairs of solute atoms along those crys- 
tallographic directions that lie nearest to the tensile 
axis, since such redistribution of atoms acts to re- 
lieve the stress. Since the rate of this reorientation 
of solute atom pairs depends on the rate of atomic 
diffusion, the application of stress will produce typi- 
cal anelastic behavior with a relaxation time closely 
related to the mean atomic jump time in the solid 
solution. 

It is pointed out by one of the authors”’ that 
Zener’s pair reorientation mechanism is a special 
example of stress-induced ordering, where the ap- 
plication of stress to an initially random solid solu- 
tion produces preferential atomic rearrangements 
accompanied by anelastic strain. Furthermore, it is 
argued that since a large solute concentration (us- 
ually greater than 15 pct) is required in order that 
the effects be observable experimentally, most solute 
atoms will have at least two nearest neighbors that 
are solute atoms. The concept that isolated solute 
atom pairs are the unit which undergoes ordering 
therefore seems to be an oversimplification. Investi- 
gation of the orientation dependence of the anelastic 
effects in single crystals, which are now under way, 
should lead to a more accurate picture of the re- 
laxation process. It is important to note, however, 
that regardless of the relaxation mechanism, the 
experimentally measured relaxation time, r, repre- 
sents the time for atomic redistribution under an 
applied stress and is therefore of the same order of 
magnitude as the mean jump time of an atom in the 
lattice. (Because diffusion takes place through the 
movement of defects, the rate of movement of solute 
and solvent atoms is not generally the same; under 
these conditions the mean jump time of the slower 
atomic species should determine the measured re- 
laxation time.”") It is therefore possible, by the use 
of relaxation measurements in appropriate substi- 
tutional solid solutions, to measure atomic mobility 
at temperatures far below those at which ordinary 
diffusion experiments can be carried out. Such 
measurements make possible a demonstration’ 
that an excess of defects may be frozen into the 
lattice of an alloy by quenching to produce abnor- 
mally short relaxation times at low temperatures. 
(Evidence is presented” to rule out the possibility 
that the observed effects can be attributed to 
quenching stresses.) 

The earlier investigation” of the freezing-in of 
lattice defects utilized almost entirely an Ag-Zn solid 
solution containing 30 atomic pct Zn. Decay curves, 
which show the variation of the relaxation rate (i.e., 
of atomic mobility) with time after quenching, were 
obtained at different temperatures. The precise form 
of the decay curves could not be obtained because 
of the rapidity of the rate of decay. During these 
measurements on the 30 atomic pct Ag-Zn alloy, 
preliminary experiments were also conducted on a 
solid solution containing 33.5 atomic pct Zn. These 
experiments showed that the decay rates for the 
latter alloy were considerably slower than for the 
30 pct alloy and that, consequently, more precise 
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decay curves could be obtained. The present paper 
describes detailed experiments of this type carried 
out with the 33.5 pct solid solution. Inasmuch as 
equilibrium measurements of atomic mobility for 
this solid solution had not been carried out pre- 
viously, such measurements are also included. 

The theory required for the interpretation of the 
measurements has been presented in the earlier 
papers.” For the sake of completeness, the basic 
equations are briefly outlined below. 


Theory 
The rate of relaxation, r', is determined by the 
product of the concentration of defects, c, (ex- 
pressed as an atom fraction) and the rate of jump 
of defects, or 


Ace *":/"" [1] 


where AH, is the heat of activation for movement 
of a defect and A is a frequency factor. The defects 
may be considered to be vacancies, in order to be 
specific. If the two component atoms of the binary 
solid solution do not jump into a vacancy at the 
same rate, then, as mentioned in the previous sec- 
tion, the quantity AH, should correspond to the 
slower moving component, i.e., AH, is the larger of 
the two heats of activation for vacancy jump. Under 
conditions of thermal equilibrium, the vacancy con- 
centration is given by c, where 


c {2} 


The dimensionless quantity B is related” to the en- 
tropy of formation of a defect, while AH, is its heat 
of formation. Thus, the equilibrium value of +r may 
be written 

9, [3] 
where H, is the composite “activation energy” for 
relaxation, given by 


H, AH, + AH, 14] 


The value of H, may not be precisely the same as 
the “activation energy” obtained from a diffusion 
experiment if the two component atoms diffuse at 
different rates. The quantity 7, is equal to (AB)”. 

In a quenched specimen, the concentration of 
defects, c, to be inserted in Eq. 1 is much greater 
than the equilibrium value, and decays in time 
toward c. In general, the function is written c 
c(t), with c(0) for the concentration frozen in by 
quenching. From equilibrium measurements of 7 
as a function of temperature, and from measure- 
ments of r(0), the value obtained immediately after 
quenching, as a function of temperature, the quan- 
tity c(0) may be estimated. The freezing-in tem- 
perature, T,, defined as the temperature at which 
c = c(0), is then given by 


c(0) 


The freezing-in temperature can be less than or 
equal to the quenching temperature. The decay 
curve, which shows the variation of +‘ with time 
after quenching at constant temperature, is also a 
measure of the time variation of the concentration 
of defects at the temperature of measurement, since 
from Eq. 1 


Be SH, /RT, [5] 


[6] 
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Eq. 6 is only valid as long as one type of defect is 
operative. 
Specimens and Procedure 

The Ag-Zn specimens used in this investigation 
were prepared by melting electrolytic silver and 
high purity zinc in a graphite crucible under char- 
coal. The casting was homogenized at 650°C, after 
which it was reduced in diameter by rolling and 
swaging. Finally, it was cold drawn to a diameter 
of 0.032 in. In order to grow coarse grains (to avoid 
complications due to grain boundary relaxation") 
the drawn wire was sealed under vacuum in a 
quartz tube and heated to 650°C where it was held 
for five days. The final specimens contained 33.5 
atomic pet Zn. 

The relaxation time is obtained either from the 
position of an internal friction peak (when 7r< 1 sec) 
or from measurements of elastic after-effect (when 
7 is in the range between 10 and 10,000 sec). For 
the internal friction measurements, if T,, is the tem- 
perature of maximum damping, the relaxation time, 
7(T,,) at this temperature, is obtained” from the 
equation 


7(T,.) (2af)* 7) 


where f is the vibration frequency. For an elastic 
after-effect measurement, the wire specimen is 
twisted through a desired angle for an appropriate 
length of time, then, upon release of the applied 
torque, the residual (anelastic) strain is measured 
as a function of time. A plot of the anelastic strain 
against the logarithm of the time shows an inflec- 
tion point at a time ;,, called the “time to inflection.” 
Under equilibrium conditions, when the relaxation 
time ; is not changing with time, this quantity 7, is 
equal to r. For the quenching experiments, on the 
other hand, where ; is a function of time, a correc- 
tion is required to relate the measured time to in- 
flection to the appropriate relaxation time.” This 
correction was important in the earlier experiments, 
where the decay rates were so rapid that the change 
in relaxation time between successive measurements 
was large. In the present experiments the decay 
rates are much slower, so that r, is equal to r+ with- 
out significant correction, and the use of the symbol 
7, is therefore superfluous. 

In the quenching experiments, the specimen, sup- 
ported against a heavier wire, is held at 400°C in a 
nitrogen atmosphere for 4 min, then allowed to fall 
freely into a tube containing water at room tem- 
perature. (It has been shown” that the results ob- 


Table |. Principal Numerical Results of Measurements 
and Calculations 


Measured Quantities 


H,, keal per mol 
log ro (sec! 

AH,, kcal per mol 
log Aci0) (sec!) 


Deduced Quantities 


AH;+, Keal per mol 
0 
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Fig. 1—Variation of the equilibrium time of relaxation with 
temperature, corresponding to a composite “activation en- 
ergy” of 30.5 kcal per mol. 


tained are independent of the annealing time at the 
quenching temperature.) After this quenching op- 
eration, the specimen is mounted in the measuring 
furnace which is at the desired temperature. The 
time of relaxation is determined as a function of the 
total time at temperature from a series of elastic 
after-effect measurements. Inasmuch as the decay 
at room temperature is negligible over a period of 
several hours, the total time may be measured from 
the time of insertion of the specimen into the meas- 
uring furnace. The error due to the time required 
for the wire to reach temperature and to the time 
for the furnace temperature to become stabilized, 
means that the first relaxation measurement is often 
less reliable than the rest. Except for this initial 
instability, the temperature is held to + %°C by 
means of an electronic proportioning temperature 
controller. 


Equilibrium Measurements 


The relaxation time under equilibrium conditions, 
for the 33.5 pet Ag-Zn alloy, is shown as a function 
of temperature in Fig. 1. The two points at the 
high temperature end of the curve are obtained 
from internal friction peaks at two different fre- 
quencies; the remaining points are obtained from 
the elastic after-effect measurements. Although a 
straight line is obtained in Fig. 1, previous measure- 
ments’ on Ag-Zn alloys of lower zinc concentration 
have shown that when the data are extended to 
higher temperatures by the use of high frequency 
internal friction measurements, the plots of log + 
against T ‘ show a small but definite curvature. This 
result implies that the quantity H, (Eq. 3) is a 
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Fig. 2—Internal friction (Q'') during rapid heating (open 
circles) and ceoling (solid circles) of the quenched Ag-Zn 
alloy. The solid curve represents the equilibrium internal 
friction peak. Frequency of vibration is 0.18 sec '. 


slowly-varying increasing function of temperature. 
In the range of Fig. 1, however, appreciable devia- 
tion from a straight line is not detectable. The best 
values of the parameters in Eq. 3, obtained from 
Fig. 1, are H, 30.5 keal per mol and log r, 14.1. 
These values, together with their estimated relia- 
bility, are listed in Table I. 


Nonequilibrium Measurements 

As in the earlier experiments, quenching a speci- 
men from 400°C into water at room temperature 
results in abnormally short relaxation times at low 
temperatures. A specimen slowly cooled or dropped 
out of the furnace into still air shows no such effects, 
and is therefore assumed to be more nearly in equi- 
librium than the water-quenched specimen. The 
effect of varying the quenching temperature has 
already been observed;” in the present experiments 
the quenching temperature is always 400°C. 

Static measurements (e.g., elastic after-effect 
measurements) are better suited to the study of 
quenched specimens than internal friction measure- 
ments because the latter must be measured at higher 
temperatures where the rate of decay of the quench- 
ing effects becomes very large. It was felt, however, 
that internal friction measurements on a quenched 
specimen might be very illustrative, qualitatively, 
of the effects of quenching. According to the inter- 
pretation given to these measurements, the atomic 
jump time, and therefore the relaxation time, is de- 
creased by quenching because of the abnormally 
high defect concentration. For a given vibration fre- 
quency, it follows from Eq. 7 and the temperature 
dependence of r that the effect of quenching is to 
shift the peak to lower temperatures. Due to the 
rapid decay of the effects of quenching at tempera- 
tures near the internal friction peak, it is expected 
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that the peak will be moving toward higher tem- 
peratures during attempts to measure it. Accord- 
ingly, the quenched specimen was heated as quickly 
as possible while measurements of internal friction 
and temperature were taken in rapid succession. 
When the temperature reached 280°C, the furnace 
power was shut off and cooling data taken in a sim- 
ilar fashion. The results are shown in Fig. 2, where 
each measured value of internal friction is plotted 
against the average temperature during the meas- 
urement. The results show that the peak was con- 
stantly moving to the right during the course of the 
measurements, so rapidly in fact, that it was not 
possible to climb over the peak until a temperature 
of 190°C had been reached. Beyond this point, the 
data follow the solid curve, which represents the 
equilibrium internal friction peak, both on heating 
and cooling. When the same experiment was carried 
out with a slower rate of heating of a quenched 
specimen, similar results were obtained, but the 
values of internal friction attained in the vicinity 
of 100° to 150°C were not as high as in Fig. 2 and 
equilibrium was attained at a lower temperature. 
Thus, nonequilibrium internal friction effects must 
be measured very rapidly, with a resulting loss in 
ability to follow the approach to equilibrium. Such 
experiments, however, are of qualitative value in 
demonstrating that the relaxation peak is moved to 
a lower temperature by quenching, and therefore 
that the atomic mobility is increased. 

By means of static measurements, it becomes pos- 
sible to study the approach to equilibrium quanti- 
tatively. Fig. 3 shows the variation of r with time 
after quenching, obtained by means of elastic after- 
effect measurements at 69°C. This figure is essen- 
tially a decay curve, as defined earlier, except that 
the ordinate is r in place of r'. Extrapolation of 
Fig. 1 shows that the equilibrium value of the re- 
laxation time at 69°C is about 2x10° sec. The initial 
relaxation time after quenching, 7(0), obtained by 
extrapolating the data of Fig. 3 to zero time, is about 
75 sec. The data of Fig. 3 are represented closely 
by two straight lines, with a sharp break at about 
r 800 sec. Beyond this break, data are observed 
to fall along the second straight line out to 5000 min 
(i.e., well beyond the range shown in Fig. 3). The 
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Fig. 3—Variation of the relaxation time with total time at 69°C 
for a quenched specimen. Equilibrium relaxation time equals 
2x10" sec. 
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Fig. 4—Curve A: Initial relaxation time after quenching as 
a function of temperature of measurement. Curve B: Varia- 
tion of the decay time with temperature for stage |. 


occurrence of such breaks will be discussed further 
below. It should be noted here, however, that the 
abrupt decrease in the rate of decay cannot be at- 
tributed to the fact that the relaxation time is ap- 
proaching its equilibrium value, since the break oc- 
curs when the relaxation time is still about 250 times 
smaller than the value of ; for this temperature. 
From a series of decay curves at different tem- 
peratures, similar to that of Fig. 3, values of the 
initial relaxation time, 7(0), may be obtained as a 
function of temperature; the results are given in 
Fig. 4, curve A. The higher the temperature, the 
less accurate the extrapolation to zero time; the 80°C 
point is therefore considered the least reliable. Be- 
low 50°C the rate of attainment of equilibrium is too 
slow to permit the measurement of decay curves. 
However, additional points are obtainable below 
50°C, since the initially measured relaxation time 
at these temperatures may be taken equal to 7(0) 
with negligible correction. From Eq. 1 with c(0), 
the initial concentration of defects directly after 
quenching, substituted for c, it is clear that the slope 
of the straight line of Fig. 4A yields the quantity 
AH,, while the product Ac(0) is obtained from the 
intercept. The values obtained and their estimated 
reliability are listed in Table I. From H, and AH,, 
the quantity AH, may be obtained,* Eq. 4. It is also 
As noted in the previous paper,’ the quantities H, and AH; are 
measured in different temperature ranges. Since H- is known to be 
a function of temperature, this calculatior of AH, is not strictly 
valid. The error resulting from the failure to take this temperature 


dependence into account is probably small, and such as to yield a 
value for AH+ smaller than that calculated here 


possible to obtain c(0) as follows. The quantities 
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Ac(0) and AB(~ -,') are already known experi- 
mentally, while B can be estimated from theoretical 
considerations” to have a value of 3.0 (probably to 
within a factor of 2). The concentration of imper- 
fections trapped by quenching, c(0), is therefore 
estimated to be 2.5x10°. This value is probably re- 
liable to within a factor of 5, in view of the uncer- 
tainties in the quantities from which it is calculated. 
The value of the equilibrium concentration of va- 
cancies at the melting point (the solidus tempera- 
ture) of the alloy is readily obtained from Eq. 2, to be 
c (m.p.) 7x10° 

to within a factor of about 2.5. In the calculation 
of this quantity, no account is taken of the possible 
dependence of AH, on temperature. If such a cor- 
rection were required, however, a still larger value 
would be obtained for ¢ (m.p.). The above value is 
larger than the equivalent quantity for pure copper 
calculated theoretically.” 

The freezing-in temperature, T,, defined by Eq. 5 
may also be calculated from the results reported 
thus far. The value obtained is 360°C, and is prob- 
ably reliable to about + 40°C. This result is there- 
fore consistent with the fact that the quenching 
temperature is 400°C. There is no reason to require 
that T, be equal to the quenching temperature, i.e., 
that all defects present at the quenching tempera- 
ture be frozen in. On the contrary, the earlier ex- 
periments,” which determined the dependence of 
initial relaxation time at a given temperature of 
measurement on the quenching temperature, show 
that defects present at the quenching temperature 
are not completely frozen in. These various deduced 
quantities, c(0), c(m.p.), and T,, are listed in 
Table I. 

The most significant results obtained from these 
experiments are the decay curves. In view of Eq. 6, 
the ratio r(0)/r(t) represents the concentration of 
defects at any time t relative to the value c(0) 
frozen in by quenching. When this ratio is plotted 
on a logarithmic scale against the time, the curves 
obtained may be represented by two intersecting 
straight lines, as shown in Fig. 5. (In some of the 
runs, however, a slight negative curvature is indi- 
cated at the start of the decay curves.) The occur- 
rence of a sharp break was already noted in the case 
of the 69°C measurements given in Fig. 3. 


(HOURS) 

Fig. 5—Decay curves showing the variation of the reciprocal of 
the relaxation time (relative to its initial value) with total time 

at four different temperatures of measurement. 
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Fig. 6—Dependence of the parameters of stage II of the 
decay curves on the temperature. Curve A: Initial relaxation 
time, Curve B: Decay time, @::. 


The decay curves of Fig. 5 are suggestive of the 
occurrence of two stages in which there is a distinct 
difference, either in the manner by which relaxation 
is produced or in the mechanism of the decay of 
imperfections. The early portion of the decay curve, 
before the sharp break, will be designated “stage I,” 
and the later portion, “stage II,” for convenience in 
future reference. The slope of the decay curve in 
stage I may now be obtained as a function of tem- 
perature. Since the curve is approximately a straight 
line, it may be represented as 

7(0)/r e [8] 


where @ may be termed the decay time. The tem- 
perature dependence of @ should be of the form 


The quantity AH’,, which is an effective heat of 
activation for the decay of defects in stage I, may 
not be the same as the quantity AH,, derived from 
the variation of r(0) with temperature. A difference 
may be expected, first because the rate of relaxation 
is controlled by the slower moving atomic species 
of the binary solid solution, as already mentioned 
in the theory section, while the rate of migration of 
defects is controlled by the faster moving compo- 
nent. This factor acts to make AH’, smaller than 
AH,. On the other hand, the rate of atomic mobility 
has been shown’ to be strongly concentration depen- 
dent; it is therefore to be expected that defects, in 
moving through local variations in concentration in 
the alloy, will be held up for relatively long periods 
in certain regions, i.e., where the heat of activation 
for jump is larger than the average value. The de- 
cay rate is controlled by the rate of jump in these 
special regions. This factor acts to make AH’, larger 
than AH,. In view of these two opposing factors, it is 
not clear as to whether AN’, should be smaller or 
larger than AH,,. 
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Experimental values of @ as a function of tem- 
perature are given in Fig. 4B. It is difficult to obtain 
a precise value of AH’,, since measurements are lim- 
ited to a narrow temperature range. In addition, as 
already shown in the previous work,” the decay rate 
is structure sensitive; a small amount of cold work- 
ing changes this rate appreciably. In the present 
experiments the wire specimen, used for the series 
of runs of Fig. 5, was accidently dropped and bent 
before the 80°C run, but after measurements had 
already been obtained at 51°, 60°, and 69°C. It is 
found that the slope of the 80°C decay curve does 
not fall into agreement with the corresponding 
values at 50° to 70°C given by Fig. 4B, but instead, 
the 80°C value of @ is about a factor of 1.9 too small. 
Correspondingly, repetition of runs at 50° and 70°C 
shows that the value of @ at these temperatures sub- 
sequent to the accidental bending, is lower by about 
the same factor.: Annealing at 400°C for 15 min 

t The authors are not completely certain that the bending of the 
specimen was entirely responsible for the subsequent change in 


decay rates. Other changes in the specimen, not as clearly defined, 
may have occurred at about the same time. 


does not seem to produce recovery of the original 
decay rate. The three determinations of @ before 
the 80°C run are plotted in Fig. 4B; they indicate a 
value of AH’,, possibly slightly larger than the quan- 
tity 4H, obtained from Fig. 4A. Since any difference 
in slope of the two lines is within experimental 
error, it seems that, pending further measurements, 
AH’, may be considered to be equal to AH, for this solid 
solution. It should be noted that in the earlier meas- 
urements on the 30 pct alloy,” it appeared that AH’, 
may be about 2 to 3 kcal per mol less than AH, (just 
outside of experimental error). 

Under the assumption that the two straight lines 
of Fig. 4 are parallel, the value of @, 10° sec is 
obtained for the temperature independent factor of 
Eq. 9. The value of @ at the freezing-in temperature 
(360°C) is then found to be 0.03 sec. This decay 
time is in good agreement, in order of magnitude, 
with the anticipated time of quenching, and there- 
fore serves as a check on the self-consistency of the 
results of these experiments. 

It is useful to estimate the mean number of jumps, 
N, of a defect (for stage I) before it is rendered 
inactive. For this purpose, the ratio of the decay 
time, #, to mean jump time of a defect must be ob- 
tained. The mean jump time will be assumed to 
vary with temperature with the same heat of activa- 
tion, AH’,, as the decay time (Eq. 9). Since the tem- 
perature-independent factor of the decay time is 
A, 10° sec, and the corresponding temperature- 
independent factor for the mean jump time is of the 
order of magnitude 10“ sec (see ref. 10), the esti- 
mated value of N, obtained from the ratio of these 
two quantities is 10° jumps. 

For the interpretation of the sharp break in the 
decay curves, it is important to know the value of 
the activation energy associated with stage II. A 
heat of activation may be obtained both from the 
dependence of the intercept and of the slope (decay 
time) of the straight line of stage II on the tem- 
perature of measurement, in a way analogous to 
Fig. 4. The results are given in Fig. 6. Besides the 
points derived from the decay curves of Fig. 5, an 
additional run at 90°C is included; this run was not 
included in Fig 4 because at this temperature the 
decay rate in stage I is too rapid to allow a precise 
determination of 7(0). From the data for the inter- 
cept of the straight lines of stage II, a heat of acti- 
vation to 25 kcal per mol is obtained. This result is 
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greater than the value of 4H, obtained from stage I 
by an amount which seems to be well outside of 
experimental error. The decay times in stage II 
(Fig. 6B) give a heat of activation of 23.5 keal per 
mol, but the uncertainty in this value is large. 

Although the heats of activation associated with 
stages I and II differ, the magnitude of the relaxa- 
tion effects are not detectably different in the two 
stages. This result is significant, since it indicates 
that the nature of the atomic rearrangement pro- 
duced by the application of stress to this alloy is the 
same in both stages. 


Comparison with Previous Results 

The previous experiments” on the freezing-in of 
defects were conducted on an Ag-Zn alloy containing 
30 atomic pct Zn, as contrasted to the present 33.5 
atomic pct solid solution. A comparison of the prin- 
cipal results of the two sets of experiments seems 
desirable at this point. 

The equilibrium measurements on the two alloys 
show that relaxation takes place more rapidly for 
the 33.5 pct alloy. This difference is attributed to 
the fact that H, is 1.0 kcal per mol larger for the 
30 pet alloy. This small but experimentally signifi- 
cant change of H, with zine concentration is in keep- 
ing with earlier equilibrium measurements on a 
series of Ag-Zn alloys.’ The nonequilibrium meas- 
urements for the 30 pct alloy seem to show that this 
difference in H, enters entirely into the term AH,, 
and that the values of AH, are the same for the two 
alloys. In view of the uncertainties in the deter- 
minations of \H,, however, it is probably more likely 
that the 1 kcal per mol difference in H, is taken up 
by both AH, and AH,. The value of AH, obtained in 
the present experiments is more reliable than that 
obtained for the 30 pct alloy because of the wider 
range of measurement and the greater precision in 
the determination of 7(0). The estimated values of 
c(0), ef m.p.), and T, are consequently more reliable 
in the present experiments, although their values 
are in agreement within experimental error with the 
same values for the 30 pct alloy. 

The most important difference in the nonequilib- 
rium behavior of the two alloys is in the decay rates. 
The value of @ (for stage I) for the present alloy at 
60°C is 250 min, while the equivalent value observed 
for the 30 pct alloy at the same temperature is about 
58 min. The decay rate is, therefore, more than four 
times greater in the 30 pct alloy, in spite of the fact 
that the equilibrium atomic mobility is actually 
lower in this alloy. Thus the ratio @/7(0) is about 
100 in the present case, and only 14 in the earlier 
work. There are two possible explanations for this 
large difference: First, the structure sensitivity of 
the rate of decay, as illustrated” by the fact that a 
small amount of cold working results in a change in 
decay rate of almost a factor of two, suggests a 
possible difference in dislocation density in the two 
alloys. Second, the measurements on the 30 pct alloy 
indicate that the heat of activation, 4H’,, which con- 
trols the decay rate, may be somewhat lower than 
AH,. In the present experiments, however, Fig. 4 
shows that AH’, is at least as large as AH,, if not 
larger. Thus, in spite of the more rapid equilibrium 
relaxation in the 33.5 pct alloy, the value of AH’, 
may be larger in this case than in the 30 pct alloy. 
In order to determine which of these two explana- 
tions best explains the large differences in the rate 
of decay of defects in the two alloys, further experi- 
ments are necessary. 
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Discussion 
The self consistency in the interpretation given to 
these experiments is indicated by the reasonable 
values obtained for three of the quantities deduced 
from the experimental results: the freezing-in tem- 
perature T,, the value of @ at T,, and the equilibrium 
defect concentration at the melting point c (m.p.). 

The most striking result is the form of the decay 
curves; the remainder of this discussion will there- 
fore be devoted to this subject. It is noteworthy that 
the decay curves in both stages I and II obey a sim- 
ple exponential of the form of Eq. 8 within experi- 
mental error (except for a slight curvature at the 
start of some of the curves, as reported above). The 
linearity of the decay curves indicates that the 
process of decay is similar to a first-order reaction, 
i.e., that the defects are annihilated or rendered in- 
effective at fixed points in the crystal. An alterna- 
tive possibility, that the defects combine to form 
pairs, would result in a curve that corresponds to a 
second-order reaction, the decay rate then decreas- 
ing proportionately to the time. The present data 
are not in agreement with this latter possibility. 

From the number of jumps, N, made by a defect 
in stage I before it becomes inactive, it is possible 
to test the hypothesis that vacancies and similar 
lattice defects are brought to equilibrium principally 
at edge dislocations” in this stage. If it is assumed 
that the dislocation density has the reasonable value 
of 10° cm“, then one lattice site in 10° lies on a dis- 
location line, in agreement with the calculated value 
of N (Table I). The fact that the decay is a first- 
order reaction is consistent with the belief that the 
defects terminate at dislocations. Finally, the pre- 
vious demonstration,” that cold working produces 
an increase in the decay rate in the early stage, is 
also in accordance with this belief. In view of the 
calculated result that c(0) is of the order of 10%, it 
becomes difficult to understand why annihilation of 
defects is not accomplished by their combination to 
form pairs (in the form of a second-order reaction), 
which would require, at the outset, only 10° jumps 
instead of the 10° required to reach a dislocation 
trap. If combination to form defect pairs results in 
a lowering of the energy of the system (as indicated" 
at least for the combination of single vacancies to 
form divacancies) this implies an attractive force 
between individual defects at close range. It does 
not follow, however, that there may not be a long- 
range repulsion between defects which would great- 
ly lower the probability of their combination. This 
question deserves further theoretical investigation. 

The tendency for the decay rate to decrease 
sharply, when the relaxation time reaches about ten 
times its initial value, 7(0), is reported” on the basis 
of the earlier quenching experiments on the 30 pct 
Ag-Zn alloy. In view of the slower decay rates in 
the present 33.5 pet alloy, and consequently the 
higher precision attainable, it is shown that the 
decay curves break more sharply than had been sus- 
pected from the earlier measurements; in fact, the 
curves reported in this paper can usually be repre- 
sented as two intersecting straight lines, within ex- 
perimental error. The authors have considered sev- 
eral possible explanations for this sharp break and 
will outline these below. 

One possible explanation, proposed earlier,” is the 
exhaustion of the dislocation sites or other sinks at 
which defects are absorbed, i.e., it is assumed that 
these sites have only a limited capacity for the 
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absorption of defects and that once these sites are 
filled the decay rate of defects will be greatly de- 
creased. If this hypothesis were correct, a gradual 
rather than an abrupt decrease in decay rate would 
be anticipated. Furthermore, the activation energy 
associated with stage II should then be the same as 
that of stage I, in contradiction to the present ex- 
perimental results. 

A second explanation is based on the existence 
of local regions in which the mobility of a defect is 
considerably slower than in the bulk of the lattice. 
Such regions are referred to here as S-regions. Since 
it has already been shown’ that the average mobility 
in a series of Ag-Zn alloys depends strikingly on 
the composition, it is clear that within a solid solu- 
tion both the probability of finding a defect and the 
mobility of a defect will fluctuate considerably from 
one lattice position to another. S-regions may there- 
fore exist due to these fluctuations in composition. 
Another possibility is that lattice positions near dis- 
locations may serve as S-regions. It then seems rea- 
sonable that in stage I the defects present in the 
bulk of the lattice directly after quenching control 
the rate of atomic movement, while in stage II re- 
laxation is controlled by those defects released from 
S-regions. The higher activation energy in stage II 
is thus readily explained. In order to account for 
the sharpness of the break in the decay curve, it is 
necessary to assume a high degree of similarity in 
the various S-regions throughout the lattice. It is 
also necessary that the capacity of these S-regions 
for defects be very large, to account for the contin- 
uance of the straight line of stage II out to long 
times, as observed experimentally. 

The final explanation, proposed to account for the 
sharp breaks in the decay curves, is the existence 
of two types of defect present in nonequilibrium 
quantities upon quenching, each capable of produc- 
ing atomic mobility independently of the other. The 
decay curve may be described as due to the pre- 
dominance of one defect in producing relaxation in 
stage I, and to the predominance of the second de- 
fect when the concentration of the first is greatly 
decreased, in stage II. The sharpness of the break is 
then a consequence of the logarithmic scale, in much 
the same way as the sharp break obtained in the 
plot of log D (diffusion coefficient) against T' when 
both volume and grain-boundary diffusion occur 
simultaneously.“ This hypothesis also provides a 
natural explanation for the different activation  n- 
ergies associated with the two stages. In accordance 
with this hypothesis, an equation analogous to Eq. 1 
may be written for the defect responsible for stage 
Il. The results of Fig. 6A then indicate that the 
quantity Ac(0) for stage II is about 10° (or 100 
times larger than the corresponding quantity for 
stage 1). This means that either A or c(0) for stage 
II defects is much larger than the same quantity for 
stage I. It is not reasonable to expect much more 
than a concentration of 10°* for stage II defects, but 
it is possible that the frequency factor A is 100 times 
larger than for stage I if a large positive entropy of 
activation were associated with the movement of 
the stage II defect. 

In view of the above discussion, it seems that only 
the first of the three proposed explanations for the 
break in the decay curve is inconsistent with the 
present experimental results. 


Summary 
A study is made of atomic mobility, in an Ag-Zn 
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solid solution containing 33.5 atomic pct Zn, by 
means of anelastic methods. Measurements are 
made both under conditions where lattice defects 
are in equilibrium and in the presence of a large 
excess of defects frozen into the lattice by quench- 
ing. The quenching experiments make possible the 
separation of the composite “activation energy” for 
atomic mobility under equilibrium conditions into a 
heat of activation for movement of a defect, equal 
to 18.6 kcal per mol, and the heat of formation of a 
defect, equal to 11.9 kcal per mol. It is estimated 
that about 0.03 atomic pct of defects are frozen in by 
quenching from 400°C into water. 

The decay curve, which is essentially a plot of the 
logarithm of the atomic mobility as a function of 
time after quenching (at constant temperature), is 
closely represented by two intersecting straight 
lines; the sharp break occurs when the mobility 
reaches about one-tenth its initial value after 
quenching. Various possible explanations are given 
for the existence of two distinct stages in the decay 
process. 
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Measurement of Approximately Cylindrical Particles 


In Opaque Samples 


by Robert L. Fullman 


Relationships are derived between average dimensions measured 
on a polished cross section and the spatial dimensions of particles 
dispersed as uniform cylinders. The equations are applicable to the 
measurement of rods or plates without the stipulation that they be 


extremely thin. 


UANTITATIVE analysis of the elements of mi- 

crostructures has been limited by a lack of 
knowledge concerning the relationships between ob- 
servations on plane surfaces and the spatial nature 
of the structure. This paper is an extension of pre- 
vious efforts to establish equations suitable for the 
quantitative investigation of microstructures. The 
equations derived fill two gaps in the range of par- 
ticle shapes for which measurements may be re- 
quired, namely those shapes lying between extreme- 
ly thin plates and equiaxed particles (approximately 
spherical), and those intermediate between equiaxed 
particles and extremely thin rods or needles. 

In a previous paper’ equations were developed 
relating dimensions measured on a polished cross 
section to the average spatial dimensions of particles 
in the form of spheres, extremely thin plates, and 
extremely thin rods. For extremely thin rods the 
dimensions measured on a polished cross section 
were found to depend on the radius only, so that no 
information concerning the rod lengths or number 
of rods per unit volume could be obtained from ob- 
servations on a cross section. In this paper equa- 
tions are derived relating dimensions measured on a 
polished cross section to the spatial dimensions of 
particles in the form of identical cylinders. These 
equations may be used to evaluate the dimensions 
of rods, as well as the dimensions of plates, without 
the stipulation that the plates or rods be extremely 
thin. The impossibility of evaluating the length of 
extremely thin rods from planar measurements ap- 
pears as an increase in the amount of data required 
for a given precision, as the length-radius ratio 
increases. 

Consider a sample containing particles of a phase 
in the form of cylinders of uniform radius r and 
height t. If the cylinders are randomly oriented, as 
in a sufficiently large sample of a fine grained poly- 
crystalline material, area and lineal analysis may be 
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Fig. 1—Diagram of a cylindrical particle 
in a unit cube. 


carried out with parallel cross-sectional planes and 
lineal traverses. If the cylinders are not randomly 
oriented, it is necessary to randomize the orienta- 
tions of the cross-sectional planes and traverse lines. 
Let a unit cube be cut from the sample, and a cross- 
section plane be passed through the cube parallel to 
one of the cube faces. The number of particles N, 
cut by the cross-sectional plane per unit area is 
equal to the number of particles N, per unit volume 
times the probability p, of a plane intersecting a 
single randomly positioned and randomly oriented 
cylinder in the cube. Let J be the maximum cylin- 
der dimension in the direction normal to the cross- 
section planes, as shown in Fig. 1. Since, of the 
various possible positions for the cross-sectional 
plane over the unit length from top to bottom of the 
cube, only those positions existing over the length J 
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would lead to the plane intersecting the cylinder, 
the probability of intersecting a single cylinder is 
equal to J, the mean value of J for all possible orien- 
tations of the cylinder. 

Let @ be the angle between the cylinder axis and 
tae normal to the cross-sectional planes, and let 
p.dé be the probability that a cylinder orientation 
is described by an angle between ¢ and ¢ + dé. Then 
for randomly oriented cylinders p, sin @ Let 
p,dJ be the probability that a given particle has a 
maximum dimension between J and J + dJ in the 
direction perpendicular to the cross-section planes. 
Referring to Fig. 1, 


J 2r sind + t cos 
dd sin 

dJ ércos@—tsind 


‘Lhe average value of J is equal to the integral, over 
all possible orientations, of the product of J and its 
probability. 


Jp,dJ 
1 
(2r sin + t cos sin ddd — (ar + t). 


N, 
N, N.p, N.J (mr + t). [1] 
Combining Eq. 1 and the equality of volume and 
area fractions f, a relationship is obtained between 
the average area s of particles intersected by a ran- 
dom cross section and the particle dimensions. 


f = = Nvar't Nis 


- 2 (ar + t) Ss. 
— [2] 
Eq. 2 may be compared with the equations de- 
rived previously, Eq. 1, for extremely thin plates 
»t, Eq. 2 reduces to s 2rt, as was 
t, Eq. 2 reduces to 


and rods. If r> 
found for very thin plates. If r< « 
8 2rr’, as was found for very thin rods. 

If randomly placed lines are passed through the 
unit cube parallel to an edge, the number N, of 
particles per unit length intersected by the lines is 
equal to the number of particles per unit volume 
times the probability p, that a line will intersect a 
single randomly positioned and randomly oriented 
cylinder in the cube. Let a be the area of the projec- 
tion of a cylinder on the plane perpendicular to the 
traverse lines, as shown in Fig. 1. Since, of the va- 
rious positions for the traverse line over the unit 
area of the cube top, only those positions within the 
area a would lead to the line intersecting the cyl- 
inder, the probability of intersecting a single cylin- 
der is equal to a, the mean value of a for all possible 
orientations of the cylinder. 

Cauchy** has shown that the average projected 
area of a convex particle* is equal to one-fourth 


*A convex body, in the sense used here, is one whose surface 
cannot be pierced in more than two places by any straight line 


the particle’s surface area. Therefore, p a 


+ rt)/2. 


N,(r° + rt). [3] 


7 
N, p N, 
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Combining Eq. 3 with the equality of volume and 
lineal fractions f, a relationship is found between 
the average traverse length l and the particle di- 
mensions. 


1 
—N, + rt) 
3 ( ) 


[4] 


Eq. 4 may be compared with the equations pre- 
viously derived for extremely thin plates and rods. 
If r >> t, Eq. 4 reduces to l 2t, as was found for 
very thin plates. If r << t, Eq. 4 reduces to l 2r, 
as was found for very thin rods. Before applying 
Eqs. 2 and 4 to the analysis of moderately thick 
plates or rods, it is desirable to estimate the degree 
to which the equations are sensitive to the precise 
shape assumed, i.e., circular cylinders. If, for ap- 
proximately equiaxed cylinders, the equations cor- 
respond to those previously found for spheres,’ they 
may be applied with confidence to plates and rods 
that depart significantly from extreme thinness. Eq. 
2 corresponds to that for a sphere (s 2nr°/3) for 
t mr/2, and Eq. 4 corresponds to that for a sphere 
(l 4r/3) for t 2r. Both of these relationships 
correspond to roughly equiaxed cylinders. 

In order to find the particle dimensions in terms 
of the average particle area s and average traverse 
length l, or in terms of the volume, area, lineal, or 
point fraction f of the phase and the area and lineal 
counts N, and N,, Eqs. 2 and 4 or 1 and 3 may be 
combined. 


astV a's 


—22(7—1) l’s 


[5] 
2nl 
l(as + V a’s* — — 1) 
t —. [6] 
2( as + \/z's 2z7(7—1) — al’) 
aN, + \ — 1) fN, 
r —— {7] 
2aN 
t (of, = 1) §N.) £8} 
2N, (aN, + 1) fN,—a7fN.) 


In Eqs. 5 to 8, the positive sign is used before the 
radical for particles in the form of plates, and the 
negative sign for particles in the form of rods. 


Conclusions 

Equations have been derived permitting the eval- 
uation, from measurements on polished cross sec- 
tions, of the dimensions of particles dispersed as 
uniform cylindrical plates or rods. The validity of 
the equations is not limited to extremely thin plates 
or rods nor to particles of exactly cylindrical shape. 
The relationships do not appear sufficiently simple 
to encourage their extension to the analysis of non- 
uniform particles. 
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